Technische Universitat Minchen

Department of Chemistry and Catalysis Research Center

Chair of Technical Electrochemistry

Studies on the Differentiation and Quantification
of Degradation Phenomena in Silicon-Graphite Anodes

for Lithium-Ion Batteries

Morten Wetjen

Vollstandiger Abdruck der von der Fakultat fiir Chemie der

Technischen Universitat Miinchen zur Erlangung des akademischen Grades eines
Doktors der Naturwissenschaften (Dr. rer. nat.)

genehmigten Dissertation.

Vorsitzende: Prof. Dr. Corinna R. Hess

Priifer der Dissertation: 1. Prof. Dr. Hubert A. Gasteiger
2. Prof. Dr. Bastian Markisch

3. Prof. Dr. Andreas Hintennach

Diese Dissertation wurde am 20.07.2018 bei der Technischen Universitat Miinchen

eingereicht und durch die Fakultat fiir Chemie am 31.07.2018 angenommen.






Abstract / Kurzfassung

Abstract

Silicon is the most promising anode active material for future lithium-ion batteries
and an integral part of most development roadmaps to improve the energy density.
However, the realization of its high theoretical specific capacity on a cell level is
largely impaired by dramatic volumetric changes of the silicon particles upon
repeated (de-)lithiation and ongoing side reactions at the silicon/electrolyte
interface. For that reason, it is the overarching goal of this PhD thesis to develop a
more comprehensive and quantitative understanding of the underlying
degradation phenomena of blended silicon-graphite anodes and to evaluate their
impact on practical lithium-ion batteries. Hence, we introduce a new LiFeP0O4-based
pseudo full-cell configuration to differentiate the degradation phenomena and
investigate them post mortem by means of electron microscopy, impedance
spectroscopy, and 1°F-NMR spectroscopy. Further, we introduce neutron depth
profiling (NDP) as a powerful technique to monitor lithium concentration gradients
in silicon and graphite-based anodes, which we use to investigate depth- and
quantity-resolved the solid-electrolyte-interphase (SEI) growth across the entire
thickness of an electrode. Finally, we evaluate new strategies to realize silicon-
based anodes in lithium-ion batteries regarding their efficacy and applicability,
including prelithiation of SiG//NMC811 full-cells, sacrificial salts in SiG//LNMO

full-cells, and new electrolyte additives.



Kurzfassung

Silicium ist das vielversprechendste Anoden-Aktivmaterial fiir zukiinftige Lithium-
lonen-Batterien und ein fester Bestandteil der meisten Entwicklungs-Roadmaps
zur Verbesserung der Energiedichte. Die Realisierung der hohen theoretischen
spezifischen Kapazitat auf Zellebene wird jedoch durch dramatische volumetrische
Anderungen der Siliciumpartikel bei wiederholter (De-)Lithiierung sowie
fortlaufender Nebenreaktionen an der Silicium/Elektrolyt-Grenzflache stark
beeintrachtigt. Aus diesem Grund ist es das tibergeordnete Ziel dieser Doktorarbeit
ein umfassenderes und quantitatives Verstindnis der zugrunde liegenden
Abbauphidnomene von gemischten Silicium-Graphit-Anoden zu entwickeln und
ihre Auswirkungen auf praktische Lithium-lonen-Batterien zu bewerten. Dazu
fiihren wir eine neue LiFePOs-basierte Pseudo-Vollzellen-Konfiguration ein, um die
Abbauphdnomene zu differenzieren und sie mittels Elektronenmikroskopie,
Impedanzspektroskopie und 1°F-NMR-Spektroskopie post mortem zu untersuchen.
Ferner stellen wir die Neutronentiefenprofilierung (NDP) als leistungsfiahige
Technik zur Bestimmung von Lithiumkonzentrationsgradienten in Silicium- und
Graphitanoden vor, mit der wir das Wachstum der Festkorper-Elektrolyt-
Grenzphase (SEI) Tiefen- und Mengen-aufgelost iiber die gesamte Dicke einer
Elektrode untersuchen. Abschlieflend evaluieren wir neue Strategien zur
Realisierung von Silicium-basierten Anoden in Lithium-lonen-Batterien
hinsichtlich ihrer Wirksamkeit und Anwendbarkeit, einschlief}lich der
Pralithiierung von SiG//NMC811-Vollzellen, des Einsatzes von Opfersalzen in
SiG//LNMO-Vollzellen und neuer Elektrolytadditive.
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1 Introduction

1.1 Dusk or Dawn of Lithium-lon Batteries?

In the 1980’s, many kinds of mobile gadgets, including video cameras, notebooks,
and cellular phones, were gaining increasing popularity.! Secondary nickel-
cadmium (Ni-Cd) batteries were the state-of-the-art technology at that time,
however, their low practical energy density and serious environmental concerns
inhibited them from meeting the increasing demand for mobile high-energy storage
devices.? To overcome this drawback, several companies, including Exxon, Moli
Energy, and Toschiba, were researching on lithium metal batteries.3 Using metallic
lithium as anode promised high energy densities because of its low atomic weight
and low electrochemical potential.* However, these batteries were suffering from
poor cycling performance and severe safety issues caused by the growth of lithium
dendrites during the deposition of metallic lithium on the anode, which led
occasionally to short circuits and even explosions.>® Following a product recall of
cellular phones using lithium/MoS2 batteries from Moli Energy, which was
triggered by a vent of combustible gases and flame formation causing injury to a
consumer, companies and researchers were desperately looking for safer and more

reliable alternatives.”

The lithium-ion battery was originally developed in Japan by Asahi Kasei
Corporation and first commercialized by Sony Corporation in 1991.8 To mitigate
the problems associated with lithium metal anodes, the new cell chemistry was
entirely based on a host-guest concept, also known as rocking-chair chemistry,?
featuring two insertion electrodes in between which lithium ions are moved
reversibly.10 Lithium-ion batteries circumvent the need for metallic lithium by
comprising a carbonaceous anode, e.g., graphite,’! and a lithium-containing
transition metal oxide cathode, e.g., LiCoO2, which acts as the source for cyclable

lithium ions.12 The market launch of this new cell chemistry was preceded by more



1 Introduction

than 15 years of intensive research. In 1976, Stanley Whittingham proposed the
first secondary battery consisting of a titanium disulfide (TiSz) intercalation
cathode and a lithium metal anode.13-15 Just a few years later, Koichi Mizushima,
John B. Goodenough, and Michael Thackeray extended the concept to lithium-
containing transition metal oxide cathodes, including LiCoOz and LiMn204.1617 The
way for the technological breakthrough was finally paved by the seminal work of
Jeff R. Dahn and co-workers,181° who were working at Moli Energy at that time.
They described the intercalation of lithium ions into graphite and petroleum coke-
based anodes as well as the irreversible reaction between the LixC compounds with
a nonaqueous aprotic electrolyte. The concomitant passivation of the
carbon/electrolyte interface, also known as solid-electrolyte-interphase (SEI),2021
allowed an excellent reversibility upon continued charge-discharge cycling, and

thus offered a safer and more reliable alternative to the lithium metal anode.

After its introduction in the early 1990’s, the lithium-ion technology was adopted
immediately because of its high practical cell-level specific energy of ~80 Wh kg-1
which  outperformed incumbent systems, including nickel-cadmium
(20-40 Wh kg1) and nickel-metal-hydride (50-70 Wh kg1).2 In addition, it
convinced with a good cycling performance and the absence of memory effects.3
Driven by the rapid development of the consumer electronics market, including
laptops and smartphones, lithium-ion batteries went through a remarkable
improvement process, yielding cell-level specific energies of up to 150 Wh kg1, high
energy efficiency, and improved safety characteristics.?2 However, the next
challenge is yet to come. As highlighted in recent publications by Thackeray et al.?
and Gallagher et al.,?? today’s lithium-ion batteries are suitable for small-scale
portable electronic devices but they are still too heavy, large, and expensive for
larger applications. For example, the next generation of fully electrified battery
electric vehicles (BEV’s) requires target cell-level specific energies of 250-
300 Wh kg1 (viz., energy per mass), which correspond to a twofold increase of
today’s specific energy of the battery cells in the BMW i3.24 For the energy density
(viz., energy per volume) this discrepancy is even larger, requiring up to 800 Wh L-1
in 2025 on a cell-level which is ~3.5 times higher than the state-of-the-art value.24
Looking at the battery costs reveals a similarly challenging situation. From 2010 to
2016, battery pack prices fell by roughly 80% from about 1000 US$ kWh! to a

current prize of ~225 US$ kWh'1.25 With a further expansion of manufacturing
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capacity by global battery producers, including Panasonic, LG Chem, and BYD,2¢ the
prices are expected to decrease even further to below 190 US$ kWh-1 by 2020.25
However, considering that a 300 km drive requires a battery pack with a name-
plate energy of at least 56 kWh, it is clear that even at these reduced prices the
battery pack cost would still amount to ~10,600 US$.27 As corollary, despite the
remarkable drop in battery prices, in the mid-term fully electrified vehicles will
remain more expensive compared to variants with an internal combustion engine.
For example, the nonsubsidized prices for a Chevy Bolt and Tesla Model 3 are still
well above 35,000 US$ and 40,000 US$, respectively, while the average price for a
new vehicle purchase in Europe amounts to just ~29,500 US$.25 Finally, using
lithium-ion batteries for automotive applications also raises the importance of a
high rate capability. This property is crucial for the fast-charging of the batteries,
e.g., in less than 15 min, to avoid high overpotentials and plating of metallic lithium
which decreases the cycle life and increases the risk of short-circuits.28 Although
state-of-the-art batteries, e.g., in the BMW i3, reveal an excellent rate capability up
to 5.0 h'1 (viz. charge or discharge in 12 min), an increasing acceptance in the mass
market is only possible if future lithium-ion batteries with higher specific energies

also reveal a similar rate capability.242°

Since 1880, the average global temperature has increased by 0.08°C per decade.30
During the previous 30 years, the rate has even more than doubled, risking a severe
long-term impact on marine and terrestrial life.31 CO2 emissions account for ~80%
of the contribution to global warming of current greenhouse emissions.32 To slow
down this development and comply with the CO2z emission targets of the
environmental agencies, e.g., 95 gcoz km-! for passenger cars by 2020 from the
EEA,33 it is mandatory for lithium-ion batteries to overcome the challenges posed
by their implementation as energy source for fully electrified BEV’s. Therefore, it is
time for the lithium-ion battery to initiate the next dawn of high-energy storage
devices and unleash its full potential with respect to specific energy, rate capability,
and cost. The present PhD thesis is aimed to contribute to this development by
critically evaluating silicon as the most promising anode material for future high-

energy lithium-ion batteries.



1 Introduction

1.2 Electrochemistry and Materials of Lithium-lon
Batteries

Figure 1.1 shows a schematic illustration of a lithium-ion battery. It consists of two
insertion electrodes whose open-circuit cell voltage (OCV) is defined by the
difference between the electrochemical potentials (V vs. Li*/Li) of the respective
redox active electrodes. During charge-discharge cycling, lithium ions are shuttled
between the two electrodes through an electrolyte-soaked separator, while the
electrons are conducted separately through an external circuit. To ensure sufficient
ionic and electrical conductivity, the electrodes consist of porous mixtures of active
material particles, conductive additives, and a polymeric binder, which are coated

onto metal foil current collectors.

Al current
collector

Cu current
collector

Graphite Lithium salt in Li;,CoO,
anode (Li,Cy) organic electrolyte cathode

Figure 1.1 Schematic illustration of a lithium-ion battery consisting of a carbonaceous anode and a layered
transition metal oxide cathode. During charge-discharge cycling, lithium ions are moved between the two
electrodes through a carbonate-based electrolyte solution, while the electrons are moved separately through
an external circuit. Image interpreted from Dunn et al.34

Active materials for lithium-ion batteries are commonly described by their specific
capacity (mAhg1) and their mean potential during charge or discharge
(Vmean vs. Li*/Li). The former describes the number of lithium ions that can be

inserted into/extracted from the materials. In accordance with Faraday’s law

(Q° = % - z + F), the specific capacity Q° of an active material is defined by the molar

mass of its constituents M, the number of electrons transferred z, and the Faradaic
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constant F. The product of an active material’s mean potential E, (or E_) and its
specific capacity Q3 (or Q%) describes its specific energy W5 (or W*) in Wh kg1. To
calculate the specific energy for a negative/positive electrode pair, their mass
balance needs to be considered as well, which is described by Equation [1]. As the
specific capacities of the active materials from the negative and the positive
electrode are usually not the same, electrode coatings are commonly prepared with
different active material mass loadings (mgam cm-2). Therefore, the areal capacity
(mAh cm?) is often the more meaningful measure to describe the balancing of a

lithium-ion battery.

Qi x Q2

Wi=QixAEy =505
S+ Q2

X (Ey —E) [1]

It is important to note that the above described specific energy only refers to the
theoretical values of the active materials. On an electrode-level, the addition of
inactive compounds, including conductive additives, the polymeric binder, as well
as the current collector foil, results in a 15-20% lower specific energy.3> During the
assembly of lithium-ion cells, additional inactive but indispensable components
need to be considered. This includes the electrolyte solution, the separator, and the
packaging. As a result, the specific energy drops even further to about 50-60%,
depending on the cell-design. By taking into account the battery management
system, safety features, and the temperature control, the residual specific energy
for the entire battery system finally shrinks to just 20-40% of its original value
based on the active materials only.23.2436 As the specific energy loss from the mass
contribution of the inactive components could be greatly reduced during the last
decades, the optimization of the active materials now offers the largest lever to

improve the specific energy of future lithium-ion batteries.

There exist two options to increase the specific energy of an active material:
(i) Extend the cell cutoff voltages to higher/lower values to increase the utilization
of the theoretical capacity of the selected cathode/anode active materials. (ii)
Modify the cathode/anode active material composition to obtain a higher/lower
mean potential (Vmean vs. Li*/Li) and/or a higher specific capacity (mAh g1). Staying
with the cell cutoff voltage for a moment, Figure 1.2 shows typical galvanostatic
potential profiles of a blended silicon-graphite (SiG) negative electrode (blue dots)
and an NMC811 positive electrode (brown dashes) as a function of the areal

capacity during the first charge-discharge cycle at 0.1 h-1 (~0.2 mA cm2). Initially,
5



1 Introduction

the open-circuit potential of both electrodes is about 3.0 Vvs. Li*/Li. Once an
oxidative current is applied, upon which lithium ions migrate through the
electrolyte and get reduced at the SiG electrode (e.g., Si + x Li* + x e~ - Li,.Si), the
anode potential immediately drops to values below 0.3 V vs. Li*/Li. At the same
time, the cathode is oxidized and its potential rises to above 3.6 V vs. Li*/Li (e.g.,
LiNiygMng,1C0y 10, = Li;_NiggMngy,C0y 10, + x Li* + x e~). The more lithium
ions are extracted from the cathode and inserted into the anode, the higher becomes
the difference between the two electrode potentials and thus the cell voltage
(marine line). In other words, the cell voltage of a lithium-ion battery increases with
an increasing state-of-charge until a certain cutoff voltage is reached (here:
4.4 Veen).
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> 4.0 | H 1 2.0
T 36 - 418 T
s _r =
32 Cell voltage 116 3
.. ¢
_ 28 414 2
© I ] =
(EJ 24 |- —11.2 _g
[ i C

Z 20r 110 2
o r Electrolyte reductive limit | 8
— 16+ 708(5
> 10 g
ol2- | S =06
% [ 0 SiG anode potential Loo® 1
= 08 2 - 0.4
o . = 5
> F .. | I 1
T 0.4 - Tt L -1 0.2
O r 4

00 L L L L L L OO

o 1 2 3 4 s
Areal capacity (mAh cm?)

Figure 1.2 Typical galvanostatic potential profiles of a silicon-graphite negative electrode (blue dots) and an
NMC811 positive electrode (brown dashes) during the first charge-discharge cycle at 0.1 h-? (~0.2 mA cm-2).
The cell voltage (marine line) describes the difference between the two electrode potentials. While lithium-ion
batteries are commonly controlled by the cell voltage, a reference electrode, e.g., lithium metal, can be used to
separate the individual electrode potentials and reference them against the Li*/Li potential. The shaded areas
describe the potentials below the reductive stability limit (blue area) and above the oxidative stability limit
(brown area) of commonly used carbonate-based electrolyte solutions. Image taken from Wetjen et al.229

During the subsequent discharge, the direction of the current and the flow of
lithium ions are inverted, resulting in an oxidation of the anode, i.e., lithium
extraction from silicon and graphite, respectively, and a reduction of the cathode,

i.e., lithium re-insertion into the transition metal oxide. Nonetheless, increasing the
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specific energy by extending the cell cutoff voltages is a delicate endeavor. In
accordance with the brown shaded area in Figure 1.2, the positive electrode
remains mostly within the oxidative stability limit of the electrolyte solution and
approaches the threshold only at high state-of-charge. Yet, although it seems to be
attractive to increase the upper cutoff voltage because of only minor oxidative side
reactions at the positive electrode at potentials below ~4.5 V vs. Li*/Li (depending
on the cathode active material), most of the battery producers are hesitant to allow
too high upper cutoff voltages. While the electrochemical electrolyte oxidation
increases only slowly with an increasing cutoff voltage,3” the major concern are
discrete parasitic reactions of the active materials at higher state-of-charge. The
latter are caused by an increasing structural instability of the cathode active
materials at low lithium contents, which deteriorates the cycling stability and risks
the safety of the battery.383° As a result, commercial lithium-ion batteries are
nowadays limited to a cathode potential of ~4.3 V vs. Li*/Li (except for the low
voltage LiFeP0a4).”

In accordance with the blue shaded area in Figure 1.2, the negative electrode is
almost entirely operated at potentials below the reductive stability limit of the
electrolyte solution. From a thermodynamic perspective, the electrolyte solution
should therefore get continuously reduced at the lithiated negative electrode. The
reason why lithium-ion batteries nevertheless operate for more than thousands of
cycles (depending on the cell chemistry) is that during the first cycles a passivating
layer forms at the interface of the electrode particles and the electrolyte solution.
This so-called solid-electrolyte-interphase (SEI) was first introduced by Emanuel
Peled in 1979 to describe the electrochemical behavior of alkali metals in
nonaqueous electrolytes.20 The SEI usually has a thickness of a few nanometers#0:41
and consists of a mixture of organic and inorganic electrolyte decomposition
products, e.g., lithium fluoride (LiF), lithium carbonate (Li2CO3), lithium ethylene
dicarbonate (LEDC), and lithium alkoxides (Li-OR), whose exact composition
depends strongly on the electrolyte and the applied conditions.#243 For the
operation of lithium-ion batteries, the two most important properties of the SEI
include its selective permeability for lithium ions and at the same time its
electrically insulating nature.** Thus, further decomposition of electrolyte
compounds as well as the exfoliation of graphitic active materials caused by co-
intercalation of solvated lithium ions is kinetically inhibited.>4¢ Ideally, the SEI

would only form during the first reductive scan and remain stable upon continued
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1 Introduction

cycling. However, volumetric changes of the active materials, thermal
decomposition at elevated temperatures,*’ as well as the deposition and catalytic
behavior of transition metals from the cathode*84° result in further decomposition
of electrolyte compounds and a concomitant irreversible capacity loss. Lithium
which is “consumed” by these side reactions is no longer available for the re-
insertion into the cathode active material, thus leading to a so-called capacity fade,
i.e., a gradual loss of capacity over cycling. For that reason, the coulombic efficiency
(CE) is an extremely important measure to describe lithium-ion batteries. It is
defined by the ratio of the discharge capacity and the charge capacity for a given
cycle. For example, to achieve a capacity retention of 80% over 1000 cycles, a
lithium-ion battery requires a CE of at least 99.98% (excl. the irreversible capacity
of the 1stcycle). However, the CE is strongly influenced by several factors, including
the type of active materials, the cutoff voltages, and the temperature. In addition,
the electrolyte solution as well as the presence of additives also play a pivotal role

that is interdependent with most of these factors.

Electrolyte solutions for lithium-ion batteries consist of a conducting salt which is
dissolved in a mixture of aprotic organic solvents.*> LiPFs is the most commonly
used salt, because of its favorable transport properties and reasonable safety
characteristics.>? In contrast to other salts, it also passivates the aluminum current
and thus prevents ongoing corrosion reactions at the cathode electrode. The aprotic
organic solvents usually comprise a mixture of cyclic and linear alkyl carbonates.
While the cyclic alkyl carbonates provide a high dielectric constant and thus a high
lithium solubility, the linear alkyl carbonates are added to increase the ionic
conductivity by reducing the viscosity.#5 In the last decades, ethylene carbonate
(EC) has been be the cyclic alkyl carbonate of choice because of its high dielectric
constant and good passivation of the negative electrode.*55! Yet, its limited
oxidative stability recently raised concerns about its application at higher voltages,
fueling research activities on EC-free electrolytes.5253 In terms of the linear alkyl
carbonates, dimethyl carbonate (DMC), diethyl carbonate (DEC), and ethyl methyl
carbonate (EMC) are the most widely used solvents. They are mixed in various
ratios with cyclic carbonates and the lithium salt to optimize the properties of the
resulting electrolyte solution.>*55 To further improve the properties of these
solutions with respect to the passivation of the negative electrode or stabilization

of the positive electrode at high voltages, electrolyte additives (or enablers) are
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often added in small quantities.>6->8 Although there exists an abundance of different
additives, most of them feature functional groups, e.g., a double bond or fluorine
substituents. In the academic literature, vinylene carbonate (VC), fluoroethylene
carbonate (FEC), and 1,3-propane sultone (PS) are among the most widely used
additives.*1>? Historically, the focus of researchers was more on the SEI-forming
properties, however, nowadays the interest in additives is shifted towards the

positive electrode to enable high-voltage applications in EC-free electrolytes.60-62

With respect to the optimization of the specific energy of lithium-ion batteries by
substitution for active material compositions with more favorable properties, there
exists an abundance of different families of suitable materials.®3 However, by
evaluating these materials in terms of their combined properties, including energy,
reversibility, lithium and electron transport, as well as cost, abundance, and safety,
the selection is condensed to about 10-15 candidates which currently attract most
of the attention from researchers and companies.24 In the following, we summarize
the most relevant state-of-the art and next-generation active materials for lithium-

ion batteries and their properties, which are also depicted in the Figure 1.3.
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Figure 1.3 State-of-the-art and next-generation anode (blue) and cathode (brown) active materials for lithium-
ion batteries plotted in accordance with their mean discharge potential (V vs. Li*/Li), i.e., the mean delithiation
potential for anodes and the mean re-lithiation potential for cathodes, respectively, and their accessible specific
capacity (mAh g-1). The maturity of these materials is indicated by the filling of the circles, including research
(hollow), scale-up (patterned), and commercial (solid) stage. The shaded areas describe the potentials below
the reductive stability limit (blue area) and above the oxidative stability limit (brown area) of commonly used
carbonate-based electrolyte solutions.2464 The here assumed upper cutoff potentials vs. Li*/Li for selected
cathode active materials are 4.3 V (LMO, LCO, NMC111, NMC622, NMC811, and NCA), 4.7V (HE-NMC(),
4.9V (LNMO), and 5.1 V (LCP).
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For the negative electrode, graphite is the active material of choice in today’s
lithium-ion batteries because of its combined properties of a low and flat working
potential of 0.1-0.2 V vs. Li*/Li, high reversibility, high electrical conductivity, low
cost, and abundant availability.63 While its gravimetric capacity of 372 mAh g1
(practically ~350 mAh g1) is notably higher than that of most cathode materials, its
volumetric capacity of ~720 Ah L1 is comparatively small, leaving room for
improvement.®> During charging, lithium-ions are intercalated reversibly in
between the graphene layers, causing an uniaxial expansion of ~10% along the
edge planes.®® The concomitant staging behavior, as described in the LixCé phase
diagram by Dahn et al.,°’ results in the characteristic step-like potential profile.
While Stage II corresponds to a stoichiometry of LiCiz which correlates
phenomenologically with two graphene layers separating one interstitial lithium
layer, Stage [ describes the maximum stoichiometry of LiCs and is characterized by

an alternating pattern of one graphene layer and one interstitial lithium layer.68

Among the few alternative anode materials that are already commercially available,
lithium titanium oxide (Li4TisO12) is the most prominent. It has a practical specific
capacity of ~155 mAh g1 and a high potential plateau at ~1.55 Vmean vs. Li*/Li
which results in lithium-ion batteries with low specific energies.®® Yet, its highly
reversible zero-strain lithium insertion characteristics (i.e., only 0.2% change in
volume) and the considerably lower level of side reactions still make LTO very
attractive for niche applications with required prolonged cycle life, including
medical devices and stationary battery storage systems.”? In addition, its high mean
potential offers further advantages. As surface passivation is not an issue, LTO can
also be produced as nanoparticles which enable a high rate capability even though
LTO has not a particularly high electrical conductivity or lithium diffusivity. In
addition, LTO is also considered as an extremely safe material, because the potential
of ~1.55 Vmean vs. Li*/Li prevents the growth of lithium dendrites even at high
currents. Nonetheless, surface reactions at the LTO particles cannot be entirely
avoided, resulting in a gassing of organic electrolytes when in contact with LTO.71
Apart from the insertion materials, lithium-alloys are another relevant but still
immature class of anode active materials (e.g., silicon and tin) which promise future
lithium-ion batteries with high specific energies.’273 As they follow a different

(de-)lithiation chemistry, they are discussed in detail in the next section.
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For the positive electrode, transition metal oxides (LiM,0,) are the most
commonly used active materials in today’s lithium-ion batteries, because of their
favorable balancing between capacity, voltage, and rate capability.19 During
charging, lithium ions are extracted from the host structure resulting in an
oxidation of the transition metal ions. Although lithium cobalt oxide (LCO, LiCoOz2,
~160 mAh g1, ~3.8 Vmean vs. Li*/Li)17 and lithium manganese oxide (LMO, LiMn20s4,
~120 mAh g1, ~4.1 Vmean vs. Li*/Li)1674 were among the first materials to be
discovered by researchers, they are still widely used in consumer electronic
devices, e.g.,, smartphones.” Nonetheless, the increasing demand of automotive
applications for higher energies at lower cost promotes the commercialization of

alternative cathode active materials.

The layered lithium nickel manganese cobalt oxides (LiNixMnyCo:02) are the most
promising class, combining the beneficial properties of higher specific capacities
and lower stoichiometric amounts of the expensive cobalt. While NMC111
(LiNi0.33C00.33Mno.3302, ~160 mAh g1, ~3.8 Viyean vs. Li*/Li) is already well
established and commonly used in blended cathodes with LMO, e.g., in the BMW i3
and the Nissan Leaf,24 other stoichiometries with higher nickel contents are about
to emerge soon.”’> Although the theoretical specific capacity of ~275 mAh g1 is
similar for all compositions, the combination of different transition metals allows
to balance their properties. Nickel is the main redox active species (Ni2*/Ni4*) which
provides a high capacity but suffers from a poor thermal stability.”¢ Cobalt
contributes less capacity (Co3*/Co**) but increases the structural stability and
improves the electronic conductivity, thus increasing the rate capability.10
Manganese is electrochemically inactive but improves the cycle life and safety by
stabilizing the structure.”? NMC622 (LiNio.sCo02Mno202, ~180 mAh g1,
~3.8 Vimean vs. Li*/Li) is the first candidate of the nickel-rich materials that is
expected to be commercialized soon. However, as both the advantages and
disadvantages of these materials scale mostly with the nickel content, NMC'’s with
even higher nickel stoichiometries, e.g., the NMC811 (LiNio.8C00.1Mno.102,
~200 mAh g1, ~3.75 Vmean vs. Li*/Li), still suffer from side reactions at oxidative
potentials >4.3 V vs. Li*/Liand a lower thermal stability.3%78 The reason for this lies
in an increasing structural instability of the layered oxides at low degrees of
lithiation, which causes the release of lattice oxygen3839 and subsequent formation
of a disordered spinel-type layer at the NMC particle surface.”?8% The surface layer
results in a rapid increase of the interfacial resistance and a reduced cycle life
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1 Introduction

(see Section 3.3.1). Strategies to overcome these side reactions include inter alia the
partial aluminum substitution for transition metal ions, as it is applied in the lithium
nickel cobalt aluminum oxide (LiNi1-y-zCoyAl:02) with z <y < 0.20 (~200 mAh g1,
~3.75 Vmean vs. Li*/Li), which is used in the Tesla Model S.781 Apart from the
nickel-rich materials there exist two other interesting types of transition metal
oxides, namely the high-energy lithium-rich materials (HE-NMC) and the high-
voltage spinel (LNMO).

The HE-NMC is a layered-layered composite material, in which parts of the
transition metal ions are substituted by lithium ions. It follows the general formula
xLi2MnOsze(1-x)LiMO2 (M =Ni, Co, Mn), whereby the layered LiMO:2 has been
thought to be stabilized by the incorporation of the structurally compatible
Li2MnO3.82 By cycling between 2.0 and 4.4 V vs. Li*/Li, LiMOz is the only redox
active species, because the tetravalent manganese ions of the Li2MnO3 remain
inactive. Nonetheless, the structural stabilization allows to achieve much higher
degrees of delithiation compared to conventional layered oxides, e.g., Li1xCo02 with
x <~0.5, leading to a reversible capacity as high as ~250mAhg! (at
~3.4 Vmean vs. Li*/Li).83 By increasing the voltage range to 4.7-4.8 V vs. Li*/Li during
the first charge, Li2MnOs is also activated which results in the removal of the excess
lithium ions from the transition metal layer, yielding a capacity of >300 mAh g-1.38
Yet, despite its promising properties, the commercialization of HE-NMC is still
hindered by its poor cycling stability, particularly by the voltage decay during
prolonged cycling (often referred to as “voltage fading”), as well as its low packing

density.24

The high-voltage spinel (LNMO) originates from a partial substitution of manganese
for nickel in the LiMn204 spinel.84 It operates at a comparatively high voltage of
~4.7 Vmean vs. Li*/Li and provides in full-cells a specific capacity of ~130 mAh g-1.85
Although its practical energy offers only minor improvements compared to state-
of-the-art cathode materials, LNMO continues to attract attention because of its
inexpensive and environmentally benign constituents.24 Furthermore, the material
convinces with good safety characteristics and an extremely high rate capability,
which originates from the three-dimensional lithium-ion conduction pathways in
the spinel structure. The stable framework mitigates the variation in the lattice
parameters upon extraction and insertion of lithium which often compromises the

long-term stability of layered oxides. In addition, the large availability of lithium
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1.2 Electrochemistry and Materials of Lithium-Ion Batteries

diffusion channels makes this material less sensitive to structural defects and
vacancies. Nonetheless, the hurdles LNMO still has to overcome concern its poor
cycling stability at elevated temperatures and the need for suitable high-voltage

electrolytes.86

Polyanionic compounds are another interesting class of cathode active materials
which emerged from the work of Padhi and Goodenough.87.88 Compared to the
transition metal oxides, they offer improved safety characteristics due to the strong
covalent character of the polyanionic clusters, e.g., (P04)3-, which results in a higher
thermal stability.8? In addition, these materials also convince with lower costs and
a better environmental compatibility due to abundant and non-toxic constituents,
including iron, manganese, and phosphorus. Another interesting feature of these
so-called “on demand cathodes” is the possibility to tailor their working potential
by modifying the ionic character of the M-O bond through the electronegativity of
the non-transition metal element (e.g., phosphorus, sulfur, and silicon).24#87 The
olivinelithiumironphosphate LiFePO4 (LFP, ~160 mAh g1, ~3.45 Vmean vs. Li*/Li)%*
is the most widely used polyanionic cathode active material. Due to its good cycle
life and high-power capability, LFP is mostly used in power tools and stationary
energy storage applications.” For automotive applications, however, lithium
manganese phosphate LiMnPO4 (LMP, ~150 mAh g1, ~4.0 Vmean vs. Li*/Li)?4 is the
most promising candidate because of its higher energy density. Yet, this advantage
comes at the expense of a lower thermal stability in its delithiated state®® and

inferior cycling stability,°! requiring further research activities.
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1 Introduction

1.3 Silicon as Anode Active Material

To achieve the goal of fully electrified BEV’s with a driving range of 500 km,
cell-level specific energies of 300 Wh kg1 and energy densities of 700 Wh L1 are
required.®* Although graphite is an excellent anode active material, its specific
energy and energy density are not sufficient to meet these target values (see Table
1.1), which motivates the search for suitable alternatives. Nonetheless, to find a
promising candidate which is characterized by a similar combination of favorable
properties, including minimal structural changes during (de-)lithiation, a low
working voltage, high coulombic efficiency, and excellent densification properties
in electrode coatings, presents a challenging task.??

Table 1.1 Characteristics of selected anode active materials (graphite, silicon, and lithium)92 as well as
calculated cell-level energies for a prismatic hard-case cell featuring a nickel-rich cathode (e.g, NMC or NCA

with a nickel content of ~80%) and optimized 6 mAh cm2 anode electrodes.6* 9 The volumetric changes of
metallic lithium depend strongly on the electrode design.

Anode active materials

Units Graphite Silicon Lithium
Active material characteristics °2
Maximum lithium uptake - LiCe Liz.75Si Li
Mean delithiation potential Vvs. Li*/Li 0.1-0.2 0.4 0
Theoretical specific capacity mAh g1 372 3579 3860
Theoretical volumetric capacity Ah L1 719 2194 2062
(in fully lithiated state)
Volume expansion Percent +10% +280% -2)
Calculated energies on a cell level (against a nickel-rich cathode) ¢4
Specific energy Wh kg-cen 230 280 340
Improvement (ref. to graphite) Percent - +22% +48%
Energy density Wh Lcen 575 750 900
Improvement (ref. to graphite) Percent - +30% +56%

In accordance with Figure 1.4, three types of anode active materials can be
differentiated.6* These include (i) intercalation/insertion materials, e.g., graphite
and LTO, (ii) single-phase conversion materials, also described as alloy materials
which include silicon, tin, and lithium,?3%4 as well as (iii) multi-phase conversion
materials, usually referred to as conversion materials, including iron oxide and tin
oxide.®3 While there exist excellent reviews on intercalation anodes?>¢ and
conversion materials,?# this PhD thesis is aimed to investigate silicon as the most
promising representative of alloy-based active materials. In contrast to conversion
materials, alloy-based electrodes are more attractive for the application in battery
electric vehicles, because of their lower working voltage (0.2-1.0 instead of

1.0-2.2 Vvs. Li*/Li), higher gravimetric capacities (400-3500 instead of
14



1.3 Silicon as Anode Active Material

650-1000 mAh g1), as well as better electronic and ionic transport properties.63.64
Nonetheless, both types also share some disadvantages compared to insertion
materials, including significant structural changes during (de-)lithiation, a larger
voltage hysteresis between the lithiation and the delithiation potential (which is
even larger for conversion materials), a low coulombic efficiency, and poor cycling
stability. Most of the alloy materials are from the Illa, IVa, and Va group and form
intermetallic or Zintl-phases with lithium.6492 Although the maximum lithium
uptake does not differ considerably, the molecular volume and the delithiation
potential increase towards heavier elements.®> Therefore, lighter elements, such as
silicon, show the highest gravimetric and volumetric energy densities. Yet, it
remains difficult to realize these theoretical values in practical lithium-ion
batteries. While on a material level, silicon has an almost 3-times larger volumetric
capacity compared to graphite, the practical improvement in a prismatic hard-case
cell with a nickel-rich NMC622 cathode amounts to just +30% (compare Table
1.1).64 The reason for this lies in the nature and the design of the alloy electrodes,
which suffer from a lower coulombic efficiency, from the generally required higher
electrode porosity, as well as from a typically higher content of inactive components
in the electrode (viz., binder and conductive additive). It is to note, that lithium
metal anodes offer even larger specific energies because of their high theoretical
specific capacity and their low electrochemical potential.?” However, their
commercialization in rechargeable lithium batteries has been prevented over the
past 40 years by a poor coulombic efficiency during lithium deposition/stripping
and serious safety concerns, arising from the unpredictable and uncontrollable

growth of lithium dendrites.?”

The most challenging drawback of alloy active materials remains their large volume
expansion between the delithiated and the lithiated state.?® For silicon, the
volumetric changes amount to +280% in its fully lithiated state (i.e., Li1sSi4),?° which
results in detrimental consequences on all levels. On a cell level, this includes a
distortion of the Cu-foil current collector and the separator, while on an electrode
level, the volume expansion can lead to mechanical deformation and loss of
interparticle contact pressure (see Section 3.1.1).100-102 Qn a particle level, the
repeated volumetric changes during (de-)lithiation are especially critical because
of two reasons: First, they prevent the formation of a stable passivating layer,
leading to a continuous rupture and renewal of the SEI. This coincides with an

ongoing decomposition of electrolyte constituents and depletion of cyclable lithium

15



1 Introduction

from the cathode (see Section 3.3.3).103104 Second, they result in significant
morphological changes of the silicon particles, which deteriorate electrical contact
and cause an increased irreversible capacity loss (see Section 3.1.2).73.105106 The
origin of these morphological changes are dealloying reactions during the
delithiation of silicon, which are strongly dependent on the particle size,

temperature, and the applied current.107-111
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Figure 1.4 Schematic illustration of the three types of anode active materials, including intercalation, alloying,
and conversion materials. Image taken from Andre et al.64 Reprinted with permission from the Royal Society of
Chemistry (Copyright 2017).
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In their seminal work from 2007, Obrovac et al.> demonstrated that the lithiation
of binary alloys follows Vegard’s law. They calculated the volume of the lithiated
alloy per mole of host atoms as a function of the number of inserted lithium atoms
per mole of host atoms, which is shown in Figure 1.5a. Considering the similar
slopes for the different elements, they concluded that the partial molar volume of
lithium in these alloys is nearly the same in any lithium alloy (8.9 + 0.5 mL mol-! or
14.8 A3 per lithium), except for graphite which follows a different mechanism
(4.2 mL mol, 7.0 A3 per lithium). This relationship shows that at a given volume
expansion, e.g., +100%, all alloy active materials have nearly the same impact on
the resulting volumetric cell energy density (see Figure 1.5b). Minor deviations are
mostly caused by the different mean delithiation potentials. As a corollary, any
additional capacity exchanged by silicon compared to other alloy anode materials
is only obtained at the expense of a further volume expansion. To manage the
trade-off between the gain in capacity and the concomitant volumetric changes,

researchers started to deploy capacity-limited cycling procedures.112113 However,
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1.3 Silicon as Anode Active Material

this approach needs to be evaluated carefully (see Section 3.3.1), because the higher
content of active materials and the larger first cycle irreversible capacity reduce the
practical energy density. Alternatively, Obrovac et al.> demonstrated that the use
of active-inactive alloys offers another promising approach to increase the energy
density at a given volume expansion. For these materials, the addition of
electrochemically inactive iron or aluminum has a diluting effect, which results in a

reduced volume expansion and improved cycling stability.114-116

= D PP S . S
= b si
_g 7k ( ) : / ]
£ o ] Sn
2 S 6 i P 1
2 g ’
= < [ ! Bi g1
E z ° .
2 2 af ’ ]
- w :
o 1
M sb-2Q e : ]
. Sn— o :
Ge 13F 2 2r 1 ]
Si w :
+ Ag 1 : 1
S Al f :
0 1 1 1 n 1 1 1 1 1 1 9 0 L L L L .
00 05 10 15 20 25 30 35 40 45 0 50 100 150 200 250 300
x (moles Li/mole metal M) PERCENT VOLUME EXPANSION (£x100%)

Figure 1.5 (a) Volume of the lithiated alloy per mole of host atoms plotted as a function of the number of
inserted lithium atoms per mole of host atoms. (b) Energy density vs. volume expansion curves (referenced to
a cathode mean voltage of 3.75 V) for various active metal elements calculated from their voltage curves. Images
taken from Obrovac et al.6> Reproduced with permission from The Electrochemical Society (Copyright 2007).

The first studies on the electrochemical lithiation of silicon were conducted in the
late 1970’s by Sharma and Seefurth from General Motors.117.118 A few years later,
Wen and Huggins!1? observed at temperatures around 400°C the formation of four
crystalline Li-Si phases, with Li22Sis as the most lithium-rich phase, which was in
good agreement with the Li-Si phase diagram. However, when in the 1990’s Wilson
and Dahn!20 studied the insertion of lithium into nano-dispersed silicon using
half-cells at room temperature, they obtained a significantly different voltage
profile (see Figure 1.6). In contrast to the equilibrium voltage profile at high
temperatures, the electrochemical lithiation of silicon at room temperature is
feature-rich and dependent on several factors, including the particle size,
morphology and the applied current.’?! During the first lithiation of crystalline
silicon (see Equation [2]), the voltage profile drops to ~0.17 Vvs. Li*/Li and is
furtheron characterized by a gently sloping plateau.l?2 The corresponding two-
phase reaction results in an amorphous LiySi alloy whose front grows into the

particle.123 Once it reaches the core, the particle entirely consists of amorphous LixSi
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in which some silicon atoms are paired as dimers, whereas others are surrounded
by lithium atoms.124-126 At potentials near 0.05 V vs. Li*/Li, further lithiation results
in a sudden formation of a new metastable Li-Si phase, viz., crystalline Li1sSis, which
was confirmed by XRD and differential capacity analyses as the final state of
lithiation at room temperature (equating to a capacity of 3579 mAh g-1s;).127.128
During subsequent delithiation, the Li.Si alloy returns to an amorphous state and
remains amorphous upon continuous cycling (see Equation [3]) until the potential
drops again below 0.07 V vs. Li*/Li (see Equation [4]).°2 As the (de-)lithiation of
amorphous silicon follows a solution-type reaction, it occurs homogenously
throughout the particle and is characterized by a sloping voltage profile.128
Therefore, the structure of silicon upon continued cycling is essentially
independent of the initial structure and changes only with the lower cutoff
potential.122 Several in situ studies supported this interpretation by means of
XRD,127 NMR,125> and TEM.129-131 A more detailed analysis of the (de-)lithiation
features of silicon as well as a comparison with graphite can be found in

Section 3.1.1.
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Figure 1.6 Galvanostatic potential profiles of crystalline silicon powder (marine line) and graphite (brown line)
at room temperature. Dotted line: Coulombic titration curve for the Li-Si system at 415°C. High temperature
data from Wen and Huggins.119 Room temperature data from Wetjen et al.132

The formation of the crystalline Li1sSia phase has another important implication for
silicon as anode active material. Using acoustic emission measurements,
Rhodes et al. 196 showed that the two-phase reactions during the first amorphization
of crystalline silicon as well as during the delithiation from the crystalline Li1sSis

phase in subsequent cycles are accompanied by a massive fracturing of the silicon
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1.3 Silicon as Anode Active Material

particles. They confirmed a long-standing theory according to which two-phase
reactions cause internal stresses which have a detrimental effect on the cycle life of
alloy materials.?2133 To limit the fracturing and to avoid particle pulverization,
researchers began to use nanometer-sized silicon with dimensions below the
critical particle size of 150-300 nm.72129,130,134 Since then, numerous studies were
conducted aiming to cope with the structural degradation of silicon active materials
using nanoparticles,110.135136 nanowires,137.138 or nanostructured silicon.139.140
Alternatively, silicon nanoparticles were coated with a protective shelll41.142 or
encapsulated in a carbon matrix.143144 Most of these approaches indeed resulted in
a satisfying cycling stability in coin-cells with a lithium metal counter electrode and
an excess of electrolyte.l¥> However, their applicability in practical lithium-ion
batteries with a limited amount of both electrolyte and cyclable lithium is yet to
prove. Further concerns with nanometer-sized silicon include a significantly higher
irreversible loss because of the larger surface area, higher contact resistances due
to a larger number of interparticle contacts, as well as a lower volumetric packing

density and a challenging manufacturing with respect to scalability and cost.

+Li +Li +Li
Lithiation: =~ x-Si — a-Li,,Si — a-Li, Si — x-Li;5Si, [2]
~Li ~Li
Delithiation: x-Liy5Si, — a-Li,Si — a-Si [3]
+Li +Li
Subsequent cycling: a-Si — a-Li,Si — x-Li;5Si, [4]

The last four decades of research on silicon as anode active material have generated
a wealth of information about its electrochemical behavior and its structural
changes. Nonetheless, the major challenges hampering its commercialization are
still to be solved. This includes (i) a stable passivation of the silicon/electrolyte
interface to prevent an ongoing consumption of electrolyte constituents and
cyclable lithium, (ii) a further understanding and mitigation of the morphological
degradation of silicon-based electrodes upon prolonged cycling both with respect
to volume expansion and dealloying reactions, and (iii) a realization of the high
theoretical gravimetric and volumetric energy density in practical lithium-ion

batteries, using high-energy cathode materials, e.g., nickel-rich NMC.
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The present PhD thesis is aimed to examine each of these challenges to derive
implications and elucidate interdependencies which allow to develop a more
fundamental understanding of silicon-based anodes. The first paper presented in
Section 3.1.1 deals with blended silicon-graphite (SiG) anodes which are
investigated with respect to the different degradation phenomena of intercalation
and alloy active materials, respectively. Further, we introduce a new pseudo full-
cell configuration to quantify the ongoing consumption of cyclable lithium and
electrolyte compounds, and extrapolate our findings to practical lithium-ion
batteries. Based on these results, our second paper (see Section 3.1.2) provides a
detailed post mortem characterization of the morphological changes of the silicon
active material and the electrode coatings upon prolonged cycling. To evaluate the
consequences of these morphological changes, we apply for the first time neutron
depth profiling (NDP) as a highly lithium-sensitive technique to derive depth- and
quantity-resolved information on the uniformity of the aging phenomena across the
thickness of SiG anode coatings. While the paper presented in Section 3.2.1 deals
with the introduction of the method and the newly installed N4DP setup at the
PGAA facility of Heinz Maier-Leibnitz Zentrum in Garching, the paper shown in
Section 3.2.2 provides a detailed analysis and validation of the NDP results by
complementary electrochemical and microscopy measurements. In Section 3.2.3,
the application of NDP is expanded to other research questions concerning
lithium-ion batteries, including the state-of-charge distribution in SiG anodes and
the distribution of aqueous-based binders in graphite anodes. In the final part of
this PhD thesis, we apply our newly developed analytical toolkit to evaluate the
efficacy and applicability of different solution approaches to overcome the
drawbacks associated with silicon in various full-cell configurations. This includes
the prelithiation of SiG anodes for SiG//NMC811 full-cells (see Section 3.3.1), the
use of lithium oxalate as sacrificial salt in SiG//LNMO full-cells (see Section 3.3.2),
and the passivation of SiG anodes by use of differently fluorinated EC-derivatives as

electrolyte additives (see Section 3.3.3).
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2 Experimental Methods

2.1 Neutron Depth Profiling

Neutron depth profiling (NDP) is a non-destructive high energy-resolution nuclear
analytical technique to monitor surface-near concentration profiles of specific
elements in almost any material matrix. The method was introduced in 1972 by
Ziegler et al.1%¢ to probe boron impurities in silicon wafers. Later, Biersack et al.147
and Downing et al.148 expanded its application to other light elements including
3He, °Li, 7Be, and 22Na. Table 2.1 depicts a list of isotopes that are suitable for
observation with thermal neutron induced (n, p) or (n, ) reactions. While the
group of isotopes with cross sections in the range of 1-48 kbarns can be detected
with a very high sensitivity, isotopes with a thermal neutron cross section between
0.19 and 1.83 barns, i.e., 1*N(n, p), 170O(n, @), 33S(n, a) and 35Cl(n, p), are only suitable
for depth profiling at higher concentrations, depending on the neutron flux
intensity. For all other known isotopes the corresponding nuclear (n, p) or (n, a)
reactions are endothermic, and thus cannot occur in the absence of fast neutrons.147
Table 2.1 Summary of the NDP reaction characteristics and example detection sensitivities for the 20 MW NIST

reactor. The exponent a refers to radioactive species. The detection limit refers to 0.1 cps, a 0.013 Sr detector
solid angle, and a neutron intensity of 6x109 s-1. Data from Downing et. al.14°

Element Reaction Abundance Energy of Cross section  Detection
(%) or emitted (barns) limit
(atoms mCi1)2  particles (keV) (atoms cm2)
He 3He(n, p)*H 0.00014 572 191 5333 1.5x1012
Li 6Li(n, a)*H 7.5 2055 2727 940 9.0x1012
Be2 7Be(n, p)’Li (2.5x1014) 1438 207 48000 1.7x1011
B 10B(n, ar)7Li 19.9 1472 840 3837 2.1x1012
N 14N(n, p)14C 99.6 584 42 1.83 4.5x1015
0 170(n, a)4C 0.038 1413 404 0.24 3.5x1016
Na2 22Na(n, p)?2Ne (4.4x1015) 2247 103 31000 2.3x1011
S 33S(n, a)39Si 0.75 3081 411 0.19 6.0x1016
Cl 35Cl(n, p)3°S 75.8 598 17 0.49 1.7x1016
K@ 40K (n, p)*°Ar 0.012 2231 56 4.4 1.9x1015
Nia 59Ni(n, @)5¢Fe (1.3x1029) 4757 340 12.3 7.0x1014
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The use of thermal neutrons (in the meV regime) is essential to produce mono-
energetic particles which are needed to correlate the observed energy loss with the
depth origin of the nuclear reaction. NDP senses individual isotopes nearly
independent of matrix effects and their chemical state.48 Further, it provides a good
depth resolution down to *20 nm and a high concentration resolution of about
3 ppm, depending on the material matrix composition and the neutron flux
intensity.146 For the investigation of lithium-based energy storage systems, NDP is
particularly interesting because of its extremely high sensitivity towards ¢Li (7.5%
natural abundance).14? In addition, the comparatively high energies of the emitted
particles from the ¢Li(n, «)3H reaction allow a reasonable energy resolution as well
as maximum penetration depths of typically ~50 pm, depending on the
composition and porosity of the material matrix.150 Equation [5] summarizes the
reaction of a thermal neutron with ¢Li, which results in the formation of an
a-particle (*He) and a triton particle (3H). Due to the two-body kinematics, the 4He
and 3H particles have well-defined energies at the moment of their formation and

they are emitted back-to-back.
®Li +n - *He(2055keV) + *H (2727 keV) [5]

On their path through the sample material towards the surface, the charged
particles lose almost linearly energy by Coulombic interactions with adjacent
atoms, which can be described by the Bethe-Bloch formalism.151 The particle
stopping power S(E) = —dE/dx depends on the charged particle properties, as
well as the elemental composition and the density of the surrounding matrix. In
accordance with Equation [6],152 the remaining particle energy E(x) after leaving
the sample surface can be correlated with the path length x, which yields a depth

concentration profile of the investigated elements.

Ey

xzf dE/S(E) [6]
E(x)

Figure 2.1 illustrates a top-view sketch of the N4DP (Neutron 4-Dimensional Depth

Profiling) setup at the PGAA facility of the Heinz Maier-Leibnitz Zentrum (MLZ) in

Garching, which is representative for a typical NDP setup.148150 The incoming cold

neutron beam (mean energy: 1.8 meV) has a capture flux of 1.35x10° cm2 s'1 and is

circularly collimated by boron-containing plates to an area of 12.6 mm? to irradiate

22



2.1 Neutron Depth Profiling

only the investigated samples. It enters the vacuum chamber (10-4-10-> mbar)
through a 100 pm thick aluminum window and hits the sample of a 45° angle, which
increases the effective path length for the neutrons by a factor of v/2. While most of
the neutrons pass through the sample without interaction and exit the vacuum
chamber through another aluminum window, some of the neutrons are captured
by reactive isotopes, e.g., °Li, in proportion to their neutron cross section, yielding
monoenergetic charged particles.#® Two silicon surface-barrier detectors are
installed perpendicular to the sample plane on both sides of the sample. The
nominal sample-detector distances are about 53 mm (see Section 3.2.1) but need to
be corrected for different sample thicknesses.’>! The high neutron flux can be
reduced with three different attenuators (5.9%, 16%, and 47%) to keep signal rates
of the detectors below 1 kHz, and thus mitigate pile-up effects.

]
e

Neutron guide
Boron-cont. shielding
Lead shielding

100pm aluminum windows

|| Boron-cont. tube collimator

Figure 2.1 Schematic top-view sketch of the N4DP setup at the PGAA facility at MLZ. The cold neutron beam n
(vellow arrow) is collimated by boron-containing plates. The beam enters and exits the N4DP vacuum chamber
through 100 um thick aluminum windows. Both, samples and detectors, can be rotated with respect to the
center axis of the vacuum chamber (perpendicular to the drawing plane). Reproduced from Trunk et al.151

As the first tests of the N4DP setup at MLZ were started in 2017,151 one of the main
objectives of this PhD thesis was to design and validate NDP experiments with
respect to material science investigations of lithium-ion batteries (see
Section 3.2.1). Here, °Li acts as a key isotope to investigate a variety of different
phenomena occurring in the electrodes, the electrolyte, and at the interfaces.
Whitney et al.153154 and Nagpure et al.155-157 were the first research groups who
used NDP for the post mortem characterization of commercial lithium-ion batteries,
inter alia to investigate lithium concentration gradients in aged graphite anodes
and LiFePOs cathodes.’>® Later, Oudenhoven et al.150 performed an in situ NDP
study to monitor the lithium transport across thin-film solid-state microbatteries,

consisting of a 1.5 um thick nitrogen doped LizPO4 (LiPON) solid-state electrolyte
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and a 500nm thick LiCoO2z cathode. With respect to alloy materials,
Co and co-workers159160 recently reported an in situ setup that consisted of a
lithium metal anode and a liquid electrolyte of 1 M LiBF4 in EC:DMC to measure the
lithium distribution in a tin-based thin-film electrode (12.5 um thickness). More
recently, Zhang et al.16! used a similar in situ setup to investigate the rate-limiting
charge transport phenomena in 12.5 pm thick LiFePOs cathode coatings in

dependence on the electrode morphology and the C-rate.

In this PhD thesis, we focused on the investigation of graphite - and for the first
time - also on silicon-based anodes. Emphasis is put on the generation of new
insights using NDP that have not been accessible by other analytical techniques, e.g.,
the depth-resolved quantification of the SEI growth across SiGanodes
(see Section 3.2.2) or the depth-distribution of aqueous-based binders in practical
graphite electrode coatings (see Section 3.2.3). In contrast to other studies reported
in the literature which deployed in situ setups, we conducted all measurements
ex situ. Although operando measurements are planned in the future for the N4DP
experiment, the use of ex situ samples offers several advantages, including (i) the
use of electrodes with commercially relevant areal capacities between
2-3 mAh cm?, (ii) aging of the electrodes up to 140 cycles using established
procedures in coin-cells, (iii) validation of the NDP spectra by complementary
post mortem characterization, e.g., cross-sectional SEM images, and (iv) an

abundance of reference data to support the interpretation of the NDP spectra.

There exist several factors that need to be considered for the design of NDP
experiments. First, the stopping power of the 3H and “He particles is strongly
dependent on the elemental composition and the mass loading of the surrounding
matrix. Thus, prior to the measurements, the maximum depth of emission should
be calculated, e.g., by using the Stopping Range in Matter (SRIM) software written
by Ziegler et al.162 For SiG anodes this is very important, because during repeated
(de-)lithiation these electrodes undergo significant changes in their mass loading
and chemical composition, which is caused by the ongoing reductive decomposition
of electrolyte compounds. Furthermore, thermal neutrons deployed by NDP react
with any of the isotopes listed in Table 2.1, independent of their chemical state.
Thus, the experiment needs to be designed carefully to derive meaningful
information from the resulting NDP spectra. Although for lithium-ion batteries °Li

and 1B are the most relevant isotopes, their signal contributions can still get
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2.1 Neutron Depth Profiling

arbitrarily complex. For example, by only considering lithium there exist at least
five different sources in commonly used SiG anodes,192115 including the lithium
poly(acrylate) binder, lithium-containing electrolyte decomposition products,
immobilized lithium in isolated active material particles, metallic lithium from
plating, and cyclable lithium which is reversibly stored in the active material. In
addition, boron-containing glass fiber residues from the frequently used glass
separators lead to boron spectra which overlap with the signals from lithium (see
Section 3.2.1). Therefore, the use of an adequate cell configuration, a defined cycling
protocol, and suitable reference measurements are needed to separate and identify
the individual signal contributions. In the following, we explain exemplarily the
procedure for the investigation of the SEI growth in SiG anodes (see Section 3.2.2),

however, the approach can be easily tailored to other research questions.

\ Sm—n g . v"l

1. Age electrode 2. Extract and 3. Mount electrode 4. Measure NDP

in coin-cells and wash electrode on sample holder spectra using a
delithiate it to a with DMC in inert and transfer it into collimated neutron
defined SOC atmosphere vacuum chamber beam

Figure 2.2 Schematic illustration of the sample preparation of an aged lithium-ion battery electrode for an
NDP experiment.

In accordance with the schematic illustration shown in Figure 2.2, SiG anodes were
first aged in coin-cells by galvanostatic charge/discharge cycling. In the last cycle,
any residual active lithium was extracted from the active materials by applying a
very low C-rate until an upper cutoff potential of 2.0 V vs. Li*/Li. Thus, any lithium
left in these electrodes originated either from the LiPAA binder, immobilized
lithium or lithium-containing electrolyte decomposition products. While the signal
contribution from the binder could be easily corrected by reference measurements
with pristine electrodes, the amount of immobilized lithium was reduced to a
minimum by the low C-rate (see Section 3.1.1), which left the SEI as the major
variable source of lithium. In the next step, the electrodes were harvested from the
coin-cells without exposure to ambient atmosphere and were carefully rinsed with
dimethyl carbonate (DMC) to remove any residues from the LiPF¢ salt and the

electrolyte solution. After determining the mass loading and the sample thickness,
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the electrodes were sealed in pouch-bags and transported to the PGAA facility at
MLZ. Prior to the measurements, the electrodes were removed from the pouch-bags
and mounted on the NDP sample holder before being transferred into the vacuum
chamber. During this step, an exposure to ambient atmosphere for a few minutes
could not be avoided while the samples were mounted on the NDP sample holder.
Although the chemical state of some of the lithium-containing compounds might
have been altered during this period, their depth-distribution should remain
unchanged. Highly air-sensitive samples can alternatively be transferred into small
pouch-bags with a thin Kapton® foil window, however, this design only works at
the expense of the a-particle signal and results in a lower energy resolution of the

3H particles (see Section 3.2.1).163
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Figure 2.3 NDP spectrum, comprising signals from 3H particles (blue line) and 4He particles (green line)
measured from the lithium poly(acrylate) (LiPAA) binder of a pristine SiG anode with an electrode mass loading
of ~1.4 mg cm2, a porosity of ~60%, and a thickness of ~19 pm. Insert: Schematic illustration of the thermal
neutron induced ¢Li(n, &)3H reaction in a graphite-based anode.

Figure 2.3 shows the NDP spectrum of an uncycled SiG anode with an electrode
mass loading of ~1.4 mg cm, a porosity of ~60%, and a thickness of ~19 pm. The
3H (blue line) and the #He particle profiles (green line) originate entirely from the
lithium poly(acrylate) (LiPAA) binder, which is distributed across the electrode
coating thickness. As the charged particles lose energy on their way from the bulk
towards the sample surface, the particle count vs. energy profile can be understood
by going from the right- to the left-hand side of the x-axis. The well-defined
formation energies of the two particles, i.e., 2727 keV for the 3H and 2055 keV for
the “He particles represent the lithium concentration at the upper sample surface,
while lower energies correspond to particles originating from a greater depth. The

shape of the spectrum shows the lithium concentration profile across the electrode
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2.1 Neutron Depth Profiling

coating thickness.164 The profiles of the two particles can be understood as a
superposition of Gaussian distributions around the respective energies of the
emerging particles.16> Yet, due to the higher stopping power of the a-particles, their
maximum emission depth is lower compared to that of the 3H particles.16¢ Thus, the
4He particles can only emerge from the surface-near ~10 pm thick region of the
investigated electrode, whereas the 3H signal reflects the entire electrode coating
(up to a maximum accessible depth of ~50 um) (see Section 3.2.1). At the same time,
the higher stopping power of the *He particles results in an increased depth
resolution. Thus, for some applications such as thin-film batteries with a total
thickness of ~1 um, the “He particles provide a better resolution of the lithium
depth profile, as previously demonstrated by Oudenhoven et al.*>% In contrast, for
samples with high mass loadings, e.g., aged SiG anodes, the 3H signals broaden
towards lower energies (corresponding to greater depth) and eventually overlap
with the #He particle signal. In order to separate the 3H signal, which intrinsically
contains the profile shape of the full electrode, the *He particle signal can be
subtracted analytically, which was recently demonstrated by Trunk et al.151 (see
Section 3.2.1). This is an alternative approach to the use of particle separation foils,
e.g., Mylar® or Kapton®,163 which would change the absolute quantity calibration.
As the 3H and the #He particles originate from the same concentration profile, the
shape of the 4He particle profile can be determined from the 3H signal and

vice versa.
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Figure 2.4 Lithium density profile of a SiG anode after 60 charge/discharge cycles as function of the electrode
mass loading (blue line), exemplarily shown in front of the corresponding cross-sectional SEM image. The
profile is a convolution of the density with the material-dependent resolution, which includes an energy spread
due to the statistical process of the energy loss and possibly also because of a slight variation in the local mass
loading of the electrode. Thus, there is no lithium in the Cu current collector. Reproduced from Wetjen et al.167
with permission from The Electrochemical Society (Copyright 2018).
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In the final step, the signal intensities from the NDP energy spectra are converted
into an absolute lithium concentration (or density), considering the capture cross
section and the natural abundance of the ¢Li isotope. To render the NDP analysis
quantitative, the spectra intensities need to be normalized to the reference material
SRM2137, a NIST standard which features a well-defined 1°B implantation profile
with a systematic uncertainty of 3.4%.168 Considering the chemical composition of
the sample further allows to convert the energy loss of the charged particles into an
electrode mass loading (see Section 3.2.1), which at a given density is proportional
to the sample thickness. Figure 2.4 shows exemplarily the lithium density as a
function of the electrode mass loading for a fully delithiated SiG anode after
60 charge/discharge cycles. To complement the NDP profile, a cross-sectional SEM
image of the same electrode is placed into the background, which shows the surface
of the electrode as well as the interface towards the Cu-foil current collector. In
contrast to the uncycled sample shown in Figure 2.3, the lithium density of the aged
electrode depicted in Figure 2.4 comprises not only the contribution from the LiPAA
binder but also a significant signal contribution from the lithium-containing solid-

electrolyte-interphase (SEI).

To sum up, NDP can provide depth- and quantity-resolved information concerning
the distribution of light elements, such as lithium and boron, which is difficult to
access by conventional analytical techniques. Yet, like other neutron-based
methods, NDP is a complementary technique that requires an additional
characterization, e.g., of the elemental composition or morphology, to adequately
separate and interpret the profile shapes. In this PhD thesis, we applied NDP for the
first time to investigate the SEI growth of practical silicon-based anodes for lithium-
ion batteries that were aged over an extended period of 140 charge/discharge
cycles (see Section 3.2.2). Hence, we designed and validated the first experiments
at the newly installed N4DP setup at the PGAA facility at MLZ. Further, we
complemented the analysis of the NDP spectra by electrochemical measurements,
electron microscopy, and other post mortem characterization methods (see
Section 3.2.1). Finally, we conducted a series of feasibility studies to expand the
application of NDP to evaluate inter alia the state-of-charge distribution in
SiG anodes as well as the distribution of aqueous-based binders in graphite anodes

(see Section 3.2.3).
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2.2 Pseudo Full-Cells

In the previous two decades, silicon-based anodes were mostly investigated in half-
cells against metallic lithium.120.169-171 While this cell configuration is favorable in
terms of the cycling performance of the silicon-based anodes, it lacks important
information concerning the constraints in practical lithium-ion batteries. The latter
include a limited amount of electrolyte and cyclable lithium from the cathode. The
relevance of this topic was recently highlighted by Trask et al.,172 who stressed the
need for more full-cell studies on silicon-based anodes with realistic areal capacities
between 2-3 mAh cm2. Indeed, studies on full-cells with LiCoO2 and NMC-based
cathodes offer a more realistic evaluation of the performance of silicon-based
anodes.114116,172-174 However, it is to note that there also exists a downside, because
the superposition of different degradation phenomena in these setups (e.g., loss of
cyclable lithium and cross-diffusion of side products) hinders a thorough analysis
of their individual root causes. For that reason, this PhD thesis introduced a new
cell configuration for the investigation of SiG anodes with an application-relevant
areal capacity of ~2.0 mAh cm2 (see Section 3.1.1).102 This setup features a
capacitively largely oversized LiFePOs4+ cathode (~3.5mAhcm?) and an
FEC-containing electrolyte solution (here: LP57 with 5 wt% FEC), which offers
several advantages over practical full-cells, namely: (i) A stable reference potential
of 3.45 Vvs. Li*/Li of the LiFePO4 counter electrode, allowing to monitor the silicon-
graphite potential even in a two-electrode coin-cell configuration, and (ii) it
provides a defined lithium reservoir, which allows to investigate the total
irreversible capacity loss of the SiG anode without an additional capacity fade due
to the depletion of cyclable lithium. While these conditions would also be satisfied
in a half-cell configuration featuring a lithium metal electrode, the third advantage
is that (iii) side reactions at the counter electrode are reduced to a minimum,
because most electrolyte solutions are stable around the reversible potential of
LiFePOas. Therefore, any changes in the electrolyte (and the FEC concentration),
which are obtained from post mortem characterization, e.g., by 1°F-NMR or gas
chromatography,103.175 can be directly related to the processes at the SiG anode. As
a corollary, the pseudo full-cell configuration allows to investigate the individual
degradation phenomena of SiGanodes in two-electrode coin-cells without
sacrificing information concerning their application in practical lithium-ion

batteries.
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However, this setup also received some criticism because upon prolonged cycling
the potential plateau of the LiFePO4 starts to deviate from 3.45 V vs. Li*/Li both at
higher C-rates (i.e., >1.0 h-1) and also towards lower lithium contents. Therefore,
the potential profiles of the individual electrodes should be tested first in presence
of a reference electrode for the intended C-rate and balancing ratio, respectively.
This allows to refine the cell cutoff voltages and reliably determine the electrode
potentials also in a two-electrode configuration. In a recently published
independent study, Dose et al.17¢ used a similar concept featuring a LiFePO4 cathode
with a 4-times higher areal capacity to investigate the irreversibility and the lithium
inventory of a SiG anode. The fact that other research groups are also increasingly
engaged in the development of such setups underlines the relevance of this
research. In the present PhD thesis, the pseudo full-cell configuration was deployed
in several studies, including the investigation of the degradation phenomena in
SiG anodes (see Sections 3.1.1 and 3.1.2), the characterization of SiG anodes by
neutron depth profiling (see Section 3.2.2), and the evaluation of new electrolyte

additives for SiG anodes (see Section 3.3.3).
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2.3 Nuclear Magnetic Resonance Spectroscopy

Nuclear magnetic resonance (NMR) spectroscopy is an analytical tool that is widely
used in battery research to identify compounds in liquid electrolyte solutions,177.178
to analyze changes in the local environment of individual -electrode
components,125179,180 or to investigate side reactions at the electrode/electrolyte
interface.41181 The method exploits the magnetic properties of certain isotopes
whose nucleus spin is unequal to zero, e.g. 1H, 7Li, 13C or 19F, to investigate their
electronic environment and their interactions with adjacent atoms. This allows to
derive qualitative information about the structure and the dynamics of the
molecules as well as quantitative information about their concentrations.
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Figure 2.5 Schematic illustration of the post mortem electrolyte consumption measurement of a lithium-ion
battery by integral analysis of the PF¢ and FEC peaks in the 19F-NMR spectra of the fresh and cycled electrolytes.

Recently, Jung et al193 introduced 1°F-NMR spectroscopy as an exsitu tool to
characterize the electrolyte consumption in presence of silicon-based anodes
during battery cycling by measuring post mortem the depletion of a fluorine-
containing electrolyte compound (here: fluoroethylene carbonate, FEC). Figure 2.5
schematically illustrates the procedure, which involves the extraction of the
electrolyte-soaked separator from a coin-cell after cycling, subsequent dissolution
of the residual electrolyte in DMSO-d6, and finally an integral analysis of the PFe-
and FEC peaks in the 19F-NMR spectra of the fresh and cycled electrolytes. The
concentration of the electrolyte salt (here: LiPFs) is used as an internal standard,
which assumes that its concentration remains almost constant upon cycling.
Petibon et al.194 indirectly confirmed the validity of this method by demonstrating
the same preferential reduction and the same number of electrons for the reduction

of FEC in LiCoOz2/Si-alloy Graphite cells using post mortem gas chromatography.
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In this PhD thesis, we did not only confirm the results obtained by Jung et al.193 for
blended SiG anodes (see Section 3.1.1) but also expanded the use of this technique
to other fluorine-containing electrolyte compounds, e.g. di-
fluoroethylene carbonate (DiFEC) (see Section 3.3.3) and other cell configurations,
e.g., SiG//LNMO full-cells (see Section 3.3.2). Further, we demonstrated that a
comparison of the electrochemical data, e.g., the total charge+discharge capacity,
and the additive consumption determined by 1°F-NMR, allows to calculate
electrolyte consumption rates (e.g., in mAh pumol-1rec) which can be used to forecast
the cycle life of practical lithium-ion batteries with a given amount of electrolyte
(see Section 3.1.1). Finally, we showed that this method does not only provide
additional information about the reduction mechanism, e.g., in terms of the number
of electrons (see Section 3.1.1 and 3.3.3), but also with respect to the efficacy of

different electrolyte additives (see Sections 3.3.2 and 3.3.3).
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2.4 Further Experimental Techniques

In addition to the methods described before, a variety of further experimental
techniques was deployed in this PhD thesis. On-line electrochemical mass
spectrometry (OEMS)¢1182 was used to analyze the gases that evolve during the
electrochemical lithiation or delithiation of the investigated battery materials. Our
studies included the first reductive scan of SiG anodes in presence of different
electrolyte additives (see Section 3.3.3) as well as the first oxidative scan of NMC811

and LNMO cathodes, respectively (see Sections 3.3.1 and 3.3.2).

Electroanalytical methods such as cyclic voltammetry (CV) or galvanostatic cycling
with constant voltage steps (CCCV) were applied (inter alia see Sections 3.1.1, 3.2.2,
and 3.3.1) to investigate the electrochemical behavior of battery materials or to
deliberately age electrode materials for subsequent post mortem characterizations.
Depending on the procedure, the electrochemical measurements were evaluated
using a variety of analyses to interpret the different cell or electrode characteristics
as a function of the cycle number or state-of-charge. For example, we used
differential capacity analysis (see Section 3.1.1 and 3.1.2) to evaluate the
polarization of SiG anodes because this method is particularly powerful for blended
electrodes to separate the contributions from the individual active materials.
Further, we calculated the total irreversible capacity (see Sections 3.1.1, 3.2.2, and
3.3.3), which reflects the cumulative loss of cyclable lithium and serves as an
indicator to forecast the cycle life of lithium-ion full-cells. For selected studies, we
analyzed the open-circuit-potential relaxation (see Section 3.3.3) and the relative
capacity contribution from the constant voltage step (see Section 3.1.1) to evaluate

the build-up of resistances either in the electrolyte solution or the electrode.

For more sophisticated impedance analyses, we used a gold-wire micro-reference
electrode in selected full-cells featuring either a LiFePO4 (see Sections 3.1.2 and
3.3.3) oran NM(C811 cathode (see Section 3.3.1). The micro-reference electrode was
recently introduced by Solchenbach et al.183 and offers an elegant tool to separately
monitor the impedance contributions of the individual electrodes in a lithium-ion
battery either as a function of the state-of-charge or the number of cycles, which

generates valuable insights into the respective degradation mechanisms.
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Throughout this PhD thesis, we extensively used electron microscopy to
characterize the morphological degradation of SiG anodes and the individual active
materials. In collaboration with JEOL (Germany) GmbH, we performed scanning
electron microscopy (SEM), using various instruments, including the JEOL
JSM-7800F PRIME (see Section 3.1.1, ), the JEOL JSM-IT100 (see Section 3.1.2), and
the JEOL JSM-IT300HR (see Section 3.2.2). Prior to the measurements, electrode
cross-sections were prepared by means of argon ion beam polishing, using either a
JEOL IB-09010CP (see Section 3.1.1) or a JEOL IB-19510CP cross-section polisher
(see Sections 3.1.2 and 3.2.2). For selected studies on the thickness changes of the
SiG anodes, we prepared the cross-sections in-house, following a resin-embedding
and sand-paper polishing procedure first reported by Mittermeier et al.18% The

resulting SEM images were obtained using a JEOL JCM-6000 NeoScope.

In a collaboration with Vasiliki Tileli from the EPFL (Lausanne, Switzerland), we
also deployed scanning transmission electron microscopy (STEM) and energy
dispersive X-ray spectroscopy (EDS) to analyze the morphological changes and
elemental composition of individual silicon nanoparticles (see Section 3.1.2). A
detailed description of the instrumentation and the preparation procedures can be

found in the Experimental part of our articles and manuscripts in the next section.
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The following Section summarizes the peer-reviewed journal articles and
manuscripts originating from this PhD thesis, which are grouped along three core
topics. Section 3.1 describes the characterization of silicon and graphite as active
materials in blended silicon-graphite (SiG)anodes for lithium-ion batteries.
Emphasis is put on the individual aging behavior of the intercalation and alloy
materials, as well as on the differentiation of the degradation phenomena of the
active material particles and the entire electrode coating during charge/discharge

cycling.

Section 3.2 describes the application of neutron depth profiling (NDP) as a new
analytical technique to characterize the uniformity of the aging phenomena in
lithium-ion battery electrodes by means of a depth-resolved quantification of the
lithium concentration. First, the method and the setup of the newly installed N4DP
setup at the PGAA facility at the Heinz Maier-Leibnitz Zentrum in Garching are
introduced. Afterwards, the distribution of lithium-containing species in blended
SiG anodes is investigated, providing new insights into the growth of the solid-
electrolyte-interphase (SEI) upon prolonged cycling. Finally, the method is
expanded to other research questions concerning battery electrodes, including the
state-of-charge distribution in SiG anodes and the distribution of aqueous-based

binders in graphite anodes.

Section 3.3 evaluates three solution approaches aiming to overcome the inherent
drawbacks of silicon-based anodes, including a lithium inventory established either
by prelithiation or by addition of a sacrificial salt. Afterwards, a new electrolyte
additive is evaluated with respect to the stabilization of the interface between the
silicon particles and the electrolyte solution. The discussion provides a
comprehensive assessment of these approaches both in terms of their efficacy and
applicability, considering practical constraints of state-of-the-art lithium-ion

batteries.

35



3 Results

3.1 Characterization of Silicon as Anode Material

Despite its high theoretical specific capacity of 3579 mAh g1, the use of silicon as
anode active material in commercial lithium-ion batteries is still limited to very few
weight percent. The reason for this lies in the large volumetric changes of the silicon
particles and the continuously proceeding side reactions at the silicon/electrolyte
interface which negatively affect the safe and long-term operation of silicon-based
full-cells, particularly of large-scale cells where the amount of electrolyte is
limited.104112174 = Although the investigation of the underlying degradation
phenomena continues to receive considerable attention both in the academic
literature and in industrial research labs,185186 their identification and
quantification remains a huge challenge. The latter is driven by the complexity of
the degradation phenomena and the lack of suitable analysis tools to deconvolute

their interdependencies.

In the following articles, this PhD thesis introduces a new cell configuration to
separate, analyze, and quantify the degradation phenomena of SiG anodes.
Beginning with a differentiation of the degradation of the individual active
materials and the electrode coating, our new approach is expanded to address other
relevant research questions which are currently discussed in the literature on
silicon-based anodes, interalia the morphological changes of the silicon
nanoparticles109121.129 and the influence of the cutoff potentials.173.178.187 Finally, the
implications of the underlying mechanisms on the design of practical silicon-based
anodes are discussed and recommendations for improved operating conditions of

commercially relevant lithium-ion batteries are presented.
3.1.1 Degradation Phenomena in Silicon-Graphite Electrodes

This section presents the article “Differentiating the Degradation Phenomena in
Silicon-Graphite Electrodes for Lithium-Ion Batteries”,102 which was published in
September 2017 in the Journal of The Electrochemical Society. It is an open access
article distributed under the terms of the Creative Commons Attribution 4.0
License. The paper was also presented on international conferences, for example at
the PRiIME Meeting of The Electrochemical Society in Honolulu, Hawaii (October
2-7, 2016), Abstr. #280. The permanent web-link to the article is
http://dx.doi.org/10.1149/2.1921712jes.
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The article deals with the investigation of the degradation phenomena in blended
SiG anodes with different active material ratios (20-60 wt% silicon) and an
application-relevant areal capacity of ~2 mAh cm-2. Although it is widely accepted
that the cycling stability of silicon-based anodes usually improves upon the addition
of graphite,115188189 the relation between the silicon/graphite ratio and the
SiG anode aging mechanisms still requires a more fundamental understanding. For
example, the voltage profile evolution of blended SiG anodes as well as the extent of
side reactions occurring at the individual active materials becomes increasingly
important for the development of advanced battery management systems (BMS)
and the optimal balancing of the anode and cathode capacity for high-energy
density applications.2735190 Although an abundance of articles discussing the
degradation of silicon-based anodes exists in the literature,100.169.170178 most of
these studies deploy electrochemical test cells using a lithium metal counter
electrode in presence of a usually 10 times larger amount of electrolyte compared
to what would be added to large-scale commercial cells (>50 pL cm? instead of
~5 pL cm2). Yet, in practical lithium-ion batteries both the amount of cyclable

lithium as well as of the electrolyte solution are limited.173

In order to deconvolute lithium inventory limitations from aging effects due to
particle/electrode morphological changes and electrolyte decomposition reactions
at electrode surface, this PhD thesis introduced a new pseudo full-cell configuration
to investigate the degradation phenomena of blended SiG anodes. It features a
capacitively largely oversized LiFePOs4 cathode (~3.5 mAhcm2) which offers
several advantages compared to conventional lithium-ion full-cells, namely: (i) a
stable reference potential of ~3.45 V vs. Li*/Li to monitor the potential of the
SiG anode,1°1 (ii) a defined lithium excess which allows to investigate exclusively
the degradation of the SiG anode without an additional capacity loss due to the
depletion of cyclable lithium, and (iii) minimized side reactions at the cathode due
to the comparatively low potential of LiFeP04.192 In addition, an FEC-containing
electrolyte (LP57 with 5 wt% FEC) is used which is known to significantly improve
the cycling stability of silicon and at the same time allows to quantify the electrolyte

consumption (here: mainly FEC) by post mortem 1°F-NMR measurements.103.178

This study generated four important insights: (i) There exist two major degradation
phenomena in blended SiG anodes. The first is caused by a roughening of the silicon

nanoparticles upon repeated (de-)lithiation, whereas the second can be ascribed to
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a mechanical deterioration of the entire electrode coating. (ii) The irreversible
capacity loss at the interface between the silicon particles and the electrolyte
solution depends only on the capacity exchanged by the silicon particles and is
independent of the active material ratio. (iii) The reversible capacity, however, is
mainly determined by the loss of interparticle contact pressure and thus strongly
dependent on the silicon/graphite ratio. (iv) The comparatively low molar quantity
of FEC in commercial electrolyte solutions is the most critical factor in determining

the cycle life of SiG anodes in practical lithium-ion batteries.

To analyze the morphology of the SiGanodes, this PhD thesis initiated a
collaboration with the JEOL (Germany) GmbH in Freising, which provided valuable
insights into the dependence of the electrode morphology on the active material

ratio.
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Silicon-graphite electrodes usually experience an increase in cycling performance by the addition of graphite. however, the relation
of the silicon/graphite ratio and the aging mechanisms of the individual electrode and electrolyte compounds still requires a
more fundamental understanding. In this study, we present a comprehensive approach to understand and quantify the degradation
phenomena in silicon-graphite electrodes with silicon contents between 20-60 wt%. By evaluating the cycling performance and total
irreversible capacity of silicon-graphite electrodes vs. capacitively oversized LiFePOy electrodes in presence of a fluoroethylene
carbonate (FEC)-containing electrolyte, we demonstrate that the aging of silicon-based electrodes can be distinguished into two
distinct phenomena, which we describe as silicon particle degradation and electrode degradation. Cross-sectional scanning electron
microscopy (SEM) images and a detailed analysis of the electrode polarization upon cycling complement our discussion. Further,
we deploy post-mortem '"F-NMR spectroscopy to (i) quantify to loss of moles of FEC in the electrolyte and correlate this with
the amount of charge that was exchanged by the silicon-graphite electrodes, (ii) estimate the pore volume of the silicon-graphite
electrodes that is occupied by FEC decomposition products, and (iii) derive implications for the relation of the electrolyte volume
and cycle life of commercial silicon-based Li-ion batteries.
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Silicon-based electrodes are very promising candidates to enable
the next generation of Li-ion batteries with energy densities on the cell
level beyond 350 Whkg=".!2 In contrast to conventional intercalation
anode materials, such as graphite (LiCq, 372 mAh g—!, 890 Ah L"),
the specific capacity of silicon alloy electrodes is significantly higher
(Li;5Siy, 3579 mAh g=!, 2194 Ah L~").* Nonetheless, commercial-
ization of silicon-based electrodes is still hampered because of two
major challenges:*

(i) Large volume expansions up to 280% upon repeated
(de-)lithiation of silicon particles deteriorate the electrode integrity,
thus causing isolation of active material.”~’ The formerly reported pul-
verization of micron-sized silicon particles due to mechanical stress
upon repeated volume expansion has been partially solved by using
nanometer-sized particles. However, reduction of the silicon particle
size also leads to inferior electronic conduction due to more numerous
interparticle contacts, and higher solid-electrolyte-interphase (SEI)
losses due to the larger relative surface area.®'%

(ii) Continuous side reactions at the silicon/electrolyte interface
caused by repeated volume expansion and contraction result in ongo-
ing electrolyte decomposition and in a gradual loss of active lithium.®
In the course of this, SEI-forming additives in the electrolyte, e.g.,
FEC, are depleted, which was shown to result in a significant increase
in cell polarization and a concomitant rapid capacity drop.®!!

Various strategies have been proposed to overcome the detrimen-
tal effects associated with the volume expansion during (de-)lithiation
of silicon and to reduce concomitant irreversible capacity losses, in-
cluding preparation of silicon thin-films with a significantly reduced
silicon/electrolyte interface,!>'# Si-Al-Fe active/inactive alloy elec-
trodes that reduce the volume expansion of the active phase,>'>!¢ and
design of nanostructured silicon materials with carbonaceous com-
pounds, such as graphite, to improve the electrical conductivity within
the electrode and to better accommodate the volume expansion of
silicon.'-% Although the surface area per capacity usually increases
for nanostructured silicon materials with decreasing diameter,?' which
leads to a higher first cycle irreversible capacity loss, silicon nanowires
offer the advantage of a smaller relative surface area change upon

*Electrochemical Society Student Member.
**Electrochemical Society Fellow.
“E-mail: morten.wetjen@ tum.de

(de-)lithiation and in addition usually reveal less morphological
changes, due to a reduced mechanical stress within the materials.”
Therefore, irreversible capacity losses upon cycling are expected to
be lower compared to conventional nanoparticles.

Further studies on the degradation mechanisms of silicon-based
electrodes were performed with respect to the actual conditions in
commercial Li-ion batteries. While some research groups, includ-
ing those from Obrovac,!> Guyomard,”*** and Abraham,>~?" already
reported studies on full-cell configurations, the majority of the aca-
demic literature still refers to half-cell measurements, using lithium
metal counter electrodes and an excess of electrolyte. However, side
reactions at the lithium metal/electrolyte interface and the usually 10
times larger amount of electrolyte (i.e. >50 pL cm™2 instead of 5 pL
cm~2 in commercial cells)!' make it difficult to evaluate the degra-
dation phenomena occurring at the silicon-based electrode, including
the loss of active lithium and depletion of the electrolyte.?s=*

In this study, we present a comprehensive approach to understand
the degradation mechanisms in silicon-graphite electrodes. Hence,
we prepare silicon-graphite electrodes with practical areal capaci-
ties between 1.8 and 2.3 mAh cm~2, composed of physical mixtures
of different silicon/graphite active material ratios, with silicon con-
tents between 20-60 wt%.>! By use of cyclic voltammetry, we in-
vestigate the electrochemical (de-)lithiation of silicon and graphite
as a function of the active material ratio. To evaluate the electrode
degradation upon cycling, we introduce pseudo-full cells, compris-
ing silicon-graphite negative electrodes and capacitively oversized
LiFePOy positive electrodes. This cell configuration offers several
advantages over practical full-cells, namely: (i) a stable reference po-
tential of 3.45 V vs. Li/Li* to monitor the silicon-graphite potential in
a two-electrode coin-cell configuration, and (ii) to provide a defined
lithium reservoir, which allows to investigate exclusively the degra-
dation of the silicon-graphite electrode without an additional capacity
loss due to the depletion of cyclable lithium. While these conditions
would also be satisfied by a lithium metal electrode, the third reason is
(iii) to minimize side reactions of the electrolyte at the positive elec-
trode (here: LiFePO,), which would alter the electrolyte (and FEC)
decomposition and thus influence its quantification. As electrolyte
we use 1 M LiPFs in EC:EMC (LP57) with 5 wt% of the widely
used fluoroethylene carbonate (FEC) as additive, which is known to
significantly improve the cycling stability of the silicon-graphite
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Scheme 1. Silicon-graphite electrode compositions (in wt%) that were inves-
tigated in this study.

electrode.> We also added a comparably large amount of electrolyte
to the coin cells (130 L or 84 pL cm™2%; ~15 times larger compared
to large-scale cells), because it allows for a more precise quantification
of the FEC consumption via ""F-NMR.!!' From the analysis of the dif-
ferential capacity curves and the electrode polarization upon cycling,
we deconvolute the different degradation mechanisms arising from
silicon-graphite electrodes. In addition, we evaluate the consump-
tion of FEC as primary source for electrolyte decomposition through
YF-NMR analysis of the electrolyte harvested from coin-cells
after 120 cycles. Finally, we discuss the implications of these results on
commercial Li-ion batteries with silicon-based electrodes by estimat-
ing the volume of the electrolyte decomposition products and forecast-
ing cycle lifetimes, taking into account practical electrolyte amounts.

Experimental

Electrode preparation.—Silicon-graphite (SiG) electrodes, con-
sisting of silicon nanoparticles (~200 nm, silicon, Wacker Chemie
AG, Germany) and graphite (~20 pm, T311, SGL Carbon GmbH,
Germany), were prepared through an aqueous ink procedure. Hence,
silicon and graphite were thoroughly mixed with vapor grown carbon
fibers (VCGF-H, Showa Denko, Japan) and lithium poly(acrylate)
(LiPAA, MW = 250,000 g mol~!, Sigma-Aldrich, Germany) in a
planetary ball mill (Pulverisette 7, Fritsch, Germany) with ZrO, balls
(10 mm diameter) under stepwise addition of 18 M2 cm Milli-Pore
water (final solid content ~30 wt%). The resulting ink was cast onto
Cu-foil (thickness 25 wm, Goodfellow, USA), using a gap bar coater
(RK PrintCoat Instruments, UK). Electrode discs of 14 mm in diame-
ter were punched out and were subsequently dried in a Biichi oven for
at least 12 h at 100°C, before being transferred into an Ar atmosphere
MBraun glove box (H,0 and O, concentration <0.1 ppm) without ex-
posure to air. The areal capacity of the resulting SiG electrodes ranged
from 1.8 to 2.3 mAh cm~2, which corresponds to a silicon-graphite
active material loading of 0.71-1.84 mggc cm™2, depending on the
active material ratio.

Scheme | summarizes the electrode compositions that were in-
vestigated in this study. As one can see, the weight contribution of
the active materials (silicon and graphite) accounted for 70-85 wt%
of the total electrode mass. Herein, the fraction of silicon was step-
wise decreased from 60 to 20 wt%, while the fraction of graphite
was simultaneously increased from 10 to 65 wt%. To accomplish
adequate electrode integrity and to maintain sufficient electrical con-
ductivity upon cycling, the amount of conductive additive and binder
were adjusted to the amount of silicon in the electrode. In accor-
dance with Marks et al.,** we adjusted the binder coverage to ~6.3
mg mgpr~2 in all compositions, considering a BET surface area of
~40 m? g~! for silicon in the delithiated state, ~5 m? g~! for graphite,
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and ~13 m? g~! for the carbon fibers. During the optimization of the
electrode compositions, we explored different binder and conductive
carbon contents that affected the integrity and cycling stability of the
electrodes to a certain extent; yet they did not impact the relation of the
FEC consumption and the exchanged capacity, as will be explained
in detail in the Discussion section. As the theoretical electrode capac-
ities ranged from 960 to 2,200 mAh g~! (taking theoretical active
material capacities of 372 mAh g~' - and 3579 mAh g~';),?! the elec-
trode coating thicknesses were adjusted to 15-31 wm (measured by
Mitutoyo Litematic VL-50, Japan), thus providing a consistent areal
capacity of 1.8-2.3 mAh cm™2.

Electrolyte and test cell assembly.—Electrochemical character-
ization was performed in coin-cells (CR2032, Hohsen, Japan) that
were assembled in an Ar-filled glove box (MBraun, Germany) by
sandwiching two porous glass fiber separators (& 16 mm, thickness
250 pwm, VWR, USA) soaked with 130 1L electrolyte solution (i.e.,
84 wL cm™2) between a silicon-graphite electrode (@ 14 mm,
1.8-2.3 mAh cm~?) and either a lithium metal electrode (@ 15 mm,
450 pm thickness, Rockwood Lithium, USA) for cyclic voltammetry
or a capacitively oversized LiFePO, (LFP) electrode (@ 15 mm,
3.5mAhcm™2, Custom cells, Germany) for cell cycling. As electrolyte
solution, 1 M LiPF dissolved in a mixture of ethylene carbonate (EC)
and ethyl methyl carbonate (EMC) (3:7 w:w; LP57, BASF, Germany)
and 5 wt% of fluoroethylene carbonate (FEC, BASF, Germany) was
used.

Electrode morphology.—The morphology of the pristine silicon-
graphite electrodes was investigated by scanning electron microscopy
(SEM). First, electrode cross-sections were prepared by Argon ion
beam polishing, using a JEOL Cross Section Polisher 1B-09010CP
(JEOL, Japan). Afterwards, SEM images were measured by use of
a JEOL JSM-7800F PRIME (JEOL, Japan) with a field-emission
electron source and a secondary electron detector.

Cyclic voltammetry.—The electrochemical (de-)lithiation of the
SiG electrodes was characterized by cyclic voltammetry in a Li//SiG
coin-cell setup. Alternating linear potentiodynamic sweeps with ascan
rate of 25 pV s~! were applied, forcing the cell potential from open
circuit potential (typically ~2.6 V vs. Li/Li") to 0.01 V vs. Li/Li*"
(lower vertex potential) and then back to 1.5 V vs. Li/Li* (upper vertex
potential). All measurements were performed in a climate chamber
(Binder, Germany) at 25°C (£0.5°C), using a multi-channel potentio-
stat VMP3 (BioLogic, France).

Cell cycling.—Electrode polarization and cycling performance of
SiG electrodes were investigated through galvanostatic cycling of
SiG//LiFePOy coin-cells. Initially, a formation cycle between 0.01
and 1.25 V vs. Li/Li* (corresponding to 3.44 and 2.2 V cell voltage)
was applied to all cells using a C-rate of 0.05 h™! (~0.1 mA cm™2).
Two constant voltage (CV) steps were performed at the end of SiG
lithiation/delithation (i.e., at 0.01/1.25 V vs. Li/Li*) with a current
limit of 0.02 h~". For the subsequent cycles, the C-rate was increased
to 0.5 h™!' (~1.0 mA cm2). All measurements were performed in a
climate chamber (Binder, Germany) at 25°C (£0.5°C), using a battery
cycler (Series 4000, Maccor, USA).

Electrolyte consumption.—Consumption of fluoroethylene car-
bonate (FEC) during galvanostatic cycling was investigated by
YF-NMR spectra which were obtained post-mortem from the elec-
trolyte solutions. For this, SiG//LiFePO, coin-cells were disassem-
bled after 120 cycles and the glass fiber separators were subsequently
dipped into deuterated dimethyl sulfoxide (DMSO-d6, anhydrous,
Sigma-Aldrich, USA). The resulting solutions were then filled into
air-tight NMR tubes and F-NMR spectra were measured using a
Bruker Ascend 400 (400 MHz). As described by Jung et al., the re-
sulting "’F-NMR spectra show only peaks that can either be ascribed
to PFs~ or FEC, i.e., no additional peaks from PO,F,~ or PO;F*~
can be observed that originate from salt decomposition or separator
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Figure 1. Cyclic voltammetry responses of the first (panel a) and the second
cycle (panel b) of Li//SiG coin-cells, incorporating silicon-graphite electrodes
with different active material ratios. Characteristic features are labelled either
by star (silicon) or hash (graphite). Electrolyte: 130 pL LP57 with 5 wt%
FEC, scan rate: 25 1V s~!, vertex potentials: 0.01 and 1.5 V, electrode area:
1.54 cm?, areal capacities ranged from 1.8 to 2.3 mAh cm~2, temperature:
25°C.

decomposition by HF.!'34 As a result, the concentration of PF¢~ in the
electrolyte solution shows no quantitative changes upon cycling and
can thus be defined as an internal standard. For that reason, changes
in the ratio of PF¢~ peak integrals to FEC peak integrals allow to
monitor the consumption of FEC after a selected number of cycles.
A previous work from our group,'! which deployed this method pro-
vided the same four-electron mechanism for the reduction of FEC as
an independently conducted analysis via gas chromatography coupled
with mass spectrometry (GC-MS) by Petibon et al.?

Results

Electrode characterization.—Table 1 summarizes the properties
of the silicon-graphite electrodes that were investigated in this study.
Based on measured areal loadings of the electrode coatings, the known
electrode composition, and the measured electrode thicknesses,
the calculated electrode densities of all electrodes range between
~0.6-0.7 g cm™3, corresponding to electrode porosities ranging in
between ~67-73%, were obtained for all compositions. We ascribe
this characteristic to a combination of the similar bulk densities of
silicon (~2.3 g cm™?) and graphite (~2.2 g cm™>) and of the large
and well dispersed carbon fibers (diameter: 150 nm, length: 10-20
pwm) that create a substantial amount of void spaces.

The electrochemical (de-)lithiation of the silicon-graphite elec-
trodes was investigated by cyclic voltammetry. Figure | shows the
current responses of (a) the first and (b) the second cycle obtained from
the different SiG electrode compositions. While the lithiation fea-
tures of silicon and graphite are largely superimposed during the first
reductive scan at potentials below 0.18 V vs. Li/Li*, the oxidative scan
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clearly reveals two characteristic delithiation peaks of silicon at 0.31
and 0.50 V vs. Li/Li* 30 as well as three delithiation peaks of graphite
at 0.11, 0.16, and 0.24 V vs. Li/Li*, which correspond to the volt-
age plateaus of lithium-graphite intercalation compounds LiC,.*” The
silicon features appear more pronounced in the 60 wt% and 50 wt%
silicon electrodes (blue curves), whereas the graphite peak currents
decrease, according to the lower graphite content in these electrodes.
As expected, the lithiation behavior of silicon changes between the
first and second cycle (see Figure 1b). Once the silicon has become
amorphous after the first reductive scan, lithiation in subsequent scans
starts at more positive potentials of about 0.21 V and continues below
0.11 V vs. Li/Li*. In agreement with Fuchsbichler et al.,!” graphite
is lithiated (<0.19 V vs. Li/Li") and delithiated (<0.24 V vs. LV/Li™)
step-wise at slightly more negative potentials compared to silicon.
The inset in Figure 1a shows a magnification of the first reductive
scan. The feature at about 1.3 V vs. Li/Lit can be assigned to the
reductive decomposition of FEC.?® As it was reported earlier in the
literature, FEC is reduced at more positive potentials than EC and
EMC, thereby forming an SEI layer on the active material particles,
which significantly reduces further electrolyte decomposition.**!

Cycling performance in SiG//LFP cells.—The cycling per-
formance of the silicon-graphite electrodes (1.8-2.3 mAh cm™2)
was investigated vs. capacitively oversized LiFePO, electrodes
(~3.5 mAh cm~2). To fully utilize the theoretical specific capacity
of the different silicon-graphite electrodes, the cutoff potentials were
set to 0.01 V vs. Li/Li* during lithiation (3.44 V cell voltage) and
1.25 V vs. Li/Li* during delithiation (2.2 V cell voltage). In addition,
constant voltage steps were applied at the end of lithiation and delithi-
ation. Figure 2 shows (a) the coulombic efficiency (in %) and (b) the
gravimetric delithiation capacities normalized to the entire electrode
mass (in mAh g‘lel) as a function of the cycle number. Table I sum-
marizes relevant data of the first cycle and the capacity retention upon
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Figure 2. Galvanostatic cycling of SiG/LFP coin-cells, with different silicon-
graphite clectrode compositions. Areal capacities: SiG (1.8-2.3 mAh cm™2),
LFP (~3.5 mAh cm~2), electrolyte: 130 L LP57 with 5 wt% FEC, applied
currents: ~0.1 mA cm~2 (0.05 h~") during formation cycle and ~1.0 mA cm™—2
(0.5 h™!) during consecutive cycles, SiG electrode cutoff potentials of 0.01
and 1.25 V vs. Li/Li*, constant voltage steps at 0.01/1.25 V vs. Li/Li™ at
the end of (de-)lithiation with a current limit of 0.02 h=!. Panel (a): Coulom-
bic efficiency obtained from the ratio of delithiation/ lithiation capacity. and
panel (b): Delithiation capacity in mAh g=!; per silicon-graphite electrode.
The error bars represent the standard deviation of at least two independent
repeat measurements.
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Table I. Properties of the silicon-graphite electrodes that were investigated in this study. Selected data from the first galvanostatic cycle at 0.05 h~!
between 0.01 and 1.25 V vs. Li/Li* and from *F-NMR FEC consumption measurements after 120 cycles. The % values represent the standard

deviation of at least two independent repeat measurements.

Electrode composition

Electrode properties Units SiG (60:10) SiG (50:25) SiG (35:45) SiG (20:65)
Theoretical electrode capacity mAh gl 2,185 1.883 1,420 958
Capacity contribution from silicon % 98.3 95.1 88.2 74.1
Areal capacity mAh cm™—> 23+£02 1.8+£0.2 1.8+02 21+£02
Electrode mass loading mg cm ™2 1.06 0.94 1.30 2.17
Active material loading mgsig cm 2 0.74 0.71 1.04 1.84
Electrode thickness wm 15£2 16£2 21 +£2 31+£2
Electrode density g cm3y 0.71 0.59 0.62 0.70
Electrode porosity % 67 73 72 68
Electrode BET area (delithiated) m2ggr g" 26 23 17 12
Binder coverage mg m~2pgr 6.1 6.2 6.3 6.6
1% cycle coulombic efficiency % 87.6+0.8 86.1 £0.7 86.3+0.5 87.1£05
18 cycle irreversible capacity mAhjy g7l 272 272 201 128
1% cycle delithiation capacity mAh gl 1,933 1,685 1,265 860
Capacity retention in cycle 120 mAh g~y 1,323 1,264 979 713
Capacity retention cycle 3-120 % 67 74 76 82
cycle # at 80% capacity retention # 44 58 87 >120
Total irreversible capacity after 120 cycles Ahyy g7 Ty 247 2.17 1.62 0.93
mAbh;; cm™2 2.62 2.04 2.11 2.02
Capacity per FEC after 120 cycles mAh, tmol ™! 11.5 12.9 14.5 15.7
mAhg si mol ™! 11.3 122 12.8 11.7
FEC per irreversible capacity after 120 cycles jmol mAh~!;, 13.0 12.3 11.5 13.1

cycling. As can be seen from Figure 2b, the different electrode com-
positions demonstrate delithiation capacities between 860 mAh g1,
(20 wt% silicon, dark brown curve) and 1,930 mAh g~ (60 wt%
silicon, dark blue curve) during the first cycle (see also Table I). In-
terestingly, all electrodes indicate a very similar first cycle capacity
utilization and coulombic efficiency, both in the range of ~85-88%,
independent of the electrode composition (i.e., all electrodes reveal
a similar areal irreversible capacity loss of 0.28 4+ 0.02 mAh cm™
in the first cycle). These first cycle coulombic efficiencies of the
SiG electrodes are very similar as for the silicon electrodes with-
out graphite but using the same silicon particles (40 wt% silicon, 20
wt% VGCEF, 20 wt% LiPAA) with 85-86% (data not shown), and are
only slightly lower compared to the ~92% for pure graphite elec-
trodes (95 wt% graphite, 5 wt% PVdF). We explain this behavior by
the similar BET surface area per capacity of both active materials
(11-13 m?pr Ah™!) in the delithiated state, suggesting that the ini-
tial SEI formation process is similar at silicon and graphite. As the
irreversible capacity loss of the first cycle, which is commonly as-
sociated with SEI formation, is proportional to the BET surface area
of the active material, the amount of SEI loss per delivered capacity,
and thus the coulombic efficiency, must consequently be the similar
for all compositions.*> Thus, contrary to common perception, the first
cycle coulombic efficiencies of silicon and graphite are actually quite
similar in this case. As a corollary, for silicon particles with a lower
BET area (i.e., with a lower m?gy Ah~! value), one would expect
them to exhibit equal or even superior coulombic efficiency compared
to graphite, as the first-cycle coulombic efficiency seems to scale with
m’per Ah~! value. Consistent with this assumption, Yoon et al. re-
cently reported a coulombic efficiency of ~91.5% for silicon particles
with a diameter of 700 nm, which is higher than that of graphite.’
Within the first 60 cycles, all electrodes reveal a distinct capacity
decay (see Figure 2b), which occurs earlier and increases in extent
with increasing silicon content. Here we would like to note that this
loss of reversible capacity is not related to the depletion of FEC as
described by Jung et al.,!! because our ’F-NMR analysis after 120 cy-
cles revealed a residual FEC concentration of at least ~1.2 wt% in the
clectrolyte (originally 5 wt%). The cycling stability notably improves
after the initial capacity decays, leading to similar capacity fading
rates for all compositions. The resulting capacity retentions between

the 3" (i.e., after formation) and the 120" cycle at 0.5 h™! lie be-
tween 67% for the 60 wt% silicon electrode and 82% for the 20 wt%
silicon electrode (see Table I), meaning that the silicon/graphite ratio
displays a trade-off between the initial delithation capacity and sub-
sequent cycling stability. In addition, all electrode compositions show
a minimum in the coulombic efficiency around the 20" cycle (see
Figure 2a), followed by a gradual increase to values above 99.5%.
Like the capacity decay, the minimum coulombic efficiency value at
~20 cycles decreases with increasing silicon content. At this point we
would like to note that the capacity fade in Figure 2b is not related
to a depletion of active lithium, i.e. the capacity of the LFP positive
electrode after 120 cycles is still large enough to avoid a limitation
in cyclable lithium. The same cycling behavior was also obtained in
preliminary experiments in half-cells vs. lithium metal.?!

Irreversible capacity loss upon cycling.—To understand the irre-
versible processes taking place in the silicon-graphite electrodes at
different stages of cycle life, the total irreversible capacity ) Q;,» as
a function of the cycle number is shown in Figure 3. Here, > Q,, was
calculated as described by Equation 1, with Q,/™tion and (,delithiation
being the specific lithiation and delithiation capacities in Ahy, g7,
while the index i stands for the respective cycle number.

120

Z Qi = Z (Qll_ifhia[ion _

i

Q;iplifhiarion) [1]

As can be seen in Figure 3, the > Q;,, evolution of all electrode
compositions is characterized by a sigmoidal shape. The first part
consists of an initial offset in ) Q;,, of about 0.13-0.27 Ahy,, g
corresponding to the first cycle irreversible capacity described in
Table [, and subsequent sigmoidal increase in ) Q;,,, with a maxi-
mum in the slope after ~20 cycles, whereby the slope increases with
increasing silicon content. The second part after about ~45 cycles,
however, is characterized by a less steep and nearly linear growth
of > Q,, with cycle number. Interestingly, the sigmoidal increase
of Y Qi within the first ~45 cycles implies that the irreversible
processes go through a maximum after ~20 cycles, which also cor-
responds to the minimum in coulombic efficiency in Figure 2a. We
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Figure 3. Total irreversible capacity Y Qj in units of Ahiy ¢!y (defined
by Equation 1) as a function of the cycle number, obtained from the gal-
vanostatic cycling data of the SiG/LFP coin-cells shown in Figure 2. The
error bars represent the standard deviation of at least two independent repeat
measurements.

expect that this behavior is caused by the degradation of the silicon
particles, which will be explained in more detail in the Discussion
section. In contrast to the first phase, the Y Q;,, slopes in the second
phase are almost constant and very similar for all electrode composi-
tions (see Figure 3). In this stage, residual irreversible capacity losses
are significantly reduced and mainly scale with the delivered capacity,
but seem to be independent of the electrode composition.

Silicon-graphite electrode capacity decay.—Figure 4 shows cyclic
voltage profiles of the 20 wt% silicon electrode as a function of the
exchanged capacity for the 2", 20, 60%, and 120" cycle. For this
electrode with the highest graphite content of 65 wt%, the capacity
contribution from the graphite active material can be most clearly dis-
tinguished from the contributions by silicon. In addition, we plotted the
differential capacity curve of the same electrode in Figure 5a, which
allows a direct identification of the (de-)lithiation potentials of sili-
con and graphite (highlighted by hash signs). Accordingly, the cyclic
voltage profiles in Figure 4 are increasingly compressed in x-direction
upon continued cycling, reflecting a decrease in the reversible capacity
of the silicon-graphite electrode. To identify the origin of this capac-
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Figure 4. Cyclic voltage profiles of the 20 wt% silicon electrode plotted as a
function of the exchanged capacity (mAh g‘lel), obtained from galvanostatic
cycling of SiG//LFP coin-cells. The SiG electrode potential was calculated
from the SiG//LFP cell voltage, referring to a constant LFP electrode potential
of 3.45 V vs. Li/LiT.
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Figure 5. Differential capacity curves of the (a) 20 wt% silicon electrode and
(b) 50 wt% silicon electrode plotted as a function of the silicon graphite po-
tential (V vs. Li/LiT). The data were obtained from galvanostatic cycling of
SiG//LFP coin-cells. The SiG electrode potential was calculated from the
SiG//LFP cell voltage, referring to a constant LFP electrode potential of
345V vs. Li/Li™.

ity decay, we first consider that the delithiation capacity contribution
in Figure 4 at potentials below 0.25 V vs. Li/Li* stays constant at
about 250 mAh g~!. Taking into account the graphite delithiation
potentials obtained from cyclic voltammetry in Figure 1 and the the-
oretical capacity contribution of ~25% from graphite in the 20 wt%
silicon electrode (~75% of the total theoretical capacity of 960 mAh
g~ are contributed by silicon; see Table 1), we can conclude that
the loss of reversible capacity is mainly associated with the silicon
active material at delithiation potentials above 0.25 V vs. Li/Li*. This
conclusion is additionally confirmed by the differential capacity curve
shown in Figure 5a, which clearly shows that the integral of the peaks
associated with the delithiation from graphite (see hash signs) remain
almost constant.

In addition, Figure 5b shows the differential capacity profile of
the 50 wt% silicon electrode for the 279, 20", 60%, and 120" cycle
as a function of the silicon-graphite potential. Both electrodes re-
veal almost no polarization during the lithiation at potentials below
0.2 V vs. Li/Li*™ upon cycling, however, a distinct potential drop af-
ter 60 cycles for the 50 wt% silicon electrode can be observed at
low degrees of lithiation, i.e., at potentials above 0.2 V vs. Li/Li™.
As a result, the loss of reversible capacity must be largely caused
by an incomplete lithiation of the silicon active material, which can
be clearly seen by the disappearance of the lithiation shoulder in the
0.25-0.5 V vs. Li/Li" region. Analogously, during delithiation both
electrodes reveal significant changes at potentials above 0.25 V vs.
Li/Li* upon cycling. Between the 2" and the 20" cycle, a distinct
peak at about 0.45 V vs. Li/Li* can be seen, which is ascribed
to the two-phase delithiation reaction from crystalline Li;sSiy to
amorphous Li,Si.* As expected, the extent of this peak is larger
in the 50 wt% electrode. Several studies on different alloy elec-
trodes indicated that these two-phase boundaries cause additional
particle damage due to inhomogeneous volume changes compared
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Figure 6. Capacity contribution (in %) from constant voltage steps at the end
of (a) lithiation at 0.01 V vs. Li/Li* and (b) delithiation at 1.25 V vs. Li/Li*,
obtained from galvanostatic cycling at 0.5 h=! of SiG/LEP coin-cells shown
in Figure 2. The first two cycles were omitted to exclude any effects that
may result from the lower C-rate of 0.05 h~! during the first cycle. The
error bars represent the standard deviation of at least two independent repeat
measurements.

to single-phase reactions and that they often coincide with a ca-
pacity fade of the respective electrodes.”** For silicon-based elec-
trodes, laboni and Obrovac demonstrated recently that the forma-
tion of Li;sSiy during cycling can be used as a sensitive indicator
for weakly bound silicon regions and coincides with the detach-
ment of silicon particles, leading to a capacity decay.® In agree-
ment with their report, the extent of the Li;5sSiy peak shown in
Figure 5 increases within the first 20 cycles, which corresponds to
a simultaneous decrease of the delithiation from amorphous silicon-
lithium alloy (a-Si). In other words, during lithiation within the first
cycles more silicon is reduced to form the highly lithiated crystalline
Li;5Si4 phase. However, analogous to the cycling data shown in Fig-
ure 2b after 60 cycles a continuous decrease of the Li;5Sis peak can
be observed, which, though it is partially compensated by a smaller
increase of the delithiation capacity from amorphous silicon-lithium
alloy (a-Si), indicates that the silicon particles no longer reach the
highly crystalline Lis 75Si stoichiometry. Although this effect is more
pronounced in electrodes with higher silicon content and can be ex-
plained by an incomplete lithiation, the decay of the delithiation ca-
pacity at potentials above 0.6 V vs. Li/Li*, i.e. at low degrees of
lithiation, is even more severe and the main source for the loss of
reversible capacity, which agrees with the disappearance of the shoul-
der during lithiation at potentials between 0.25 and 0.5 V vs. Li/Li™.
This phenomenon is most likely caused by insufficiently connected
silicon particles, which suffer either from incomplete lithiation or,
more likely, incomplete delithation because of a higher contact and
interfacial resistance during particle shrinkage.*’

Figure 6 shows the capacity contributions Qcy from the constant
voltage steps at the end of (a) the lithiation step at 0.01 V vs. Li/Li*
and (b) the delithiation step at 1.25 V vs. Li/Li* for the different elec-
trode compositions. The contributions for each cycle were calculated
according to Equation 2,

Q(,'V

— - 100 2
Qcc + Qcv 2]

QCV,% =

A2845

where Qc¢c is the capacity from the constant current step and Qcy is
the capacity from the constant voltage step. As can be seen in Fig-
ure 6a, the lithiation of the silicon-graphite electrodes is characterized
by a continuous increase of Q¢ by ~6%-points before stabilizing
between 17-19% across all electrode compositions. In other words,
after ~45 cycles approximately one fifth of the lithiation capacity
is derived from the constant voltage step at 0.01 V vs. Li/Li*. The
slope of Qcyg, vs. cycle number reaches a maximum after ~20 cy-
cles before it decreases to essentially zero after about ~45 cycles.
The occurrence of this inflection point seems to be independent of
the electrode composition and again coincides with the minimum in
the coulombic efficiency in Figure 2a. We assume that the initial rise
in Qcyg results from a minor increase in electrode polarization (as
shown in Figure 5, the voltage polarization increase for the lithiation
process is rather small), which we believe originates from enhanced
electrolyte decomposition in the initial cycles due to silicon particle
degradation (i.e., surface growth) and subsequent growth of the SEI
layer. Upon continued cycling (i.e., after ~45 cycles), the increase in
Qcvy is only minor across all electrode compositions. As it is known
that the SEI layer mainly consists of electrically insulating electrolyte
decompositions products, e.g., inorganic LiF and Li,CO3 compounds
as well as organic alkyl carbonates and alkoxides, its growth is limited
to a certain thickness.**** Hence, we expect that the silicon surface
does not change significantly after cycle 45.

As the electrode polarization during lithiation does not seem to
depend on the electrode composition, there must exist a second degra-
dation phenomenon during delithiation that leads to the observed
composition-dependent capacity drop shown in Figure 2. To fur-
ther investigate this, the capacity contribution from the CV-step at
1.25 V vs. Li/Li* during delithiation is shown Figure 6b. Initially,
Qcvy is in the range of ~1% across all electrode compositions and
thus much smaller compared to that of the lithiation CV step. This
can be explained by considering exemplarily the differential capacity
curves in Figure 5, according to which the delithiation cutoff po-
tential of all silicon-graphite electrodes, independent of the silicon
content, is significantly higher than the average delithiation potential
of ~0.5 V vs. Li/LiT. However, for the silicon-rich SiG electrode with
60 wt% silicon, Qcy, rises rapidly after the first cycle, reaching ~8%
within less than 10 cycles, which indicates an increased difficulty to
completely delithiate the silicon particles. The same is observed for the
50 wt% and the 35 wt% SiG electrodes, which display a sharp increase
of the Oy value after ~10 and ~20 cycles, respectively. While also
for the Si-poor SiG electrode with 20 wt% silicon a gradual increase
of Qcy is observed after ~30 cycles, the magnitude of this increase
is substantially smaller than for the electrodes with higher silicon con-
tent. In summary, the higher the silicon content of the SiG electrodes,
the earlier initiates the observed increase in Qcyq and the higher is
the magnitude of the Qcyq, increase. Remarkably, the onset and the
extent of the increase of Qv during the delithiation cycles shown
in Figure 6b coincides with the onset and the extent of the distinct
capacity decay within the first 60 cycles as shown in Figure 2. The
origin of this phenomenon will be further examined in the Discussion
section.

Electrolyte consumption.—Besides the capacity decay, continu-
ous consumption of the electrolyte constitutes a severe challenge to
silicon-based electrodes. To quantify the loss of electrolyte caused
by side reactions at the silicon/electrolyte interface, we harvested the
electrolyte-soaked separators from the cycled SiG//LFP coin-cells af-
ter 120 cycles and measured '’ F-NMR of the extracted electrolytes. As
FEC is reduced at more positive potentials than EC or EMC, Jung et al.
demonstrated by on-line electrochemical mass spectrometry (OEMS)
that FEC almost entirely suppresses the decomposition of EC as long
there is FEC present in the electrolyte.'' Hence, we consider in the
following the change in the ratio of the FEC and PF¢~ peak integrals
as a sensitive indicator for the electrolyte consumption upon cycling.

Figure 7a shows the total charge-+discharge capacity per mole of
FEC obtained from the SiG//LFP coin-cells depicted in Figure 2 af-
ter 120 cycles. This consumption rate was calculated by Equation 3,

Downloaded on 2017-09-19 to IP 138.246.2.113 address. Redistribution subject to ECS terms of use (see ecsdl.org/site/terms_use) unless CC License in place (see abstract).



A2846

— 71— — 71— — T
20 (a) Normalized to the total charge/discharge capacity
b of the entire electrode (mAh, umol™,_ ) <
~ 16 - 2,
Pl 1 ]
'6 12 -
E b -
a3 8- |
5
é L ]
4 - i
£ | ]
O
E 20 + (b) Normalized to the total charge/discharge capacity |
5 L only from silicon (mAh,,, ;. umol’ ! red) 1
Q. 16 -
= L 1
g 12 1 1
Q.
8 L ]
— 8r B
g L 1
= 4r —
SiG (60:10) SiG (50:25) SiG (35:45) SiG (20:65)

Electrode composition
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where Y Q,,, is the total charge exchanged during charging and dis-
charging in mAh,, (see Equation 4) and sy is the FEC consumption
in wmolpgc as determined from integral analysis of the "F-NMR
spectra. In other words, this thus determined capacity per FEC de-
scribes the amount of charge that can be exchanged by the silicon
active material until 1 pumol of FEC is consumed by concomitant side
reactions.

Z Qo

nrec

Capacity per FEC = [3]

120
Z O = Z (Qgithiazitm + leplithiatitm) [4]
i

As can be seen, the total capacity per mole of FEC increases
gradually with decreasing silicon content from 11.5 mAh,o, pumol ! e
in the 60 wt% silicon electrode to 15.7 mAh,, pwmol™!psc in the
20 wt% silicon electrode. Taking into account a density of 1.41 gcm™>
for FEC, this would correspond to a total capacity per LL FEC of 150—
210 mAh,, pL!yc. Interestingly, this difference is comparatively
small, especially when considering that the 60 wt% silicon electrode
contains nominally three times more silicon compared to the 20 wt%
silicon electrode. For that reason, we applied Equation 5 to correct the
total exchanged capacity by the capacity contribution from graphite to
obtain the capacity that results only from the (de-)lithiation of silicon

(mAh, s umol~!xc) as shown in Figure 7b,

theo

Xsi - Si
> Qusi=Y Q- : (5]
xsi - Q8+ xc - Q

where Y Q4 si s the total capacity from silicon, Y Q,,, is the total
capacity from the entire electrode (see 1 and 2" rows in Table I),
Q!0 is the theoretical capacity of silicon, Q"¢ is the theoretical
capacity of graphite, xg; is the relative amount of silicon, and x is the
relative amount of graphite. It is to note that for reasons of simplicity,

Journal of The Electrochemical Society, 164 (12) A2840-A2852 (2017)

we make the approximation that the ratio of the capacity contribu-
tions of silicon and graphite remains constant throughout cycling. As
the silicon accounts for the majority of the capacity (>75%) in any
case, the error arising from this assumption should be low, even if
the capacity of graphite and silicon in the SiG electrodes would fade
at different rates. Using Equation 5 to quantify the charge+discharge
capacity contribution from silicon and dividing its value by the mea-
sured FEC consumption, it can be seen in Figure 7b that the thus
calculated total capacity from silicon per mole of FEC falls within a
very narrow range, with mean values for each SiG electrode composi-
tion which differ from each other by less than one standard deviation,
so that the overall capacity per consumed FEC can be averaged for all
four SiG electrode compositions to 12.0 4 0.8 mAh,y s; jLmol ™' prc.
From this, we conclude that the total capacity exchanged by silicon
causes the same FEC consumption across all SiG electrode compo-
sitions, suggesting that the graphite content has no influence on the
FEC consumption rate.

nrec

FEC per irreversible capacity = ——— [6]
p P ty Z Qirr
Electrons per FEC = & [71
ngrc - F

To further support our conclusion, we applied Equation 6 to nor-
malize the FEC consumption nppc after 120 cycles to the total irre-
versible capacity Y Q;,, (see Equation 1). As a result of the repeated
volume expansion of silicon (~280%) and the resulting cracking and
continuous renewal of the SEI layer, we assume that the irreversible ca-
pacity losses after 120 cycles can be almost fully ascribed to the side re-
actions at the silicon/electrolyte interface. In accordance with that, the
normalization reveals a similar ratio of 11.5-13.1 wmolgse mAh™,
across all electrode compositions (shown in Table I), which is in good
agreement with the results obtained by Jung et al. and additionally
confirms their hypothesis according to which there is only one ma-
jor source of irreversible capacity loss on silicon when using FEC
containing electrolytes, namely the reduction of FEC.!! However, by
use of Equation 7, the conversion of the jumolgzc mAh~™!;; into the
number of electrons that are consumed by the reduction of FEC re-
veals a slightly lower value of 3.0 & 0.2 compared to the proposed
four-electron mechanism of Jung et al.!! We ascribe this discrepancy
to the influence of the two constant voltage steps at 0.01 and 1.25 V
vs. Li/Li* in the present study, as result of which our silicon-graphite
electrodes experienced these limiting potentials for a much longer time
compared to the constant current procedure of Jung et al.,'' which in
turn seem to affect the reduction processes at the silicon/electrolyte
interface.

Building up on the relation of the FEC consumption and the ir-
reversible capacity of 11.5-13.1 wmolprc mAh;,, we can now com-
pare the silicon-graphite electrodes with a standard graphite:PVdF
(95:5) electrode with the same graphite particles in a conventional
graphite//LFP full-cell cycling procedure (~1.7 mAh cm™2, CCCV
cycling between 2.0-4.0 V at 1 C), which shows a total irreversible
capacity of ~0.34 mAh per 550 mAh total charge-discharge capacity
(after ~200 cycles). By multiplying the total irreversible capacity with
the FEC consumption rate (here: 13.1 jumolppc mAh;,), we obtain an
absolute FEC consumption of 4.45 pmolyq:c (see Equation 6). Subse-
quent normalization of the total charge-discharge capacity of 550 mAh
to the absolute FEC consumption in accordance with Equation 3 re-
sults in a total capacity per FEC of ~124 mAh pmolgrc. Comparing
this value to the capacities per FEC for the different silicon-graphite
electrodes of 11.5-15.7 mAh pmolpic (see Figure 7a) clearly shows
that the FEC consumption caused by the (de-)lithiation of graphite is
more than one order of magnitude smaller as for silicon and likely
mainly results from the initial SEI formation during the first cycles.

Discussion

Differentiating the degradation phenomena in silicon-graphite
electrodes.—A closc inspection of the galvanostatic cycling data
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(Figure 2) and the two different regions in the corresponding total
irreversible capacity vs. cycle number plot (Figure 3) suggest that
our silicon-graphite electrodes undergo two distinct degradation phe-
nomena. There seems to be one degradation mechanism common to
all SiG electrodes, which results in an initial dip in the coulombic
efficiency over the first ~45 cycles, which goes through a minimum
after ~20 cycles (see Figure 2a), and which results in a rapid initial
increase in the CV-step lithiation capacity (see Figure 6a). Although
the extent of the coulombic efficiency minimum increases with the
silicon content in the electrodes, it occurs after the same number of
charge/discharge cycles across all electrode compositions, indepen-
dent of the silicon/graphite active material ratio. In contrast, there
seems to be another degradation mechanism which depends on the
silicon/graphite ratio, namely the initially rapid and distinct capacity
decay (see Figure 2b) as well as the clearly different increase in the
delithiation capacity during the CV-step (see Figure 6b). As will be
outlined in the following, we propose that the first phenomenon is
mostly related to the intrinsic properties of the silicon active material
such as particle size and morphology (furtheron referred to as sili-
con particle degradation), whereas the second phenomenon depends
not only on the silicon material but also on the electrode composi-
tion, viz., the silicon/graphite ratio (furtheron described as electrode
degradation).

Our hypothesis that the first degradation mechanisms, i.e., the sil-
icon particle degradation mechanism indeed mostly depends on the
intrinsic properties of the silicon particles can be illustrated by nor-
malizing the accumulated irreversible capacity Y O, (in Ay, g ')
shown in Figure 3 by the silicon content of the respective silicon-
graphite electrodes and plotting the resulting Y~ Q,,.s; (in Ahy; g7 1s;)
as a function of the cycle number, as shown in Figure 8a, as well as
a function of the total charge-discharge capacity (see Figure 8b). The
most important finding of this analysis is that all four SiG electrode
compositions now show an essentially identical behavior, thus reveal-
ing that the total irreversible capacity only depends on the amount of
silicon in the electrodes, with apparently negligible contributions from
the silicon/graphite ratio or from the graphite content. Furthermore,
by plotting Y~ Q;,s; versus the total amount of exchanged charge (see
Equation 4), Figure 8b shows that ) Q;,,.s; is identical for all SiG
electrodes, consistent with the observation that the FEC consump-
tion of all SiG electrodes only depends on the total charge-+discharge
capacity (see Figure 7b).

To explain the initial sigmoidal increase of the accumulated ir-
reversible capacity losses (3 Q,,), we consider that alloy electrode
materials suffer from an enhanced particle roughening and from the
formation of nanoporous particle morphologies as a consequence of
the repeated volume changes during lithiation/delithiation, as was re-
ported for tin’ and silicon'” (analogous o the structures formed during
dealloying reactions).’ Assuming that nanoporous silicon particles
are being created during the early phase of the charge/discharge cy-
cling, the sigmoidal behavior of the accumulated irreversible capacity
versus cycle number (see Figure 8a) can easily be rationalized: the
associated rapid initial increase in silicon particle surface area would
lead to an initial steep increase in the accumulated irreversible capac-
ity due to enhanced SEI formation, which subsequently would slow
down once a fully developed nanoporous particle morphology has
been reached. As this phenomenon would only depend on the silicon
particle size and morphology, its effect would have to be indepen-
dent of the silicon/graphite ratio of the SiG electrodes, as long as
the electrodes are cycled between identical potential limits (i.e., be-
tween identical degrees of silicon lithiation/delithation), as indeed is
observed in Figure 8. Furthermore, this hypothesis is consistent with
the fact that the characteristic dip in the coulombic efficiency with
a minimum after the same number of cycles is the same for all SiG
electrode compositions, independent of the silicon/graphite ratio (see
Figure 2a).

As can be seen in Figure 8, the silicon particle degradation is sig-
nificantly decreased after ~ 45 cycles, leading to a much reduced
slope of the accumlated irreversible capacity versus cycle number or
total exchanged charge. This would be consistent with the assumption
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Figure 8. Total irreversible capacity Y Qirr.si (mAhyy g~ 'si) normalized to
the mass of silicon in the SiG electrodes compositions (same color codes as
in Figure 3) and plotted (a) as a function of the cycle number, and (b) as a
function of the total charge+discharge capacity. The data were obtained from
galvanostatic cycling of SiG//LFP coin-cells, as shown in Figure 2.

that a steady-state morphology of the silicon particles is reached after
the initial ~45 cycles, i.c., that the silicon surface area has reached
a final steady-state value. We explain this behavior by a reduction of
the mechanical stress during insertion and extraction of lithium in the
nano-sized silicon features, resulting from the initial morphological
changes. In addition, this may also be related to the fact that the hy-
pothesized increased surface area and porosity of the silicon particles
would lead to a decrease of the effective surface-normalized current
density, which in turn would reduce the mechanical stresses due to
volume changes during cycling. In other words, the degradation of the
silicon particles results in morphological changes that simultaneously
diminish the root cause for their mechanical degradation, namely the
mechanical stress upon insertion and extraction of lithium.??> Once
the surface growth of silicon has reached a minimum and the sil-
icon particles are fully covered by an electronically insulating SEI
layer, further irreversible capacity losses at a now much lower rate
would mainly originate from ongoing electrolyte decomposition due
to cracking and repair of the existing SEI layer, which is caused by
the repeated volume changes upon cycling.

While the here given hypothesis is consistent with the literature, we
are currently seeking to provide microscopic proof for the proposed
relationship between nanoporous particle formation and the behavior
of the accumulated irreversible capacity versus cycle number.*®

In contrast to the silicon particle degradation mechanism, the elec-
trode degradation mechanism is highly dependent on the electrode
composition, with an observed earlier (in terms of cycle number) and
more severe decay of the reversible capacity with increasing silicon
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Figure 9. Scanning electron microscope cross-sectional images of (a. ¢) the 60 wt% silicon electrode, and (b, d) the 20 wt% silicon electrode. Secondary electron
detector (SE), 15.0kV electron acceleration voltage. magnification x5,000 (upper panels) and x11,000 (lower panels). Cross-sections were prepared with an Ar-ion

beam cross-section polisher.

content as shown in Figure 2b. Similarly, the delithiation capacity
contribution of the CV-step at 1.25 V vs. Li/Li* in Figure 6b strongly
increases with increasing silicon content, indicating an increasingly
significant polarization of the delithiation reaction of the silicon parti-
cles. To understand how the electrode composition might lead to these
observations, Figure 9 shows representative cross-sectional scanning
electron microscope (SEM) images of (a, c¢) the 60 wt% silicon elec-
trode and (b, d) the 20 wt% silicon electrode. The lower SEM images
(c, d) depict magnifications of the upper electrodes (a, b) at 11,000x.
As can be seen in (a) and (c), the 60 wt% silicon electrode consists
of a dense matrix of nanometer-sized silicon particles into which
a few graphite flake-like particles are widely dispersed. Therefore,
electronic conduction through this silicon-rich electrode involves the
contribution of a large number of silicon/silicon and silicon/carbon
fiber contact junctions, with the associated electronic contact resis-
tances. In contrast, the 20 wt% silicon electrode in (b) and (d) consists
of a nearly contiguous graphite backbone structure, whose interspaces
are partially filled by silicon particles, leading to a much smaller av-
erage distance between the individual silicon particles and adjacent
graphite particles. Therefore, the electronic conductivity of the SiG
electrodes is expected to be significantly improved with increasing
graphite content.

Although the SEI growth is largely driven by the above described
silicon particle degradation mechanism, the mean electron conduction
path length from the individual silicon particles to the graphite parti-
cles is crucial to maintain sufficient electronic conductivity through-
out the electrode, which we tried to capture by Scheme 2. Based
on this, one would expect that the progressive surface roughening of
the silicon particles in the early stages of SEI growth would lead to
a substantial loss of electrode integrity and subsequent increase of
the electrode resistance. This, however, seems to be only partially
consistent with the analysis of the potential profiles (see Figure 5)
over extended charge/discharge cycling: while the gradual disappear-
ance of the Li;5Si4 phase is consistent with an electronic conduction
resistance induced electrode polarization, the observed overpoten-
tial increase during charge and discharge is rather small and there
are no obvious differences between the different SiG composites.
On the other hand, our hypothesis of increased local electronic resis-
tance contributions with increasing silicon content seems to hold when

examining the capacity contribution during the delithiation CV step
(at 1.25 V vs. Li/Li*, see Figure 6b), which rapidly rises for silicon-
rich electrodes in contrast to SiG electrodes with low silicon content.
This can be easily explained by the silicon particle shrinkage during
delithiation, resulting in a temporary particle isolation and incomplete
delithiation, as was shown previously by Yoon et al.* Consistent with
this hypothesis is the observation that the capacity contribution dur-
ing the lithiation CV step (at 0.01 V vs. Li/Li*, see Figure 6a) is
similar for all SiG composites, as the expanded volume of the lithi-
ated silicon particles will reduce the effect of inter-particle electronic
contact resistances. The fact that the electrode polarization effects
only set in toward the end of the delithiation process now also ex-
plains why it is not apparent in the overall differential capacity curves
(Figure 5). In summary, we believe that the increasing capacity decay
rate with increasing silicon content is due to silicon particle detach-
ment and loss of electrical contact, particularly during the delithia-
tion step, caused by the increasingly long mean electron conduction

(a) (b)

Graphite

Scheme 2. Tllustration of the difference in the mean electron conduction path
length from the individual silicon particles to the electronically conductive
graphite particles as a function of the silicon/graphite ratio sketched for (a) an
Si-rich electrode (based on Figures 9a and 9c) and (b) an Si-poor electrode
(based on Figures 9b and 9d). The different path lengths for electron conduction
are illustrated by the yellow dotted line.
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path length with increasing silicon content (see Scheme 2). Thus, in
contrast to the silicon particle degradation mechanism, the electrode
degradation mechanism and the concomitant capacity decay of the
SiG electrodes is largely determined by the silicon/graphite active
material ratio.

To estimate the contribution from the incomplete delithiation to the
total irreversible capacity, we first considered that the loss of reversible
capacity of the 60 wt% silicon electrode between the 3™ and the 120"
cycle accounted for 634 mAh g~ (see Figure 2b). Taking into ac-
count that the incomplete delithiation mainly affects silicon particles
at low degrees of lithiation, i.e., below roughly 25% state-of-charge
(compare Figure 5b), the maximum amount of immobilized lithium in
these particles is 159 mAh g~ (= 0.25 x 634 mAh g~!,;). Compar-
ing this number to the total irreversible capacity of 2.47 Ah g~!,, after
120 cycles shown in Figure 3 yields a contribution of less than ~6.4%.
With decreasing silicon content and improved electrical conductivity
within the electrodes (compare Figure 6b) this value is expected to de-
crease further. As a result, despite its harmful impact on the reversible
capacity, the irreversible capacity caused by incomplete delithiation
of the silicon particles displays only a minor contribution compared
to irreversible capacity caused by the continuous electrolyte decom-
position at the silicon/electrolyte interface.

Estimation of the electrode pore clogging upon cycling.—The
sheer extent of the electrolyte consumption shown in Figure 7 sug-
gests that the SEI on silicon is less a conformal surface layer formed in
the initial cycles that evenly surrounds the silicon particles, but instead
an increasingly thick and electrically insulating matrix (see above dis-
cussion and Figure 6b) that penetrates the entire porous electrode
structure. For that reason, we decided to modify the approach of cal-
culating the number of monolayers that are formed on the electrode’s
surface, which was recently reported by Jung et al.!! and Pritzl et
al.,* and characterize the electrolyte decomposition products by an
average density rather than an average area defined by a C-C single
bond length and thus also take into account the reduction of previ-
ously evolved CO, gas. To quantify how much SEI volume the SiG
electrodes could accommodate before being entirely clogged by elec-
trolyte decomposition products, we will present in the following an
estimate of the relative SEI volume after 120 cycles and compare it
to the pore volume of the pristine electrodes. Starting from the elec-
trode properties shown in Table I, we first calculate the absolute pore
volumes Vo of the different electrode compositions, according to
Equation 8,

Vporﬂ:d'A‘e [8]

where d is the pristine electrode thickness (see Table I), A is the
electrode area (1.54 cm?), and ¢ is the electrode porosity (see
Table I). As can be seen from Table 11, the resulting pore volumes in-
crease with decreasing silicon content from 1.54 L (~1.00 L cm™2)
for the 60 wt% electrode to 3.26 L (2.21 wL cm™2) for the 20 wt%
silicon electrode, due to the increase of the electrode thickness from
~15 to ~30 pum at nearly similar electrode porosities (~67-73%, see
Table I).

In the next step, we approximate the mass of the SEI mgy from
Equation 9 by taking into account the FEC consumption 7z deter-
mined by post-mortem “F-NMR analysis. Herein, we assume that
the SEI has an equivalent mass as the preceding FEC decomposition
product mpgc.. In addition, we correct the molar mass of FEC (Mg
= 106.05 g mol™") by the molar mass of four lithium atoms (M;; =
6.84 g mol™") that are also incorporated into the SEI compounds (e.g.,
LiF or Li;0),!! leading to an effective molar mass My, of the FEC
decomposition product of 133.41 g mol~".

Msgr = Mppex = Nppc - Mpges [9]

Building up on this, we can further calculate the SEI volume Vg,
as described by Equation 10, thereby assuming an average density pgsgr
of 1.4-1.8 g cm™ for the SEL This value is a very rough zero order
estimate based on the densities of the different SEI compounds, in-
cluding ~50% of inorganic compounds, inter alia LiF (2.64 g cm™3),
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Figure 10. Estimated relative SEI volume defined by the fraction of pore
volume of the pristine silicon-graphite electrodes which is occupied by FEC
decompositions products. The values were calculated from a zero-order esti-
mate based on the FEC consumption from '"F-NMR. The SEI volume was
calculated based on an average density of 1.6 g cm™ for the FEC decom-
position products. The error bars represent a variation in the density between
1.4-1.8 gem™3.

Li;CO3 (2.11 g cm™), Li; O (2.01 g cm™?), and ~50% organic com-
pounds, such as lithium alkoxides (~1.0 g cm™3), which are typically
observed via for cycled silicon electrodes in FEC-containing elec-
trolyte by XPS spectroscopy.’’->2

Vser = — [10]
PsEr
Finally, we divide the SEI volume V;; by the pore volume V), of
the pristine electrodes by using Equation 11 to obtain the relative SEI
volume vy, which gives us an impression of the fraction of the origi-
nal pore volume that would be occupied by electrolyte decomposition
products after 120 cycles.

VSEI
me‘p

Uspr = [11]

Figure 10 shows the resulting zero order estimates of the relative
SEI volumes normalized to the pore volume of the pristine electrodes.
While this very simple approximation does not include the swelling
of the electrodes over the course of cycling, it nonetheless provides
a semi-quantitative measure of the volume of the electrolyte decom-
position products and how it compares to the initially available void
volume of the SiG electrodes. A comparison of the different electrode
compositions in Figure 10 reveals a strong dependence of the relative
SEI volume after 120 cycles on the silicon/graphite ratio, decreasing
with decreasing silicon content from ~280% to ~100%. This grant-
edly simple estimate provides a reasonably convincing argument that
the FEC decomposition products after 120 cycles would have to lead
to an essentially complete pore blocking in the case of the 20 wt%
silicon electrode and could not even be accommodated in the 60 wt%
silicon electrode. Therefore, considering that about three quarters of
the accumulated irreversible capacity occur within the first ~45 cy-
cles (see Figure 8a), and given that the SEI formation is proportional
to irreversible capacity, we can assume that without any changes in
electrode morphology and thickness, all ionic pathways would be
filled by electrolyte decomposition products after less than 45 cy-
cles. However, as our results from galvanostatic cycling clearly prove
a residual reversible capacity of ~70% after 120 cycles for the 60
wt% silicon electrode (see Figure 2), we conclude that the electrodes
must significantly swell upon cycling in order to increase the avail-
able pore volume and thus facilitate the accommodation of the FEC
decomposition products while simultaneously conserving the ionic
conduction pathways. These conclusions agree well with the thickness
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Table II. Pore volumes of the pristine electrodes and calculated SEI volumes after 120 cycles, based on the FEC consumption after 120 cycles
nrgc determined by post-mortem ' F-NMR. The SEI volume was calculated based on an average density of 1.6 g cm™3 for the FEC decomposition

products.

Electrode composition
Measures Units SiG (60:10) SiG (50:25) SiG (35:45) SiG (20:65)
Electrode pore volume Vo, L 1.54 1.79 2.32 3.26
FEC consumption after 120 cycles nrgc jumol 53 38 37 41
Mass of FEC* precipitates mpgcs« mg 7.1 5.1 4.9 5.4
Absolute SEI volume Vggy L 4.4 32 3.1 34
Relative SEI volume % 285 179 133 104

measurements and cross-sectional SEM images of cycled silicon elec-
trodes reported by Mazouzi et al.™

Obrovac and co-workers measured the coating thickness of Si-
alloy/graphite composite electrodes in their fully lithiated state and
found that the entire coating expanded by about ~96%, which
was very similar to the expected expansion of the lithiated Si-alloy
(~115%).'3 Interestingly, the porosity of these electrodes remained
nearly the same as in the delithiated state, leading them to the con-
clusion that the pore size expands by the same amount as the silicon
particles. Transferring these observations to our electrodes, the sili-
con particle volume increase of about 280% upon full lithiation would
result in an additional pore volume of 60-170% (e.g., 60 wt% silicon
x 280% expansion = ~170% additional pore volume), depending on
the electrode composition. As the pores are increasingly filled by de-
composition products upon cycling, they likely cannot shrink back to
their initial volume when silicon is delithiated. Hence, the electrode
thickness will increase continuously, in particular during the silicon
particle degradation phase, where electrolyte decomposition and sub-
sequent SEI growth are strongest. In contrast, a higher graphite content
of the composite electrodes increases the total pore volume and simul-
taneously improves the electrode conductivity with graphite acting as
an electrically conductive backbone.

Cycle life dependence on the electrolyte amount.—Besides the
electrode morphology, the amount of SEI-forming additives in the
electrolyte also plays a crucial role for the cycling performance
of silicon-based electrodes. Thus it was shown that a rapid ca-
pacity drop can be observed for silicon based anodes at the point
where the capacity-stabilizing FEC additive was found to be depleted
quantitatively.!'* As in commercial-scale Li-ion batteries the elec-
trolyte amount is in the order of ~5 L ¢cm~2 and thus much smaller
compared to typical lab-scale measurements (~85 L cm™> for our
coin cells), the available moles of FEC per mass of silicon are sub-
stantially lower in commercial-scale cells, so that the expected cycle
life of silicon-based electrodes in commercial-scale cells should con-
sequently be much shorter.!! To quantify this difference, we approxi-
mate the number of cycles prior to FEC depletion of SiG electrodes in
lab-scale versus commercial-scale cells by considering the constant
ratio of the FEC consumption rnc and the irreversible capacity loss
> Qi (see Table I). Assuming a commercial-scale cell using 5 pL
cm~? electrolyte with 20 wt% FEC additive and our lab-scale cells
using 85 wL cm~2 electrolyte with 5 wt% FEC additive, we use Equa-
tion 12 to first determine the absolute amount of FEC n'Z - in the two
electrolytes.

Ve - Per + Xrpc

e

where V,; is the electrolyte volume, p,; is the electrolyte density
(~1.19 g cm™3), xzzc is the mass fraction of FEC in the electrolyte,
and Mpgc is the molar mass of FEC (106.05 g mol™"). Accordingly,
the commercial-scale cell would contain ~11 wmol cm=2 of FEC,
whereas the lab-scale cells tested in this work contain ~48 pmol
cm~? of FEC, i.e, the ~5-fold amount. In the next step, we use the
inverse of the constant ratio of the FEC consumption nggc to irre-
versible capacity loss Y Q,, (in units of wmolrzc Ah™1y, calculated

tot

Nppe = [12]

by Equation 6, shown in Table I) to calculate the maximal irreversible
capacity Y Q%" that corresponds to a total depletion of FEC from
the respective electrolytes, according to Equation 13,

Z Qmax _ nmt( 3 Z Qirr . L
irr = ""FEC

msi

where my; is the mass of silicon in the electrode (in mgg; cm™~2), and
n'%;c is the total amount of FEC per cm? electrode area (jumolyyc
cm™2). Table III summarizes the maximal irreversible capacities
> Q14* of the various silicon-graphite electrodes in either lab-scale
cells or in commercial-scale cells. To forecast the number of cycles
until the depletion of FEC, we can compare the accumulated irre-
versible capacity versus cycle number in Figure 8a with the maximal
irreversible capacity until FEC depletion (in units of Ah;; g~'g;) listed
in Table III for both cell formats. For the commercial-scale cells,
this analysis suggests that FEC would already be consumed within
the first ~20-30 charge/discharge cycles. In contrast, the number of
cycles prior to FEC depletion predicted for our lab-scale cells sub-
stantially exceeds the here tested 120 cycles (at this point, XQjyg; in
Figure 8a is still much below the projected estimated maximal irre-
versible capacity given in Table III). That FEC, as predicted, is not
depleted after 120 cycles in our lab-scale experiments is confirmed
by our post-mortem *F-NMR measurements, which show a residual
FEC content of >1.2 wt% in the electrolyte (originally 5 wt%) after
the 120 cycles.

Thus, we conclude that the lifetime of silicon-graphite electrodes
in commercial-scale cells with a reasonably sized positive electrode
would be limited by the amount of FEC in the electrolyte, rather than
by the degradation of the electrode structure. These findings highlight
again the importance of an effective SEI on silicon-based electrodes
and the need for a proper quantification of the electrolyte consumption.
Therefore, we recommend that future investigations of silicon-based
electrodes in lab-scale cells should take into account the actual FEC
consumption in jtmolgpc and to compare this to the FEC inventory in
commercial-scale cells. As our results from '“F-NMR analysis reveal
an almost constant ratio of the consumed FEC nggc to cumulative irre-
versible capacity 3" Q;,, of 11.5-13.1 pmolgsc mAh~;,, Equation 14
can be used as an approximation to assess the FEC consumption from
battery cycling. We would like to note that this relation is only valid
for cell chemistries that do not have further electrolyte decomposi-
tion reactions at the positive electrode, e.g., LiFePO,, and involve
two constant voltage steps. If the cycling protocol does not include
any constant voltage steps, the ratio rpzc of the consumed FEC nypgc
to total irreversible capacity > Q,,, approaches the four electron re-
duction mechanism of FEC, which was reported by Jung et al.,!!
corresponding to a value of 9.4 4 0.4 pmolgec mAh~!,. %

Nppc = TFEC * E Qirr

[13]

nrec

[14]

Conclusions

In this study, we presented a comprehensive approach to un-
derstand the degradation phenomena in silicon-graphite electrodes
with different graphite/silicon ratios (20-60 wt% silicon) and areal
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Table ITII. Maximal irreversible capacity and forecasted cycle life of silicon-graphite electrodes calculated for typical lab-scale and commercial-
scale cells. The upper segments provide the specifications of the various SiG electrodes as well as the red FEC ¢ ption per accumulated
irreversible capacity over 120 cycles (taken from Table I). The middle and the lower segments provide the estimated number of cycles for lab-scale
and commercial-scale cells by which the available amount of FEC will be consumed.

Electrode composition

Measures Units SiG (60:10) SiG (50:25) SiG (35:45) SiG (20:65)

Silicon-graphite electrode specifications

Silicon content % 60 50 35 20

Silicon loading mgsj cm ™2 0.64 0.47 0.46 043

FEC consumption per itr. capacity pumol mAh—!;, 13.0 12.3 11.5 13.1

Lab-scale cell (85 pL cm=2 electrolyte with 5 wt% FEC additive)

Maximal irreversible capacity Ahyy g7l 5.8 83 9.1 8.4

Cycle lifetime acc. Figure 8a # >120 >120 >120 >120

Commercial-scale cell (5 L cm~2 electrolyte with 20 wt% FEC additive)

Maximal irreversible capacity Ahy;y g‘lsi 1.4 1.9 2.2 2.0

Cycle lifetime acc. Figure 8a # 20 25 30 25
capacities of 1.8-2.3 mAh cm™2. By use of an FEC-containing elec- 5. M.N. Obrovac, L. Christensen, D.B. Le, and J. R. Dahn, J. Electrochem. Soc.,

trolyte and capacitively oversized LiFePO, cathodes, we could clearly
distinguish two degradation phenomena, which we described as sili-
con particle degradation and electrode degradation. While the former
is mainly determined by the intrinsic properties of the silicon active
material, such as particle size and morphology, as well as the amount
of charge that is exchanged by the silicon particles, the electrode degra-
dation mechanism depends not only on the silicon material but also on
the electrode composition, i.e., the silicon/graphite ratio. Increasing
the silicon content results in an increase of the number of interparticle
contacts, e.g., silicon-silicon, which leads to a higher contact resis-
tance. During discharge, i.e., in delithiated silicon electrodes, this
phenomenon is even more pronounced because of a reduced contact
pressure at these interfaces.

Based on our results from "F-NMR analysis we could demon-
strate that the consumption of FEC after 120 cycles is independent of
the graphite/silicon ratio and only depends on the total accumulated
exchanged charge (i.e., sum of charge and discharge) experienced by
the silicon. Based on this, we could show that: (i) the irreversible
capacity loss correlates linearly with the decomposition of FEC on
silicon, and can thus be used to estimate the extent of FEC con-
sumption from the cycling data; (ii) the estimated volume of the FEC
decomposition products increases with the silicon content and for all
investigated SiG compositions largely exceeds the pore volume of the
pristine electrodes, explaining the commonly observed swelling of
silicon electrodes upon cycling; and (iii) the comparatively low molar
quantity of FEC in commercial electrolytes is the most critical factor
in determining the cycle life of silicon-based electrodes.
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3 Results

3.1.2 Morphological Changes of Silicon Nanoparticles

This section presents the article “Morphological Changes of Silicon Nanoparticles
and the Influence of Cutoff Potentials in Silicon-Graphite Electrodes”,132 which was
published in May 2018 in the Journal of The Electrochemical Society. It is an open
access article distributed under the terms of the Creative Commons Attribution 4.0
License. This paper was also presented on international conferences, for example
at the 232nd Meeting of The Electrochemical Society in National Harbor, Maryland
(October 1-5, 2017), Abstr. #424. The permanent web-link to the article is
http://dx.doi.org/10.1149/2.1261807jes.

The article addresses two important characteristics of silicon-based anodes,
namely (i) the roughening of the silicon nanoparticles upon repeated
(de-)lithiation, and (ii) the dependence of the electrode’s cycling stability on the
applied cutoff potentials. Originally, silicon nanoparticles were introduced to
mitigate the large mechanical strain and subsequent pulverization which occurs
with pm-sized particles.121.133 Yet, there still exists no consensus on the critical
particle diameter.109129 Moreover, our previous work on SiG anodes with silicon
particle lengths of ~200 nm even indicated a severe increase of the irreversible
capacity within the first 60 cycles, which we ascribed to a roughening of the silicon
particles.192 This phenomenon has a significant impact on lithium-ion batteries,
because the morphological changes of the silicon particles lead to increased side
reactions at the silicon/electrolyte interface and a subsequent partial electrical
isolation of the silicon particles, which further reduces the reversible capacity of
SiG anodes. Therefore, this article investigates the morphological changes of silicon
nanoparticles as a function of the cycle number using post mortem scanning
transmission electron microscopy (STEM) and energy dispersive X-ray
spectroscopy (EDS). In contrast to previous studies,'?1 which often used model
electrodes, the particles in the present paper were harvested from application-
relevant SiG anodes with an areal capacity of 1.7-1.8 mAh cm2 and a reasonable
cycling stability over more than 100 cycles.192 Thus, our STEM-EDS analysis was not
restricted to the first cycles but also included electrodes that were aged up to
60 cycles, which provided valuable insights into the morphological changes upon

prolonged cycling.
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3.1 Characterization of Silicon as Anode Material

The second question this paper attempts to answer is the dependence of the cycling
stability on the upper and lower cutoff potentials. Previous studies have repeatedly
demonstrated that a limitation of the delithiation of silicon (by the upper cutoff
potential) is more favorable than a limitation of the lithiation (by the lower cutoff
potential),178192 yet the underlying mechanisms are still subject to discussion.173.187
Therefore, we cycled SiGanodes using different cutoff conditions before
characterizing them with respect to their electrochemical performance, electrode

morphology, and impedance evolution.

This study generated two important insights into silicon-based anodes: (i) While to
date dealloying reactions and the associated changes of the particle morphology
were only reported in the field of heterogeneous catalysis193194 and for selected
alloy materials with um-sized particles,107.108 this PhD thesis demonstrated that
silicon nanoparticles can also undergo dealloying reactions upon repeated
(de-)lithiation in lithium-ion batteries. The dealloying reactions result in the
formation of expanded bicontinuous networks consisting of nanometer-sized
silicon branches with a significantly increased surface area as well as in enhanced
electrolyte decomposition reactions leading to solid products that accumulate in
the porous structures. Furthermore, the dealloying reactions lead to a permanent
volume change of the silicon particles up to +700%, which by far exceeds the
commonly reported volume expansion of ~300% upon full-lithiation (Li15Si4).185
(ii) Limiting the upper (delithiation) cutoff potential to 0.65 V vs. Li*/Li leads to a
notably improved coulombic efficiency of the SiG anodes, which was reflected not
only by a reduced electrode swelling and impedance increase upon cycling but also
by a higher cycling stability. Based on theoretical considerations of perfect spheres,
we demonstrated in this article that the relative surface area changes of
delithiation-limited silicon particles are much lower compared to fully delithiated
particles. This reduces the lateral stress and thus the cracking and renewal of the
SEI at the silicon/electrolyte interface. As a corollary, our results offer an
explanation for the often observed!’? improvement of the cycling stability of
silicon-based full-cells with increasing lower cell cutoff voltage (which corresponds

to the delithiation cutoff potential of silicon).
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3 Results

To analyze the morphological changes of the silicon nanoparticles, this PhD thesis
initiated a collaboration with Prof. Vasiliki Tileli at the Ecole Polytechnique
Fédérale de Lausanne (EPFL), which provided valuable insights into the dealloying
reactions of lithium silicides (LixSi) upon repeated (de-)lithiation as well as the
resulting changes of their elemental composition caused by ongoing electrolyte

decomposition.
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Silicon-graphite electrodes usually exhibit improved cycling stability when limiting the capacity exchanged by the silicon particles
per cycle. Yet, the influence of the upper and the lower cutoff potential was repeatedly shown to differ significantly. In the present
study, we address this discrepancy by investigating two distinct degradation phenomena occurring in silicon-graphite electrodes,
namely (i) the roughening of the silicon particles upon repeated (de-)lithiation which leads to increased irreversible capacity losses,
and (ii) the decay in the reversible capacity which mainly originates from increased electronic interparticle resistances between
the silicon particles. First. we investigate the cycling stability and polarization of the silicon-graphite electrodes in dependence
on different cutoff potentials using pseudo full-cells with capacitively oversized LiFePOy4 cathodes. Further, we characterize post-
mortem the morphological changes of the silicon nanoparticles by means of scanning transmission electron microscopy (STEM)
and energy dispersive spectroscopy (EDS) as a function of the cycle number. To evaluate the degradation of the entire electrode
coating, we finally complement our investigation by impedance spectroscopy (EIS) with a gold-wire micro-reference electrode and
post-mortem analyses of the electrode structure and coating thickness by cross-sectional SEM.
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Silicon is among the most promising anode materials for fu-
ture lithium-ion batteries.!> For example, a prismatic hard case
cell comprising a silicon-carbon anode with 1000 mAh g~ ¢iecirode
and an NMCS811 cathode would offer a specific energy of up to
~280 Wh kg~ 1. In contrast (o state-of-the-art graphite electrodes,
where lithium is inserted into the interlayers between the graphene
sheets, silicon reacts with lithium and forms Li, Si alloys.““) Because
the (de-)alloying reaction allows a higher lithium uptake per silicon
atom (3579 mAh g~ ly;, LijsSiy) compared to the intercalation of
lithium into the graphite host structure (372 mAh g~!¢, LiCy), sili-
con offers an about ~10 times larger theoretical specific capacity.”
However, while the intercalation chemistry reveals excellent cycling
stability with only minor irreversible changes of the graphite’s mor-
phology (ca. +10%),} the (de-)alloying reaction causes significant
morphological and chemical changes to the silicon particles, includ-
ing (i) a large volume expansion of up to +280% and (ii) repeated
breakage and formation of Si-Si bonds, which leads to severe mechan-
ical stress and particle fracturing.”~'> Upon continued cycling, these
morphological changes cause a rapid capacity decay of silicon-based
electrodes, which is largely driven by the electrical isolation of the
fractured silicon particles.'*~!7 Nanometer-sized structures, including
nanoparticles and nanowires, were shown to mitigate the mechanical
stress which results from volumetric changes during the (de-)alloying
reaction.'>!%20 However, there exists a trade-off, because the reduc-
tion of the particle size also leads to a lower volumetric energy density
and an inferior electrical conductivity across the electrode.”’"!” Pos-
sibly equally important and detrimental for the long-term stability of
nanometer-sized silicon is its high specific surface area, which leads
to a significantly increased irreversible capacity.”

Inspired by the carly work on lithium-alloys in nonaqueous elec-
trolyte solutions by Dey® and by Nicholson,* the coulombic effi-
ciency and rate of the alloying reactions have been subject to numer-
ous studies. Especially, lithium-alloys with silicon?® and aluminum?®
attracted the interested of researchers because of their high spe-
cific capacity, good reversibility and mitigation of lithium dendrites.
The morphological changes of silicon caused by (de-)alloying have
been investigated, e.g., by means of in situ lab or synchrotron

*Electrochemical Society Student Member.
**Electrochemical Society Fellow.
“E-mail: morten.wetjen@um.de

based X-ray diffraction (XRD),”’*° nuclear magnetic resonance spec-
troscopy (NMR),!!31=% and in situ transmission electron microscopy
(TEM),'235-3 which provided valuable insights into the phase tran-
sition of crystalline silicon as well as the volumetric expansion and
strain-induced fracture of silicon particles within the first cycles. As
pointed out by McDowell et al.,'* most of the these studies either deal
with the degradation of individual particles or investigate primarily
the first few cycles. However, to derive implications for practical ap-
plications of silicon-based batteries, it is important to examine the
degradation of silicon particles also as part of the entire electrode
structure, by considering (i) the electronic interparticle resistances
between silicon particles, (ii) the mechanical integrity of the elec-
trode, (iii) the impact of repeated (de-)lithiation on the morphology of
the silicon particles, as well as (iv) the electrolyte decomposition and
solid-electrolyte-interphase (SEI) formation at the silicon/electrolyte
interface over longer cycling periods.

In the present study, we investigate the degradation of silicon-
graphite (SiG) electrodes with 35 wt% of silicon nanoparticles (parti-
cle length scales of ~200 nm) and an areal capacity of 1.7-1.8 mAh
cm™2. Based on our previous work,* where we differentiated two dis-
tinct degradation phenomena occurring in silicon-graphite electrodes,
namely (i) the roughening of the silicon particles upon repeated (de-
)lithiation which leads to increased irreversible capacity losses (fur-
theron described as silicon particle degradation), and (ii) the decay
in the reversible capacity which mainly originates from increased in-
terparticle contact resistances between the silicon particles (furtheron
described as electrode degradation), we now focus on the underlying
morphological changes of the silicon particles and of the electrode
structure that occur upon repeated (de-)lithiation. Inspired by recent
publications of the groups of Aurbach,*’ Abraham,*' and Kobayashi,*?
who independently reported a significant difference in the cycling sta-
bility of silicon-based electrodes depending on a capacity or potential
limitation either during lithiation or delithiation, we extend our anal-
ysis of the different degradation phenonema by two cutoff potential-
limited cycling protocols. While itis widely accepted in the literature®
that limiting the capacity of silicon reduces its degradation and irre-
versible capacity loss, the differences between limiting either the lower
or the upper cutoff potential still require further understanding.

By use of scanning transmission electron microscopy (STEM)
and energy dispersive spectroscopy (EDS), we investigate the
morphology and chemical composition of the silicon particles post
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mortem after different number of charge-discharge cycles in a
SiG//LiFePO, pseudo-full cell setup (i.e., with a capacitively largely
oversized cathode of ~3.5 mAh cm~2) and a fluoroethylene carbonate
(FEC)-based electrolyte.* Combining the microscopic characteriza-
tion with the electrochemical analysis of the cycling stability, the
electrode polarization, and the irreversible capacity losses upon cy-
cling allows us to correlate the morphological changes of the silicon
particles and the electrode with the observed cycling stability of the
SiG electrodes. Electrochemical impedance spectroscopy (EIS) and
cross-sectional scanning electron microscopy (SEM) images further
complement the discussion by providing additional information about
the electrode impedance and the morphological changes of the en-
tire electrode structure as a function of the cycle number. A fully
(de-)lithiated SiG electrode (0.01-1.25 V vs. Lit/Li, ~89% utiliza-
tion of its theoretical capacity at a C-rate of 0.33 h™') is used as
baseline in this study, the degradation of which will be compared
to a lithiation-limited SiG electrode (0.05-1.25 V vs. Li*/Li) and
a delithiation-limited SiG electrode (0.01-0.65 V vs. Li'/Li), both
with a lower utiliztation of ~76% of their theoretical capacity at
0.33 h™!. Finally, we conclude our analysis with a detailed discussion
of the impact of the upper/lower cutoff potentials on the morpho-
logical changes of silicon nanoparticles and the integrity of the SiG
electrode.

Experimental

Silicon-graphite (SiG) electrode preparation.—Silicon-graphite
(SiG) electrodes, consisting of 35 wt% silicon nanoparticles (~200 nm
dimensions, Wacker Chemie AG, Germany), 45 wt% graphite
(~20 pm, T311, SGL Carbon, Germany), 10 wt% vapor grown car-
bon fibers (VGCF-H, Showa Denko, Japan), and 10 wt% lithium
poly(acrylate) binder (LiPAA) were prepared through an aqueous ink
procedure, which is described in detail in our previous publication.*
The LiPAA was prepared by diluting a 35 wt% poly(acrylic acid) solu-
tion (PAA, MW = 250,000 g mol~!, Sigma-Aldrich, Germany) with
deionized water and neutralizing it with lithium hydroxide (LiOH,
Sigma-Aldrich, Germany) to a pH-value of ~8.4 The theoretical
areal capacity of these electrodes was 1.8—1.9 mAh cm~? (referenced
(o the theoretical specific capacities of 3579 mAh g~1; and 372 mAh
g~ !¢, respectively, for the full potential range of 0.01-1.25 V vs.
Li*/Li), which corresponds to a mass loading of ~1.4 mgeciroqe M.
Practically, first cycle delithiation capacities of 1.7-1.8 mAh cm™
(~1280 mAh g~ jcwosc) could be utilized at a C-rate of 0.1 h™!,
This discrepancy can be rationalized by considering Figure 1b
which shows the potential profiles of the first cycle for the indi-
vidual active materials at 0.05 h™!' (viz., silicon:VGCF-H:LiPAA
37.5:37.5:25 wt% or graphite:LiPAA 95:5 wt%). The electrodes were
prepared analogously to the procedure described above. Accordingly,
the graphite electrode shows a first cycle delithiation capacity of
343 £+ 2 mAh g~!¢ (i.e.,, ~92% of the theoretical capacity of 372
mAh g!), while the silicon electrode delivers 3273 £ 16 mAh
g i (i.e., ~91% of the theoretical capacity of 3579 mAh g~'g;). By
considering a small capacity contribution of the carbon fibers (~80
mAh g='yger),*® the practical capacity utilization of silicon shrinks
to ~89%. Transferring these values to the SiG electrodes results in
an accessible electrode capacity of 1277 mAh g™ iecrode, Which is
in a good agreement with the practical first cycle delithiation capac-
ity of ~1280 mAh g~ jccmoge- As a corollary, about ~11 wt% of the
silicon nanoparticles do not contribute the reversible capacity, likely
because of the formation of electrochemically inactive SiO, during
the aqueous ink procedure.

Test cell assembly.—Electrochemical characterization was per-
formed in Swagelok T-cells (Swagelok, Germany), incorporating a
lithiated gold-wire micro-reference electrode as described in detail
by Solchenbach et al.* For post-mortem characterization of the
SiG electrodes via STEM and SEM, CR2032 coin-cells (Hohsen,
Japan) were prepared using the same electrode configuration. All
cells were assembled in an Ar atmosphere MBraun glove box
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(H,0O and O, concentration <0.1 ppm), by sandwiching two porous
glass fiber separators (thickness 250 pm, VWR, USA) that were
soaked with electrolyte solution between a silicon-graphite anode
(1.7-1.8 mAh cm~2 at 0.1 h™") and a capacitively oversized LiFePO,
(LFP) cathode (3.5 mAh ¢cm~2, Custom cells, Germany). As elec-
trolyte solution, a mixture of 1 M LiPF in ethylene carbonate:ethyl
methyl carbonate (EC:EMC, 3:7 w:w) with 5 wt% fluoroethylene car-
bonate (FEC) was used. Capacitively oversized LFP electrodes were
selected for three reasons: (i) a capacitively oversized LFP cathode
excludes the loss of active lithium as cause for cell polarization for the
number of cycles conducted in this work; (ii) LFP forms a potential
plateau at about 3.45 V vs. Li/Li during (de-)lithiation, which was
used to reference the SiG electrode potential to the Lit/Li potential;
and, (iii) the low potential of the LFP cathode minimizes detrimental
side reactions between the electrolyte and the cathode.*

Battery cycling.—The electrode polarization and cycling perfor-
mance of the SiG electrodes was investigated by constant current
cycling of SiG//LFP Swagelok T-cells. The C-rate was always refer-
enced to the full theoretical capacity, independent of the cutoff po-
tential (i.e., a C-rate of 1.0 h~! corresponds to 1.8-1.9 mA cm™2).
The cell voltage was controlled between the silicon-graphite and
the LFP electrode, whereby the SiG potential was calculated from
the SiG//LFP cell voltage, based on the constant LFP potential of
3.45 V vs. Li*/Li for the here used capacitively oversized LFP elec-
trode. Initially, two formation cycles were performed of all elec-
trodes between 0.01-1.25 V vs. Li*/Li at a low C-rate of 0.1 h™!
(~0.2 mA cm™2) to achieve a similar passivation. The data of these
first two cycles are omitted from the following figures and cycle num-
ber one in cycle-life tests refers to the first cycle after these initial two
formation cycles. Cycle life tests at a C-rate of 0.33 h™! (~0.6 mA
cm~2) were conducted using three different voltage ranges: (i) full
lithiation/delithiation between 0.01-1.25 V vs. Li*/Li, (i) partial
lithiation between 0.05-1.25 V vs. Li*/Li (furtheron referred to as
lithiation-limited), and (iii) partial delithiation between 0.01-0.65 V
vs. Lit/Li (furtheron referred to as delithiation-limited). Every 1%,
32, and 63™ cycle (after formation), one cycle was applied to all
electrodes in the full potential range: starting from the upper cutoff
potential of the preceding cycle, the SiG electrodes were first lithiated
t00.01 Vvs. Lit/Liat 0.1 h~' (~0.2 mA cm~2) and then delithiated to
2.0V vs. Li*/Liat 0.02 h~! (~0.04 mA cm~2), before switching back
to the respective set cutoff potentials and the higher C-rate of 0.33
h~'. All measurements were performed in a climate chamber (Binder,
Germany) at 25°C (£0.1°C), using cither a battery cycler (Series
4000, Maccor, USA) or in case of the impedance measurements a
multi-channel potentiostat VMP3 (BioLogic, France).

Electrochemical impedance spectroscopy.—Impedance measure-
ments were performed during the slow intermediate cycles (1%, 32",
and 63™), using the lithiated gold-wire micro-reference electrode of
the Swagelok T-cell setup described above.** Hence, the SiG elec-
trodes were first delithiated to 0.65 V vs. Lit/Li (~15% SOC) and
kept at this potential for 30 min by applying a constant voltage step.
Afterwards, potentiostatic electrochemical impedance spectroscopy
(PEIS) was measured in the frequency range of 100 kHz — 500 mHz,
using a perturbation of 15 mV.

Transmission electron microscopy.—The morphology and rela-
tive composition of the silicon particles from an uncycled electrode
and after 1, 5, 20, 40, and 60 cycles was investigated by scanning trans-
mission electron microscopy (STEM) and energy dispersive spec-
troscopy (EDS), using a FEI Titan Themis (FEI, USA) at 200 kV.
Prior to these measurements, the SiG electrodes were slowly delithi-
ated at 0.02 h™! to 2.0 V vs. Li*/Li, then harvested from the cells
and carefully washed with 50 pL dimethyl carbonate (DMC), and
finally dried in an inert atmosphere. Afterwards, the coatings were
scratched and a TEM lacey carbon Cu 200 grid (EMS, USA) was
directly pressed onto the surface to collect the powder before being
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Figure 1. (a) Potential profiles of silicon-graphite electrodes vs. capacity
during galvanostatic cycling at 0.33 h=! (3" cycle) of SiG/LLFP Swagelok
T-cells at different cutoff potentials: 0.01-1.25 V vs. Li*/Li (brown),
0.05-1.25 V vs. Lit/Li (blue). and 0.01-0.65 V vs. Li*/Li (marine). The SiG
potential was calculated from the SiG//LFP cell voltage, based on the constant
LFP potential of 3.45 V vs. Li* /Li for the here used capacitively oversized LFP
clectrodes. (b) Potential profiles of the individual active materials during the
first galvanostatic cycle at 0.05 h™! in half-cells against lithium metal between
0.01-1.25 V vs. Li*/Li (marine: silicon/VGCF-H/LiPAA 37.5/37.5/25 wt%.
red: graphite/LiPAA 95:5 wt%).

transferred into the instrument. During that period, the samples were
exposed to air for a time interval of ~10 min.

Scanning electron microscopy.—The morphology of the SiG elec-
trodes prior to cycling and after 60 cycles at different cutoff poten-
tials was investigated by cross-sectional scanning electron microscopy
(SEM). First, electrode cross-sections were prepared by Argon ion
beam polishing, using a JEOL Cross Section Polisher IB-09010CP
(JEOL, Japan). Afterwards, SEM images were measured by use of a
JEOL JSM-IT100 (JEOL, Japan) with a tungsten electron source and a
secondary electron detector. Both the preparation of the cross-sections
and the subsequent measurement of the SEM images were conducted
by the JEOL (Germany) GmbH in Freising, Germany. Prior to the
measurement, the samples were exposed to ambient atmosphere for
less than an 30 minutes.

Quantification of electrode thickness changes.—The changes in
the electrode thickness were measured by cross-sectional SEM with
the aid of a JEOL JCM-6000 Neoscope (JEOL, Japan), using a mod-
ification of the method described by Mittermeier et al.** For cach
cutoff condition, two SiG//LFP coin-cells were aged for 60 cycles,
using the same cycling procedure as described above, yet without the
intermediate cycles at low C-rate. Afterwards, the SiG electrodes were
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harvested from the cells and embedded into a resign solution with a
hardener, hereupon evacuated repeatedly in a desiccator to remove gas
bubbles, and subsequently dried in an oven at 40°C overnight. The
solid polymer block was then polished stepwise to obtain a mirror
finished cross-section. For each cutoff condition, two electrodes were
evaluated at fifteen positions along the entire cross-section, resulting
in ~30 measurements to obtain an average thickness and its standard
deviation (represented by the error bars).

Results and Discussion

Influence of the cutoff potentials on the electrochemical per-
Jormance of SiG electrodes.—Figure 1a shows the potential profiles
of the silicon-graphite (SiG) electrodes at different cutoff potentials
during the 3" cycle at 0.33 h~!. Full (de-)lithiation of the electrodes
between 0.01 and 1.25 V vs. Li*/Li (brown line) provides a reversible
capacity of ~1.7 mAh cm™2 at 0.33 h™! which corresponds to a ca-
pacity utilization of ~89% (referenced to the theoretical value of
~1.9 mAh cm~? for this electrode). The sloped profile of the potential
curves shown in Figure la is characteristic for the (de-)lithiation of
amorphous silicon, which contributes most of the electrode’s capac-
ity (~88% based on the theoretical capacities, graphite accounts for
~12%). While the formation of the lithium-graphite compounds LiC,
starts not until potentials below 0.19 V vs. Li*/Li and is therefore
largely overlapped by the lithiation of silicon, it can be distinguished
during the delithiation process by the small plateau at potentials below
0.24 V vs. Lit/Li (see Figure 1a).* By limiting either the lithiation
to 0.05 V vs. Li*/Li (blue line) or alternatively the delithiation to
0.65 V vs. Li*/Li (dashed marine line), the reversible capacity at 0.33
h=! drops to a similar value of ~1.45 mAh cm™2, i.e., to ~76% of the
theoretical capacity. Itis noted that a partial delithiation presupposes a
previous full lithiation of the SiG electrode, which means that at least
0.25 mAh cm™2 (~15%) excess capacity remains in the electrode.

Obrovac and Christensen demonstrated that limiting the lithia-
tion of silicon-based electrodes to potentials above 0.05 V vs. Li*/Li
avoids the formation of the metastable crystalline Li;5Si4 phase and
results in a better cycling performance due to the absence of the
two-phase reaction of crystalline Li;5sSi4 to amorphous Li.,Si, which
has been associated with detrimentally high internal stress in the sili-
con particles.” For the here investigated SiG electrodes, we observed
the characteristic delithiation plateau of the Li;sSi, phase around
0.45 V vs. Li*/Li only during the two formation cycles at a low C-rate
of 0.1 h™! (data not shown). However, during subsequent cycling at
a higher C-rate of 0.33 h™' (see Figure la) the feature disappeared,
indicating that Li;5Sis formation did not occur at the here applied
C-rate at any of the investigated cutoff potentials.!® The reason for
this lies in the high overpotential of the SiG electrodes during lithia-
tion, which prevents the formation of the Li;sSiy phase at the expense
of lowering the achievable capacity. If, on the other hand, as in our
previous study with the same SiG electrodes,” a constant potential
hold step at 0.01 V vs. Li*/Li is applied, a distinct peak at about
0.45 V vs. Li*/Li can be observed during delithiation even upon
continued cycling. Therefore, we conclude that the following re-
sults recorded without potential hold are not influenced by additional
stress arising from the Li;sSis two-phase boundary at potentials below
0.05 V vs. Lit/Li.

Figure 2 shows (a) the coulombic efficiency (defined as the first
cycle delithiation capacity divided by the first cycle lithiation ca-
pacity) and (b) the areal delithiation capacity of the SiG electrodes
at different cutoff potentials as a function of the cycle number. The
delithiation capacity reveals a distinct decay within the first 60 cycles,
which occurs not only during full (de-)lithiation (brown symbols) but
also during the lithiation-limited cycling (blue symbols), i.e., dur-
ing the two cycling conditions at which the electrodes are nomi-
nally fully delithiated to 1.25 V vs. Li*/Li. As recently reported by
Yoon et al.,'” this decay can be associated with the degradation of the
SiG electrode and is caused by the buildup of interfacial resistances
(electronic and/or charge transfer resistances) for upper cutoff volt-
ages which allow for a complete delithiation of the silicon. In contrast,

Downloaded on 2018-05-18 to IP 80.187.121.12 address. Redistribution subject to ECS terms of use (see ecsdl.org/site/terms_use) unless CC License in place (see abstract).



A1506

T — T

100 - 0.010.68V [ : 7
99 < S|
o [ g ;
o7 [ W B

96 L 0.01-1.25V 0.05-1.25 V B

95 - (a) |
2.0'\‘\“\‘\“|‘\‘|

CE (%)

0.33h"

2 0.33h"

MO
o

14

-
N

1.0

Delithiation capacity (mAh cm?)

0.8 (b) Mg
0.6 | [SiG//LFP (1.8//3.5 mAh cm™), 0.94 cm® X B
T-cell with gold-wire micro-reference 0.05-1.25 vV 1
0.4 | |2x GF, 60 uL LP57 + 5 wt% FEC g
0.2 | |Constant current: 0.6 mA cm?(0.33h™) ]
) Labelled cycles: 0.01-2.0 V vs. Li/Li* (0.1/0.02 h™) ]

| L | |

1 1 1 Il | n 1

0 10 20 30 40 50 60 70 80 90
Cycle number (#)

Figure 2. (a) Coulombic efficiency and (b) delithiation capacity obtained from
constant current cycling (0.33 h=!) of SiG/LFP Swagelok T-cells at different
cutoff potentials: 0.01-1.25 V vs. Li*/Li (brown), 0.05-1.25 V vs. Li*/Li
(blue), and 0.01-0.65 V vs. Li™/Li (marine). The yellow bars indicate inter-
mediate cycles (1%, 3204 and 63'), which were performed at lower C-rates
(lithiation: 0.1 h™!, delithiation: 0.02 h=!) and the capacities of which are
summarized in Table I; for these single cycles evaluation of the coulombic
efficiency is not meaningful and is thus not shown.

for delithiation-limited SiG electrode cycling (0.01-0.65 V; marine
symbols), only a comparatively small capacity fade upon cycling is
observed. In this case, ~15% (~0.25 mAh cm™2) of active lithium
remain in the silicon, which according to Kimura et al.** reduces
the formation of electronically insulated silicon particles. We would
like to stress that although the capacity contribution from graphite is
likely smaller for the lithiation-limited electrode (0.05-1.25 V; blue
symbols), a similar behavior was also reported in the literature for
silicon-based electrodes which did not contain any graphite.***?
Next, we wanted to understand whether the improved cycling sta-
bility at the delithiation-limited cutoff potential results really from
an improved electrode integrity and decreased overpotential or re-
sults just from a reduced lithium immobilization in poorly connected
silicon particles due to the deliberate incomplete lithiation. Hence,
the delithiation capacity of the intermediate cycles which were per-
formed similarly for all electrodes in the full potential range with a
deep delithiation (0.01-2.0 V vs. Li*/Li) at very low C-rates is sum-
marized in Table I. The delithiation-limited electrode reveals a high
capacity retention of >91% even after 60 cycles, whereas the elec-
trodes that were delithiated to 1.25 V vs. Li*/Li demonstrate only
a residual reversible capacity of 72-75%. Therefore, these results
demonstrate that at the selected cycling conditions a higher upper
cutoff potential not only reduces the cycling stability of the SiG elec-

Journal of The Electrochemical Society, 165 (7) A1503-A1514 (2018)

T ¥ T L T ¥ T T T

mainly SEI growth,

2.0 ; 7
silicon particle 60 e
rogghemng,{ and 60 0.01-1.25V
void formation

18 = / ,

60

0.05-1.25V

\ 40

1.0

Irreversible capacity (mAh cm?)

20 40
N
0.5 - 0.01-0.65V mainly SEI cracking,
5 repair, and ongoing
electrolyte decomposition
L i L | ' i s | L |
0 50 100 150 200 250

Total charge+discharge capacity (mAh cm?)

Figure 3. Total irreversible capacity Y. Qj (in mAh cm™2) of silicon-
graphite electrodes as a function of the total exchanged charge+discharge
capacity (in mAh cm™2), obtained from the constant current cycling data of
the SiG//LFP (1.8//3.5 mAh cm™2) Swagelok T-cells shown in Figure 2 (i.e.,
over 90 cycles at 0.33 h~!). The irreversible capacity contribution from the
intermediate cycles (0.1/0.02 h™!) were omitted to mitigate the influence of
the different C-rates. The hollow stars label the number of the respective
charge-discharge cycles. Electrolyte: LP57 + 5 wt% FEC.

trode (irrespective of the overall exchanged capacity), but also lowers
the amount of cyclable lithium due to the formation of inaccessible
lithium. Note that the capacitively largely oversized LFP cathode pro-
vides a non-limiting lithium inventory in the cell and remains at a
stable reference potential of 3.45 V vs. Li'/Li with only a marginal
potential upward shift of 20-25 mV over the examined ~100 cycles.
Considering the potential profiles shown in Figure la, this corre-
sponds to a reversible capacity loss of 0.1-0.2 mAh cm~? for each
of the cutoff conditions. As a corollary, we slightly underestimate the
residual capacity of our SiG electrodes after 100 cycles compared to
measurements in half-cells.

The coulombic efficiency of the SiG electrodes shown in
Figure 2a further supports the observation that electrodes which were
delithiated to 1.25 V vs. Li*/Li (brown and blue symbols) behave
more alike than electrodes that were cycled at the same reversible
capacity but at different cutoff potentials (blue and marine symbols).
Clearly, the delithiation-limited electrode (marine symbols) indicates
on average a 0.7% higher coulombic efficiency within the first 60
cycles, which increases steadily upon cycling. In contrast, the fully
delithiated electrodes (brown and blue symbols) do not only start at
a lower value of 98.3% but also show a slight decline during the
same period that is followed by a minimum at ~97.7% after 40 cycles
for the full (de-)lithiation (brown symbols) and after 50 cycles dur-
ing the lithiation-limited cycling (blue symbols), respectively. After
60 cycles, however, a rapid increase can be observed in the coulombic
efficiency across all cutoff potentials, which results in a similar value
of 99.2% after 90 cycles for all electrodes.

To understand the origin of the differences in the coulombic effi-
ciency when cycling with different cutoff potentials, Figure 3 illus-
trates the total irreversible capacity, i.e., the summation of the irre-

Table I. Delithiation calpacity and capacity retention of selected intermediate cycles performed at a lower cutoff potential of 0.01 V vs. Li/Li at a

lithiation rate of 0.1 h™

and a deep delithiation to 2.0 V vs. Lit/Li at delithiation rate of 0.02 h—1.

Delithiation capacity/mAh cm™=> Capacity retention/%

Cutoff potentials 1% cycle 327 cycle 63 cycle cycle 1-32 cycle 1-63
0.01-1.25 V (full (de-)lithiation) 1.88 1.68 1.35 89 72
0.05-1.25 V (lithiation-limited) 1.76 1.60 1.32 91 75
0.01-0.65 V (delithiation-limited) 1.79 1.74 1.62 97 91
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Figure 4. Scanning transmission electron microscopy (STEM) images of silicon particles from an uncycled electrode (upper left panel) and after different
number of full (de-)lithiation cycles using the standard cutoff potentials of 0.01-1.25 V vs. Li*/Li (1, 5, 20, 40, and 60 cycles; 60 cycles corresponds to a total
charge+discharge capacity of ~170 Ah em~2in Figure 3). High-angle annular dark field (HAADF) detector, acceleration voltage: 200 kV.

versible capacity for each cycle, as a function of the total exchanged
charge+discharge capacity. In contrast to plotting the accumulated
irreversible capacity vs. the cycle number, plotting it vs. the total ex-
changed capacity takes into account the differences in the reversible
capacity obtained over the different charge/discharge protocols, and
allows thus to better compare the effect of the different cutoff poten-
tials. Furthermore, for the interpretation of Figure 3 it is important
to note that the irreversible capacity can almost be fully ascribed to
the silicon particles, because graphite is almost completely passivated
after the two formation cycles preceding the charge/discharge cycling
test, so that its contribution to the accumulated irreversible capacity
after formation is negligible compared to silicon.*

Two distinct slope regions can be differentiated in Figure 3 (see red
dashed vertical line), very distinct for the electrodes that were delithi-
ated to 1.25 V vs. Li*/Li (brown and blue symbols), and somewhat
less pronounced for the delithiation-limited electrodes delithiated to
0.65 V vs. Li*/Li (marine symbols). The steep increase of the irre-
versible capacity within the first 60 cycles was previously ascribed to
an enhanced growth of the solid-electrolyte-interphase (SEI) due to
silicon particle roughening and void formation.*” After ~60 cycles,
however, the curves become much flatter, which we interpreted to in-
dicate that a steady-state silicon particle morphology was reached, so
that the lower rate of irreversible capacity gains would result mainly
from SEI cracking and electrolyte decomposition caused by the ongo-
ing volumetric changes upon repeated (de-)lithiation.* In this latter
stage of aging (i.e., after ~60 cycles), the total irreversible capacity
gain rate vs. total exchanged capacity of the electrodes delithiated to
1.25 V vs. Li*/Li (brown and blue symbols) approaches the same
value (i.e., the flatter slope) of the delithiation-limited electrodes (ma-
rine symbols). In order to verify that this persists over more than the
90 cycles shown in Figure 3, we also performed an extended cycling
procedure up to 150 cycles (data not shown), which confirmed that the
total irreversible capacity gain rates at the different cycling conditions
indeed converge to nearly identical values after 60-80 cycles. In other
words, after ~60 cycles, the coulombic efficiency shows only a minor
dependence on the investigated cutoff potentials (see Figure 2a). From
this point onwards, ongoing SEI cracking and renewal only depends
on the amount of charge which is exchanged by the silicon particles
upon cycling.

Silicon particle degradation upon repeated (de-)lithiation.—
Throughout our previous studies on SiG electrodes®*® as well as
in the literature,>*!347 it has been observed that electrodes based on
silicon nanoparticles typically show a significantly lower coulombic
efficiency in comparison to conventional graphite. However, it can
often be seen that the coulombic efficiency upon extended cycling
goes through a minimum between ~20-80 cycles before recovering
to higher values again (see Figure 2a and references®*43). Our expla-
nation for this phenomenon is that the silicon nanoparticles undergo
dealloying reactions during the extraction of lithium, which result in
a roughening of the particle surface and formation of void spaces, as
recently shown for tin.* Dealloying is a common corrosion process
which involves the selected dissolution of the more electrochemically
active element, here lithium, from an alloy and results in the forma-
tion of a nanoporous structure of the more noble alloy constituent,
here silicon.>! The resulting surface area increase drives further
electrolyte decomposition and SEI growth on the freshly exposed sil-
icon/electrolyte interface, which results in the steeper increase of the
irreversible capacity (compare Figure 3). To confirm our hypothe-
sis, we aged SiG electrodes for a different number of cycles, using
the standard cutoff potentials of 0.01-1.25 V vs. Li*/Li (see brown
curve in Figure 2). Afterwards, we slowly delithiated the electrodes
to ~2.0 V vs. Li*/Li to extract any residual lithium from the active
materials and prepared lacey carbon TEM grids as described in the
Experimental section. Figure 4 shows representative STEM images
of a silicon particle from an uncycled electrode and of aged silicon
particles after 1, 5, 20, 40, and 60 cycles.

Prior to cycling, the silicon particles reveal an irregular shape, con-
sisting of a dense, crystalline structure with a mean size of ~200 nm
(see top left panel). After the first cycle (top center panel), the shape
and the dimensions remain very similar, whereas the silicon surface is
less smooth and the edges are less defined, suggesting an amorphous
structure without crystalline order and with a decreased density. From
the literature it is known that crystalline silicon becomes amorphous
upon the insertion of lithium and the formation of Li,Si alloys; only
at high degrees of lithiation a metastable crystalline Li,5Si4 phase is
formed.” During the subsequent extraction of lithium, the resulting sil-
icon phase remains amorphous and no crystalline phases are observed
anymore if silicon is either cycled at potentials above 0.05 V vs. Li*/Li
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Figure 5. HAADF images and EDS spectra of the silicon particles, obtained after cycling to different cutoff potentials: 0.01-1.25 V vs. Li*/Li a) after 5 and b)
after 60 cycles (particles as shown in Figure 4); and. ¢) 0.01-0.65 V vs. Li*/Li after 60 cycles. From left to right: HAADF image (white) and EDS spectra of silicon
(yellow), fluorine (red), and oxygen (purple). Carbon was not considered, because the silicon particles were prepared on TEM carbon grids, which contributes

significantly to the measurement.

or, as is the case in the present study, an increased electrode overpo-
tential suppresses the formation of the Li;sSis phase even at lower
cutoff voltages of 0.01 V vs. Li*/Li. Although the silicon particles
undergo a large volume expansion up to +280% during the insertion
of lithium, our STEM investigation indicates that after the first cycle
the silicon particles return almost entirely to their initial dimensions in
their delithiated state, with only minor deviation from the appearance
of the uncycled silicon particle, which is in agreement with previous in
situ atomic force microscopy measurements by Beaulieu et al.>> How-
ever, Figure 4 also demonstrates that after 5 (top right panel) and even
more after 20 cycles (bottom left panel), the silicon particles transform
into an increasingly nanoporous structure with a high surface area and
large void spaces, resulting in a considerable expansion with mean di-
ameters up to 400 nm (in their delithiated state), which corresponds to
a permanent volume expansion of approximately +700% (estimated
from the ~2-fold expansion in each dimension). These morphological
changes are accompanied by the formation of a continuous network
of nanometer-sized silicon branches, which is presumably driven by a
phase separation process at the solid/electrolyte interface, as described
by Erlebacher et al.*>>3 The appearance of the silicon particles after
20 and more cycles (bottom panels of Figure 4) very much resembles
the structures obtained upon the delithiation of Li—Sn alloys reported
by Chen and Sieradzki.** Comparing the STEM images for 20, 40,
and 60 cycles, one can notice that the change in the morphology of
the silicon particles become less and less significant with increasing
cycle number.

The progressive and large increase of the silicon surface area and
the associated electrolyte decomposition at the newly formed sili-
con/electrolyte interface also explains the steep increase of the ac-

cumulated irreversible capacity over the first 60 cycles shown in
Figure 3. Nonetheless, as indicated by the gradual decrease of the
accumulated irreversible capacity gain rate (i.e., the slope in Figure
3) after ~60 cycles, the expansion of the silicon matrix by the deal-
loying process seems to approach a steady-state. Accordingly, the
bottom center and right panel in Figure 4 show that already existing
nanometer-sized silicon branches indicate less dramatic changes after
40 and 60 cycles, while few remaining dense areas expand further to
also form a nanoporous silicon network. This can be explained by the
fact that the increase of the silicon particle surface area and porosity
leads to a decrease of the effective surface-normalized current den-
sity, which lowers the driving force for the formation of finer silicon
filaments, as it was shown for Li-Sn alloys.* In other words, the
morphological changes caused by dealloying of the silicon particles
diminish their own root cause, namely the internal stress resulting
from the repeated insertion and extraction of lithium.

Although the high-angle annular dark-field (HAADF) images
shown in Figure 4 suggest that the silicon particles continuously trans-
form into a continuous network of nanometer-sized highly branched
silicon filaments, these structures are indeed not hollow. Instead,
the freshly exposed silicon surface formed by these morphological
changes of the silicon particles results in a further decomposition of
electrolyte compounds at the silicon/electrolyte interface, leading to
SEI growth and concomitant filling of the porous silicon structure.
In fact, it is likely that the porous silicon structure is additionally
stabilized by the SEI precipitates, which counteract the contraction
of the high-surface area silicon structures during delithiation steps.
Figure 5 shows the energy dispersive spectroscopy (EDS) spectra
of silicon (yellow), fluorine (red), and oxygen (purple) of silicon
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Figure 6. Relative weight composition determined by EDS analysis of sil-
icon particles from uncycled electrodes and after different number of full
(de-)lithiation cycles between 0.01-1.25 V vs. Li*/Li, based on the data shown
in Figure 4 and Figures 5a/5b.

particles (a) after 5 and (b) after 60 deep (de-)lithiation cycles between
0.01-1.25 V vs. Lit/Li. The silicon spectrum (yellow) confirms the
considerable decrease of the density of silicon within the expanded
silicon particles and the formation of a nanoporous network upon cy-
cling, whereas the fluorine and oxygen spectra reveal an inverse trend.
Accordingly, only minor amounts of fluorine and oxygen can be seen
after 5 cycles (panel a) at the edges of the particles, which mainly stem
from the initial SEI formation and, in the case of oxygen, also from the
initial native SiO, and additional SiO, formed during the aqueous ink
processing. After 60 cycles (panel b), however, the spectra indicate
much larger amounts of fluorine and oxygen that penetrate the entire
nanoporous silicon structure. >

Figure 6 summarizes the relative weight composition of the sili-
con particles from uncycled electrodes and after different number of
cycles. The uncycled particles show mostly silicon (~88 wt%) and
small amounts of oxygen (~12 wt%). Considering that about 11%
of the theoretical capacity of silicon are not accessible, likely be-
cause of SiO, which forms during the aqueous ink procedure, this
would correspond to a silicon:oxygen mass ratio of 94:6 wt%. As
a corollary, the oxygen content for the here investigated particles is
slightly higher compared to values obtained by the electrochemistry
for the entire electrode. Yet, given the sample size of few individual
particles as well as the accuracy of EDS they are in a reasonable
agreement. After several charge-discharge cycles, the relative contri-
bution from silicon decreases continuously at the expense of larger
amounts of the electrolyte decomposition products (here represented
by fluorine and oxygen). In agreement with the increasing porosity
within the silicon particle shown by the HAADF images (Figure 4 and
Figure 5b), silicon accounts for only one third of the entire structure
after 60 cycles. This number can be easily rationalized based on the
clectrolyte decomposition during the same period. Taking into account
a total irreversible capacity loss of 1.79 mAh cm™2 after 60 cycles
(marked for the brown curve in Figure 3), which is mainly caused
by the reductive decomposition of FEC (My = 106.05 g mol™')
and follows a four-electron reduction mechanism (i.e., 9.4 pmolpc
mAh™!), as indicated by our previous electrolyte consumption studies
using ""F-NMR,¥* the total amount of the reduced FEC amounts
to 1.78 mgpre cm™2. Assuming as a zero order approximation that
all FEC decomposition species transform into SEI products as well
as considering further that fluorine and oxygen contribute about 57%
to the molecular mass of FEC (i.e., 0.57 x 1.78 mg cm™2) and that
the initial silicon mass loading of the electrodes was ~0.5 mgg; cm™2
(=0.35 x 1.4 mg cm™?), the relative weight contribution of silicon af-
ter 60 cycles would be roughly 33 wt% and is thus in good agreement
with the EDS spectra. Therefore, both the NMR and STEM investiga-
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tion consistently demonstrate that the silicon-graphite electrodes are
increasingly filled by electrolyte decomposition products, which do
not only cover the active materials but also penetrate the increasingly
nanoporous structure of the silicon particles.

After this discussion of the morphological transformation of the
silicon particles upon extended deep delithiation to 1.25 V, the open
question is whether this can also be observed under delithiation-
limited condition, i.e., upon extended cycling with an upper cutoff
potential of 0.65 V. At first glance, the flatter initial slope of the
accumulated irreversible capacity within the first 60 cycles under
delithiation-limited conditions (see marine symbols in Figure 3) sug-
gests that the extent of silicon particle expansion may be reduced under
these conditions. Hence, Figure Sc shows the HAADF image and the
EDS spectra for the silicon-graphite electrodes after 60 cycles between
0.01-0.65 V vs. Li*/Li. Analogous to the electrodes that were fully
(de-)lithiated (compare Figure 5b), the delithiation-limited silicon par-
ticles reveal the same formation of a continuous network consisting
of nanometer-sized silicon branches, which indicates that the investi-
gated silicon particles undergo the same dealloying reactions, despite
the lesser degree of delithiation at this lower cutoff potential. No sig-
nificant differences could be observed for the two cutoff conditions
during several repeat measurements after 60 cycles (compare Fig-
ures 5b and 5c¢) as well as after 40 cycles (data not shown), which
demonstrates that the here investigated upper cutoff potentials do not
affect the extent of the permanent silicon particle expansion. This
demonstrates that a residual amount of about ~15% active lithium
at 0.65 V upper cutoff potential (in contrast to essentially 0% for an
upper cutoff potential of 1.25 V) does not prevent the morphological
changes of the silicon particles caused by the dealloying mechanism.
As a result, the flatter slope of the accumulated irreversible capac-
ity loss curve for the delithiation-limited cycling procedure shown in
Figure 3 cannot be explained by differences in silicon particle ex-
pansion and the concomitant formation of additional surface area.
Instead, there must exist another reason for the differences in the total
irreversible capacity curve within the first 60 cycles, which is related
to the cutoff potentials and explains why the slope for the delithiation-
limited cycling is already lower over the initial ~60 cycles (compare
Figure 3).

In order to explain this apparent discrepancy, we propose that this
phenomenon is related to the differences in the relative surface area
change of the silicon particles, ASs; /Ss; 0, with ASg; being the surface
area differences between the lower and the upper cutoff potential, and
with Sg; o being the surface area at the upper cutoff potential (i.e., at
the lowest degree of lithiation). This is because the relative change in
silicon surface area over the course of one lithiation/delithiation cycle
should be directly proportional to the in-plane mechanical stress on
the SEI layer at the silicon surface and, in turn, to the extent of the SEI
cracking and re-formation.® In other words, although the total surface
area of the silicon particles is continuously increasing as a conse-
quence of the above described morphological changes, the repeated
volume changes upon (de-)lithiation over the course of every single
lithiation/delithiation presents an additional irreversible capacity con-
tribution. It is known from the literature that silicon particles expand
almost linearly as a function of the lithium content.’> However, based
on simple geometric considerations of the volume-surface relation of
a sphere, which are shown in Figure 7a, it can be demonstrated that
the concomitant increase of the surface area (see dotted red line) of
a sphere is larger during the initial stages of lithiation (indicated by
the steeper slope of the dotted read line for small x-values) compared
to the lower relative increase of the surface area at higher degrees of
lithiation (reflected by the lower slope at high x-values). While our
silicon particles are clearly not spherical, we are using this analysis
based on spherical particles as a zero-order approximation to describe
the processes occurring at the silicon/electrolyte interface. The goal is
merely to demonstrate based on simple geometric considerations that
depending on the degree of lithiation the relative surface area changes
of silicon vary in their extent. This has an important implication on
the in-plane mechanical stress on the SEI layer and thus the result-
ing coulombic efficiency. As the extent of the differences depends
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Figure 7. Illustration of (a) the relative volume Vs; o = Viixsi/Vsi (dashed
black line, left axis) and the relative surface area Ssj o = Srixsi/Ssi (dot-
ted red line, right axis) of a spherical silicon nanoparticle as a function of
the degree of lithiation x in Li,Si. b) Initial degree of lithiation ranges for
the three investigated cutoff conditions. which were calculated based on their
reversible capacity at 0.33 h™! as obtained from the constant current cycling
shown in Figure 2b. The blue and the marine dashed triangles represent the sur-
face area changes for the lithiation- and delithiation-limited cutoff conditions,
respectively.

strongly on the morphology of the silicon active material (as well as
their changes upon cycling), this will not enable a prediction of the
exact values of ASg; during lithiation/delithiation. Yet, we think that
it will allow a semi-quantitative assessment of the different behavior
of silicon depending on the applied cutoff potentials.

Based on the initial capacities of the SiG electrodes at 0.33 h™! (see
Figure 2b) and under the assumption of the same theoretical capacity
utilization for silicon and graphite (i.e., ~89% at 0.01-1.25 V), the
range of the degrees of lithiation x (referring to Li,Si) of the silicon
particles for the different cycling protocols can be estimated and is in-
dicated in Figure 7b: (i) x &~ 0-3.34 for the deep (de-)lithiation cycling
(0.01-1.25 V cutoff potentials); (ii) x ~= 0-2.85 for lithiation-limited
cycling (0.05-1.25 V cutoff potentials); and, (iii) x ~ 0.49-3.34
for the delithiation-limited cycling (0.01-0.65 V cutoff potentials).
Upon continued cycling, the ranges of the degree of lithiation change,
because of the capacity fade and disconnection of silicon particles.
Therefore, the total volume expansion and the total surface area will
also decrease, resulting in a lower capacity fade upon extended cycling
across all cutoff potentials (see Figure 2b). Nonetheless, at least over
the first 20-30 cycles, i.e., during the period of the largest degradation
(see Figure 3), these changes are reasonably small, which allows a fair
comparison of the different degree of lithiation ranges. While, the sur-
face area of conceptual silicon spheres over a lithiation-limited (blue
arrow in Figure 7b) and a deep (de-)lithiation cycle (brown arrow)

changes by ~113% (derived from 2Srd =289 _ | — 28 1) and

Ssirel (x=0)

SSirel (e . -

~128% (froam %ﬁ*‘gi’ —1 = 22 _1), respectively, the silicon par-
Siurel

ticle surface area over a delithiation-limited cycle (see marine arrow)
changes by only ~82% (from % —1 =22 _1).Normalizing
these values to the number of inserted/extracted lithium atoms x (as
defined by Li,Si) per half-cycle reveals that the delithiation-limited
silicon experiences a relative surface area change of ~30% per ex-
changed lithium atom (i.e., ~82% divided by Ax =2.85), whereas the
lithiation-limited (i.e., ~113% divided by Ax = 2.85) and the fully
(de-)lithiated electrodes (i.e., ~128% divided by Ax = 3.34) experi-
ence almost the same but notably higher relative surface area change
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of 38—40% per lithium atom. Considering that a larger relative change
in the silicon surface area during a (de-)lithiation cycle should lead to
increased cracking and renewal of the SEI on the silicon surface, the
results from this admittedly rather rough estimate of relative surface
arca changes for hypothetical silicon spheres provide a feasible expla-
nation for the lower slope in the initial total irreversible capacity gain
of the delithiation-limited cycling (see Figure 3) compared to cycling
to full delithiation.

In summary, the initially high slope of the total irreversible capacity
curves (Figure 3) is largely governed by the formation of nanoporous
silicon particles with increasingly higher surface area, whereby this
morphology evolution is not significantly affected by the here exam-
ined cutoff potentials (see Figure 5). The more subtle differences in
the initial slopes are likely due to the above described relative sur-
face area changes over a lithiation/delithiation cycle depending on the
cutoff voltages. After an extended number of cycles, quasi steady-
state silicon nanostructures are obtained and the flatter slope of the
total irreversible capacity curves seems to be mostly controlled by the
relative silicon surface area changes per cycle. The observed similar
slopes for all cycling protocols suggest that the higher remaining ca-
pacity of the delithiation-limited cycled electrodes compensates for
its lower value of relative surface area change per exchanged capacity.
As a corollary, the silicon particle degradation can be considered as
the root cause for the aging of SiG electrodes and an intrinsic prop-
erty of the silicon particles. The underlying dealloying reactions likely
depend on the initial size and shape of the silicon particles as well
as their chemical composition (e.g., oxygen content). Although the
dealloying induced roughening of the here studied silicon particles is
almost independent of the chosen cutoff potentials (within the range
studied here), it is conceivable that different particle morphologies,
the use of active-inactive alloys, and a significantly reduced capacity
utilization may help to mitigate the extent of this phenomenon. For
example, Krause et al.’® reported in a recent publication a very sta-
ble BET surface area over 80 cycles for silicon-graphite electrodes,
featuring 15 wt% of ~5 pm particles of a silicon alloy. In these al-
loys, nano-domains of silicon are immersed in an alloy matrix which
suppresses the morphological changes of silicon and decreases the
surface area exposed to the electrolyte.*’

Electrode degradation upon repeated (de-)lithiation.—While the
coulombic efficiency of the SiG electrodes shown in Figure 2a is
largely determined by the morphological changes of the silicon
nanoparticles and subsequent electrolyte decomposition, the discrep-
ancy in the cycling stability (see Figure 2b) at the different cut-
off potentials requires to consider the entire electrode structure.*
Figure 8 shows the differential capacity curves of the SiG electrodes
of the 5™, 20, 40", and 60™ cycle for the different cutoff potentials.
The clectrodes that were delithiated to 1.25 V vs. Lit/Li (panel a and
b) reveal a severe capacity decay at low degrees of lithiation (i.e.,
at high potentials), whereas the delithiation-limited electrode (panel
¢) indicates only a minor fading. From previous studies it is known
that the distinct potential drop to 0.2 V vs. Li*/Li at the beginning of
lithiation (see Figures 8a and 8b) is mainly caused by an incomplete
delithiation from the silicon nanoparticles during the preceding cycle,
which is reflected by the disappearance of the delithiation capacity
contribution at potentials above 0.55 V vs. Li*/Li.">* Further, it can
be seen in panel a) and b) that the nominally fully delithiated elec-
trodes show an increasingly growing polarization of the (de-)lithiation
from silicon during lithiation at ~0.15 V vs. Li*/Li as well as during
delithiation at ~0.35 V vs. Li"/Li, indicating higher charge transfer
overpotentials and resulting in an additional capacity loss. Again, this
behavior is notably less pronounced for delithiation-limited cycling of
silicon (see Figure 8c). The discrepancy in the electrode polarization
is in good agreement with the SiG electrode impedances at the differ-
ent cutoff potentials, which are shown in Figure 9. After formation,
i.e., before switching to the individual cutoff potential ranges, all elec-
trodes reveal a distorted semicircle with a similar overall impedance of
~2.4 Q cm?. The values were extracted from the Nyquist plot shown
in the insert in Figure 9, by fitting with two R/Q elements which cor-
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Figure 8. Differential capacity curves of selected cycles, obtained from con-
stant current cycling (0.33 h~!) of SiG//LFP Swagelok T-cells at different
cutoff potentials: 0.01-1.25 V vs. LiT/Li(brown), 0.05-1.25 V vs. Li*/Li
(blue), and 0.01-0.65 V vs. LiT/Li (marine). These plots are derived from the
measurements shown in Figure 2.

respond to the charge-transfer and the initial SEI layer on the active
materials.’” After 60 cycles, however, the two electrodes that were
fully delithiated to 1.25 V vs. Li*/Li (brown and blue symbols) show
a significant impedance increase up to ~62 € cm? and ~76 2 cm?, re-
spectively. At the same time, the delithiation-limited electrode reveals
only a small increase up to ~14 € cm?, which supports the lower po-
larization shown in the differential capacity analysis and agrees with a
better silicon particle connectivity as indicated by the higher capacity
retention shown in Figure 2b.

To examine whether there are any changes in electrode morphol-
ogy which could be ascribed to the differences in the cycling stability
and electrode impedance as a function of cutoff potentials, Figure 10
shows representative cross-sectional scanning electron microscopy
(SEM) images of (a) an uncycled silicon-graphite electrode, as well
as after 60 cycles (b) at full (de-)lithiation (0.01-1.25 V), and (c) at the

Al511
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Figure 9. Electrode impedance of the silicon-graphite electrodes as a func-
tion of the cycle number, obtained at several cycles during the constant current
cycling of SiG//LFP Swagelok T-cells at different cutoff potentials: 0.01—
1.25 V vs. Lit/Li(brown), 0.05-1.25 V vs. Li*/Li (blue), and 0.01-0.65
V vs. Lit/Li (marine). Potentiostatic impedance spectroscopy was measured
at 0.65 V vs. Lit/Li after a 30 min constant voltage step during the delithiation
of the intermediate cycles at low currents (0.02 h™1). Perturbation 15 mV. fre-
quency range: 100 kHz — 500 mHz, temperature: 25°C. Insert: Nyquist spectra
of the silicon-graphite electrodes during the 1% cycle after formation.

delithiation-limited conditions (0.01-0.65 V). While in the uncycled
electrode the well dispersed silicon nanoparticles and the flake-like
graphite particles can be distinguished easily, the two cycled elec-
trodes are largely filled by electrolyte decomposition products that
penetrate a large share of the pores and additionally cover the ac-
tive material particles. In agreement with the STEM-EDS analysis
of cycled silicon particles shown in Figure 5, the original silicon
nanoparticles can be barely identified in panels b) and c). Instead, a
variety of differently sized agglomerates can be seen (see white ar-
row in Figure 10b), likely resulting from the expansion of the silicon
particles and subsequent formation of large continuous networks of
nanometer-sized silicon branches, which are extensively penetrated by
SEI precipitates. Furthermore, the graphite particles are no longer pre-
dominantly aligned parallel to the current collector surface, but rather
display random orientations across the electrode thickness, which in
principle could originate from a substantial expansion of the electrode
in a direction normal to the current collector surface, driven, e.g., by
the large expansion of the silicon particles. A visual comparison of
the SEM cross sections of the electrodes which were cycled under
delithiation-limited conditions (Figure 10c) versus under conditions
of full (de-)lithiation (Figure 10b) indicates that the SEI precipitates
of the former are still more macro-porous and less agglomerated in
feature size compared to the latter, which is in line with the improved
cycling stability (see Figure 2b and Figure 8) of the electrodes cycled
under delithiation limited conditions.

In order to describe the morphological changes between these elec-
trodes more quantitatively, we determined the thickness of the coatings
after 60 cycles between the different cutoff potentials and compared it
to the uncycled electrodes, which is shown in Figure 11. Accordingly,
the SiG electrodes that were fully (de-)lithiated upon cycling reveal
a considerable thickness increase of +163% from ~18 to ~45 pm
after 60 cycles, at which point the total irreversible capacity amounts
to 1.79 mAh cm~2 (see Figure 3). Similarly, the lithiation-limited
electrodes, which over the course of 60 cycles remains at a ~15%
lower delithiation capacity (Figure 2b) and accumulates a somewhat
lower irreversible capacity up to this point (1.63 mAh cm™2, see
Figure 3), still shows an increase of +143% to 41 pm. The by fare
lowest increase of electrode thickness is observed for the delithiation-
limited electrode (+98% to 34 jwm), which is in line with its low-
est total irreversible capacity after 60 cycles (1.24 mAh cm™2, see
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Figure 10. Scanning electron microscopy (SEM) cross-sectional images of
(a) an uncycled electrode, (b) after 60 cycles between 0.01-1.25 V vs. Lit/Li,
and (c) after 60 cycles between 0.01-0.65 V vs. Li™/Li. SEM specifications:
secondary electron detector (SE), 10.0 kV electron acceleration voltage. mag-
nification x5,000. Cross-sections were prepared with an Ar-ion beam cross-
section polisher and the horizontal direction of the images is parallel to the
current collector surface.

Figure 3), despite the fact that the total exchanged charge-+discharge
capacity at this point is in between that of the electrodes which
underwent lithiation-limited and deep (de-)lithiation cycling (see
Figure 3). To further examine these trends, it is instructive to de-
termine whether the amount of SEI products formed can be related
directly to the gain in electrode thickness, i.e., whether the electrode
thickness gain is directly proportional to the total irreversible capacity:
(i) ~15 pmy, (mAhs gy cm™2)7! for the deep (de-)lithiation cycling,
(i) ~15 pma, (mAhsz g, cm=2)~! for lithiation-limited cycling, and
(iii) ~13 wma, (MAhsgy, cm™2)7! for the delithiation-limited cy-
cling. The approximately constant value of pmy, (mAhggi, cm™2)!
indicates that there is a good correlation between thickness gain and
total irreversible capacity, which suggests that the electrode thickness
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Figure 11. Silicon-graphite electrode coating thickness in pristine state and
after 60 cycles, obtained from constant current cycling (0.33 h™!) of SiG/LFP
Swagelok T-cells at different cutoff potentials: 0.01-1.25 V vs. Li*/Li(brown),
0.05-1.25 V vs. Li*/Li (blue), and 0.01-0.65 V vs. Li*/Li (marine).

expansion by the formation of porous silicon nanostructures has ap-
proximately the same contribution for all cycling protocols (which is
consistent with Figure 5), and that the buildup of SEI does not only
occur inside the silicon nanostructures but also on their outside, thus
leading to the differences in thickness between the electrodes.

As a corollary, the electrode degradation can be considered as
consequence of the silicon particle degradation, which additionally
depends on the electrode composition, including its electrical con-
ductivity and mechanical integrity.” For that reason, we observe a
very similar degradation for the fully (de-)lithiated and the lithiation-
limited electrodes (both with an upper cutoff potential of 1.25 V), both
in terms of electrode swelling and impedance increase, which causes
the immobilization of lithium within the first 60 cycles and results in
a similarly poor cycling stability. In contrast, the delithiation-limited
electrode reveals a considerably smaller swelling and impedance in-
crease, which mainly results from the smaller relative surface area
changes and the consequently lower total amount of electrolyte de-
composition products across the electrode coating. Therefore, the ben-
eficial effect of a limited delithiation of silicon-based electrodes on
the cycling stability is considerably larger compared to a limited lithi-
ation, at least as long as the initial reversible capacity is kept constant
for both conditions (here: ~1.45 mAh cm=2, ~76%). Once the ca-
pacity utilization of the lithiation-limited protocol is reduced further,
e.g., to 50%, it also decreases the irreversible capacity and eventually
becomes on par with the delithiation-limited protocol, however, only
at the expense either of a smaller reversible capacity or alternatively
an oversized electrode.

Finally, we would like to note that although the delithiation-limited
cycling of silicon-based electrodes is more favorable not only in terms
of the cycling stability but also because of the lower average electrode
potential and the full utilization of graphite, it also requires a higher
initial investment of active lithium (here: ~0.25 mAh cm?2) that
needs to be provided either by a larger positive electrode or suitable
prelithiation of the silicon-based electrode. Therefore, a comprehen-
sive evaluation of this cycling protocol in practical lithium-ion full
cells also requires a careful consideration of the electrode balancing
and the effective energy density.

Conclusions

In this study, we investigated the degradation of silicon-graphite
electrodes with respect to the morphological changes of the silicon
nanoparticles and the entire electrode structure in dependence on the
applied cutoff potentials. Based on our recent classification of (i)
the silicon particle degradation and (ii) the electrode degradation, we
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Scheme 1. Illustration of the difference in the mean electron conduction path
length from individual silicon particles to the electrically conductive graphite
particles in (a) an uncycled and (b) an aged silicon-graphite electrode.

summarized the underlying mechanisms as follows: Within the first
60 cycles, the silicon nanoparticles undergo severe morphological
changes caused by dealloying reactions that result in (i) the expansion
of initially solid silicon particles into porous networks of nanometer-
sized silicon branches, (ii) a large concomitant increase of the silicon
surface area which causes further SEI growth and leads to an increase
of the irreversible capacity, and (iii) a significant volume expansion
of the silicon particles not only reversibly over the course of a single
lithiation/delithiation cycle but also permanently of up to +700% as
indicated by STEM measurements. Driven by the increasing amount
of electrolyte decomposition products and the volumetric changes of
silicon, the SiG electrodes substantially increase in thickness during
the same period, which we try to capture by Scheme 1. Both the
insulating electrolyte decomposition products and the particle discon-
nection during electrode swelling result in a continuous impedance
growth upon cycling that leads to an incomplete delithiation from
electrically poorly connected silicon particles and thus to a distinct
decay of the reversible capacity However, at some point the dealloy-
ing reactions reach a steady-state at which the silicon surface growth
over cycling gradually diminishes.” At the same time, irreversible
capacity losses and electrode swelling also approach a minimum after
~60 cycles, resulting in a stabilization of the reversible capacity with
minor ongoing capacity fade. Although this degradation occurs in all
investigated potential ranges, we conclude that the occurrence and the
consequences can be delayed and reduced by limiting the delithiation
of silicon to 0.65 V vs. Lit/Li, which reduces the initially accessi-
ble capacity by ~15%, but owing to the lower capacity fade rate, the
delithiation-limited cycling results in a superior absolute capacity after
40 cycles compared to the other cycling protocols. Our simplified the-
oretical consideration of a perfectly spherical silicon particle shows
that by deliberately leaving ~15% of the reversible capacity in the
particle, the relative surface area changes between end-of-lithiation
and end-of-delithiation can be effectively reduced, thus mitigating the
lateral stress at the particle surface and reducing SEI growth.
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3.2 Investigation of Silicon-Graphite Anodes by Neutron Depth Profiling

3.2 Investigation of Silicon-Graphite Anodes by
Neutron Depth Profiling

In lithium-ion batteries, a safe and reversible operation of the anode is determined
by several phenomena that involve the distribution of lithium across the electrode
coating. For example, during fast-charging, lithium ion concentration gradients
form in the electrolyte-filled pores across the anode electrode thickness that can
cause plating of highly reactive metallic lithium at the surface of the anode.195-197
Alternatively, cross-diffusion of products from side reactions at the cathode, e.g.,
from transition metal dissolution,198-200 can lead to a non-uniform growth of the
solid-electrolyte-interphase (SEI) and eventually to a rapid rollover capacity
loss.201.202 [ silicon-based anodes, the SEI plays a pivotal role because its ongoing
growth can lead to a blocking of ion-conducting pathways and a partial electrical
isolation of active material particles.203.204 In the previous two decades, numerous
techniques were applied to characterize the side reactions occurring in silicon-
based anodes, inter alia nuclear magnetic resonance spectroscopy (NMR),125205-207
X-ray photoelectron spectroscopy (XPS),43208 and focused ion beam scanning
electron microscopy (FIB-SEM),203.204.209 which provided valuable insights into the
growth and composition of the SEI. However, most of these methods either provide
only local information or are not capable of quantifying the distribution of lithium
across the entire electrode coating. Therefore, this PhD thesis applied for the first
time neutron depth profiling (NDP) for a depth-resolved quantification of lithium
concentration gradients in SiG anodes. NDP is a non-destructive technique with a
very high sensitivity towards the °Li isotope,4’ allowing to determine the

distribution of lithium across electrode coatings with thicknesses up to ~50 pm.150

In the following articles, this PhD thesis demonstrated that NDP is a powerful
analytical technique to derive depth- and quantity-resolved information on lithium
concentration profiles in battery anodes. It starts with presenting the first
measurements at the recently installed N4DP setup at the PGAA facility at the Heinz
Maier-Leibnitz Zentrum (MLZ) in Garching.151 Based on these results, the second
article provides a thorough analysis of the uniformity of the SEI growth in
application-relevant SiG anodes over prolonged cycling over up to 140 cycles.167
Finally, further applications of NDP for the characterization of battery electrodes
are discussed with respect to the state-of-charge distribution in SiG anodes and the

distribution of aqueous-based binders in graphite anodes.
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3 Results

3.2.1 Material Science Applications of Neutron Depth Profiling

This section presents the article “Materials Science Applications of Neutron Depth
Profiling at the PGAA facility of Heinz Maier-Leibnitz Zentrum”.151 At the time of the
submission of this PhD thesis, this article has still been in the peer-review process
for publication. The article describes the first experiments at the recently installed
N4DP setup at the Prompt Gamma-ray Activation Analysis (PGAA) facility at MLZ in
Garching.210 As a first application, a lithium-containing single crystal thin film was
examined to validate the uniformity of the LiNbO3 phase across the film thickness
of ~400 nm. Its unique nonlinear optical and refractive index properties in the
visible and near-infrared light regime make LiNbOs3 a highly attractive material for
photonic waveguide transport. However, to be suitable for optical applications, the
single crystals must be highly homogeneous and free of vacancies, which is difficult
to prove by means of conventional analytical techniques. In this study, NDP was
used to investigate the stoichiometry of the LiNbOs thin film, thereby
demonstrating a uniform lithium distribution and only insignificant fluctuations in

the mass loading, which confirmed the high quality of the LiNbO3 film.

As a second application, the solid-electrolyte-interphase (SEI) growth in SiG anodes
with an application-relevant areal capacity of ~1.7 mAh cm-2 was monitored for the
first time using NDP. In contrast to previous studies on the distribution of
electrolyte decomposition products in silicon-based electrodes, the use of ex situ
NDP provided depth- and quantity-resolved information about the growth and the
profile of the SEI across the thickness of the electrode coatings as a function of the
cycle number up to 140 cycles. In addition, the NDP spectra also allowed to calculate
the increase in the mass loading and the thickness of the electrode, which was
confirmed by post mortem cross-sectional scanning electron microscopy (SEM)
images. The measurements indicated a large accumulation of lithium-containing
electrolyte decomposition products within the first 60 cycles, which agrees with the
electrochemical results from our previous work102 (see Section 3.1.1).
Furthermore, the NDP spectra also revealed a uniform SEI growth across the
thickness of the investigated SiG anodes even upon extended cycling. This finding
would not have been quantitatively accessible by conventional analytical
techniques. A more detailed analysis of the underlying morphological changes of

the SiG anodes is provided in a separate articlel6? (see Section 3.2.2).

68



3.2 Investigation of Silicon-Graphite Anodes by Neutron Depth Profiling

To deconvolute the signals from the 3H and the 4He particles, which overlap with
increasing mass loading of the SiG anodes, a new analytical evaluation method to
separate the signal contributions from the two particles was introduced and
experimentally validated. The method offers an alternative to the common
experimental approach of using thin separator foils, e.g., Kapton®, to block the
4He particles.163211 However, as these separator foils also deteriorate the resolution
and prohibit the detection of particles from below a certain depth, the here
presented analytical approach expands the application of NDP to samples with

higher mass loadings.
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Abstract

Lithium is widely used for different materials science applications as ceramics, optical waveguides or energy-storage
systems. In the present work, the lithium formations within lithium niobate thin films for optical waveguide applications
and in newly developed silicon-graphite electrodes for lithium-ion batteries are studied ex situ for the first time by
the method of Neutron Depth Profiling (NDP) at the recently developed instrument N4DP at MLZ. Due to its high
theoretical capacity these electrodes are promising candidates for the use in next-generation Li-ion batteries. However,
accumulation of inactive lithium in these electrodes during extensive charge-discharge cycling hampers their long-term
performance. NDP as non-destructive profiling technique provides information of the material where the lithium is
passivated in these electrodes and thus complements other electronic and microscopic characterization measurements as

coulombic efficiency measurements or SEM.

Keywords:

Neutron Depth Profiling, MLZ, Lithium, Lithium-ion batteries, Thin Film

1. Introduction

Neutron Depth Profiling (NDP) is a well established ;
non-destructive nuclear analytical technique to quantita-
tively probe the concentration profile of specific elements
in different matrices [1]. When the material is irradiated
by a neutron beam, certain nuclides emit charged particles
after neutron capture: 3He, °Li, 1°B, N, 170, 338, 3°Cl,
and K, as well as a few radioactive nuclides: "Be, ?’Na
and %'Ni [1]. Due to the low energy of the cold neutron
beam and the two-body kinematics of the nuclear reaction,
the energics of these charged particles are well-defined and
are ranging from 100keV to 5MeV. These charged parti-
cles are detected using high-energy-resolution detectors in
an evacuated chamber. In this way, even traces of elements
can be measured.

The charged particles lose energy almost linearly while
reaching the surface. More precisely, the stopping power
S(E) = —dE/dz in matter depends on the particle type,
its energy, as well as on the composition and the density
of the matrix and can be described by the Bethe-Bloch
formalism [2]. After the particles leave the surface, their
residual energies E(z) are related to the path length z by

Eo 1 45
= —dE 1
/E(m) S(E) M
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from which a depth concentration profile of the investi-
gated element can be determined. Due to its high sensitiv-
ity, NDP can be applied in many research areas, from brain
rescarch (3], to implantation profile tracking and energy-
storage research, especially lithium-ion batteries [1, 4, 5].
In this contribution measurements on optical waveguide
materials and silicon-graphite electrodes for Li-ion bat-
teries are presented and discussed. Here, NDP provides
insight into the homogeneity of the lithium distribution
within these waveguides and allows the tracking of passi-
vated lithium concentration profiles in the electrodes with
respect to depth. The measurements were performed at
the recently established NDP instrument at the MLZ PGAA,
referred to as ‘N4DP’. It accounts for the Neutron 4-
Dimensional Isotope-Sensitive Material Depth Profiling,
which is planned in future. A method is developed and
demonstrated to isolate signals of different particles, sub-
stituting the use of particle-filter foils.

2. Theory

Assuming a straight travel path of the charged par-
ticles to the surface, the energy loss corresponds to the
depth of the emission according to Eq. 1. The energy loss
and energy straggling was calculated using the Stopping
Range in Matter (SRIM) software [6]. Particles emitted
in a depth x are detected at energies E statistically dis-
tributed around the mean residual energy E(z), given by
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the response function [7]

1 o L (E@-E 2
)_\/%O'E(x)e p( 2( U'E(x) )) ' (2)105

It is a normalized Gaussian distribution and has to be
weighted with the number of particles from each surface
layer at depth . The measured depth profile is then given
by the sum of the response functions of the individual lay-
ers. 0p(z) sums quadratically the individual uncertainties
o; of the different statistical processes [7].

The signal broadening arises from the intrinsic noise of
the detector (oger) and the electronic noise of the signal
readout (o¢). A particle-dependent broadening oo, ac-
counts for statistical processes in the detector, like charge-
carrier statistics of electron-hole pair production, as well
as energy straggling by the dead-layer of the detector [8].
Both, energy straggling (0s¢rqgg) and multiple small-angle
scattering (oseqie) depend on the charged particle and the
traveled path-length through the material.

In the N4DP setup, the o, contribution is experimen-
tally determined from the difference between the parti-
cle signals and the equivalent noise charge (ENC) of well-
defined LiF calibration targets to o = 5keV and 7keV for
3H (2727 keV) and *Ie (2055keV), respectively. Longitu-
dinal (stragg(x)) and transversal (0scqre()) energy strag-
glings are sample and particle specific and were calculated
for each case using SRIM.

f(E

3. Experimental

110

3.1. N4DP setup

At the Prompt Gamma Activation Analysis (PGAA)
facility of the MLZ a cold neutron beam with a mean en-
ergy of 1.8meV (6.7A) is used. It provides a collimated
neutron beam with a capture-flux of 1.35x10%m™2s7!,
which can be increased to 2.7x10%cm =251 using focus-
ing [9]. If not stated otherwise, the collimated beam with-
out focusing was used. Three attenuators with different
reduction factors (5.9 %, 16 % and 47 %) can be placed into
the beam, in order to keep the signal rates below 103s™!
to avoid pile-up. The N4DP setup is shown in Fig. 1. The
neutron beam is collimated using apertures made of boron-
containing plastic plates with a circular opening with the
area of 12.6 mm?.

The neutron beam enters and exits the target chamber
through 100 pm-thick aluminum windows, while the flanges
are shielded with boron-containing glass-tubes which sup-
press the background signal from scattered neutrons [10].
The samples are positioned at an angle of 45° with re-
spect to the incoming neutron beam increasing the illumi-
nated area to 17.8 mm?. This arrangement also increases
the effective target layer thickness for the neutron path
with a factor of /2, while the charged particles reach the
detectors on a straight path perpendicular to the sample
surface. There are two surface-barrier detectors, one faces

115

120

125

the front and the other the backside of the sample both
at a distance of 53 mm. The detector signals are pream-
plified!, shaped? and read-out by a standard VME-based
digital data-acquisition system using a MADC-32 peak-
sensing ADC and the software MARABOU [11].

Beam stop

& g\

8 wmmmmn

SN

NN
P

Neutron guide
Boron-cont. shielding

L] Lead shielding

[z} 100pm aluminum windows

. Boron-cont. tube collimator

Figure 1: Schematic top-view sketch of the N4DP setup. The cold-
neutron beam n (yellow arrow) is collimated with boron-containing
plates. The beam enters and exits the N4DP vacuum chamber
through 100-ym aluminum windows. Both, samples and detectors,
can be rotated independently with respect to the axis in the center
of the vacuum chamber (perpendicular to the drawing plane). The
chamber was obtained from NIST.

8.2. Calibration

The thickness of targets influences the effective sample
to detector distance, since only the sample’s front or back
surface is mounted at a fixed distance to the detectors.
In the present setup, the backside was fixed. Thus, thick
targets shorten the distance to the front detector (on the
incoming neutron beam side), and the solid angle of the
sample seen by the detector is increased leading to different
correction factors A(r):

2
(r0)?
for a point-like source, where rp=53mm is the original dis-
tance between sample and detector. This is not negligible,
since a 1 mm thick sample already causes a geometry cor-
rection of A(1mm)~ 4 %. (It is to note that this correction
applies for the backside detector when the sample’s surface
is fixed and it is negligible for thin samples which can be
measured with both detectors in coincidence.)
In order to convert the signal to an absolute quantity, the
SRM2137 standard reference material from the National
Institute of Standards and Technology (NIST) was mea-
sured as calibration sample, and all count rates were nor-
malized to it. It has a well-known B implantation pro-
file in silicon with a systematic uncertainty of 3.4 % [12].

®3)
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Taking into account the capture cross-sections, the signal
intensities of different nuclides could be converted to ele-
ment concentrations.

165

4. Results and Discussion

4.1. Lithium Niobate Thin Films

A single crystal lithium niobate thin film on an in-
sulating layer (LNOI) on a 2cmx2cm silicon wafer was'
provided by an industrial company®. Lithium niobate is
used for photonic waveguide transport and resonator appli-
cations due to its unique nonlinear optical and refractive-

0

index properties in visible and near-infrared light regimes [13].

In order to ensure the characteristics for optical applica-

tions, the LNOI single crystal must be highly homogeneous
and vacancy-free which enables its use as a reference ma-
terial for NDP, too. The optical thickness of the film was
previously determined by the company to be 403.1 nm us-
ing non-contact optical measurements.

The nuclear reaction Li(n,*H)*He was utilized to quan-
tify the lithium distribution by NDP. The energy spec-
trum from the LNOI layer is shown in Fig. 2. It shows
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Figure 2: Energy spectrum from the NDP measurements of a

403.1nm thick LNOI film. Signals of the charged particles from
the reaction 6Li(n,3H)*He are well separated. Due to the higher
stopping power of “He particles, the signal is broadened producing
greater depth resolution.

two distinct signals for the two emitted particles. They
can be described as the mapping of the lithium depth dis-
tribution with the respective response function. Signals at
lower energy correspond to particles produced at greater
depth. Due to its higher atomic number, the stopping
power for He is stronger, therefore the *He signal of the
film is broader than the 3H signal. The *He signal has
a better depth resolution for the same reason and both
signals were confirmed to have the same integral within
the measurement accuracy. In order to check the spatial
homogeneity of the sample, the wafer was probed at two
different spots 1cm apart. A natural isotopic abundance

3Company: NanoLN Jinan Jingzheng Electronics Co. Ltd.

of 7.59% for 6Li was assumed to derive the lithium con-
centration.

The mass loading of the thin film was then determined
in two ways: the ‘He-signal counts were summed, which
equals as average of both spots 6.90x10'7 Li/cm? with a
total uncertainty of 3.6 % (composing of the systematic un-
certainty of the standard and counting statistics). Taking
into account the molar mass of 147.85 g/mol for LiNbOsg,
this corresponds to a mass loading of (169+8) ug/cm?.
Independently, the mass loading was determined from the
energy loss of the charged particles using SRIM, assuming
an uniform film density with LiNbO3 composition. The
uncertainty of the mass loadings were based on the devi-
ation of the modeled mean mass-loading value. The load-
ings were found to be (17344) ug/cm? and

(17244) ug/cm? for the two spots. The difference is within
the uncertainty limits which confirms the homogeneity of
the film with an average mass loading of (172.545) ug/cm?
and it agrees well with the above value calculated by sum-
ming. Thus the relative uncertainty of the mass loading
was found to be ~3%.

Assuming the 403.1 nm thickness accurate, this mass load
corresponds to a density of (4.284-0.17) g/cm®. Our data
are in agreement with typical energy loss predictions of
lithium niobate proposed by the SRIM database [14]. We
note that this density deviates from other reported values
of 4.63g/cm® by about 7.5% [15, 16], which could possi-
bly stem from the thin film preparation, as well as further
systematic uncertainties of the measurement or energy loss
calculation uncertainties using SRIM.

The magnified 4He signal is shown versus energy and depth
in Fig. 3, with red and blue dots showing the profile of the
two spots. The previously determined density of 4.28 g/cm3
was assumed. The error bars compose of the systematic
uncertainty of the calibration sample together with sta-

tistical uncertainties of the measurement. The dashed,
energy (keV) LiNbO,
x10% 1900 1950 2000 2050
20" T v T v I v T 3 =2
x=3
X=4
x=5

403.1nm LiNbO,

1 " 1 " 1
300 200 100
depth (nm)

™| j concentration (atoms/cm®)

Figure 3: Magnified section of the “He signal regime. 403.1 nm thick
LNOI film on SiO2 insulator was probed. The thickness was deter-
mined by the NanoLN company.

purple box represents a 403.1nm thick layer with homo-
geneous lithium concentration corresponding to the com-
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position of LiNbOg3. The insulating SiO, layer at greater
depths, on which the LiNbOj layer is deposited, is indi-
cated in gray. The modeled profile based on the nominal
lithium distribution is mapped by the depth-dependent re-
sponse function and is drawn in black. Due to statisticalsso
energy loss in LiNbOg, the resolution of detecting a sin-
gle lithium layer worsens from o = 10.6 keV at the upper
surface to 0 = 13.2keV at the bottom layer. These corre-
spond to broadenings of 28 nm and 34 nm in the 403.1 nm
film, respectively. The relative uncertainty of the totalsss
thickness is equal to that of the mass loading (3 %), and
that is smaller than these broadening values (~8 %). The
calculated profile agrees well with the measured data, in-
dicating a homogenecous rectangular function as the depth
profile. 270
Due to the single-crystal properties, the elemental compo-
sition of the film is defined and can be probed using NDP.
The horizontal lines in Fig. 3 depict the expected lithium
concentrations for elemental LiNbO, compositions ranging
from x=2 to x=5. The experimental data (red and blue
dots) indicate a pure LiNbOj phase and no formations
of LINbO, with x#3 were observed. Insignificant lithium
concentration fluctuations <3 % were seen, though.

In summary, we could investigate the uniformity of the
layer thickness as well as the stoichiometry of a lithium nio-
bate thin film with NDP. We observed an uniform lithium
distribution across its depth within the measurement accu-
racy. The high quality of the LNOI film motivates further
use of these films as lithium-based reference materials for
NDP.

4.2. Lithium aggregation in silicon-graphite electrodes
Extensive and continuous accumulation of electrochem-
ically inactive lithium in the solid-electrolyte-interphase
(SEI) on the surface of silicon-based anodes in lithium-
ion batteries currently hampers the introduction of sili-
con anodes envisaged for the next generation of lithium
ion batteries [17, 18]. The nuclear reaction °Li(n,*H)*He
was utilized to quantify the distribution of inactive lithium
across the silicon-graphite (SiG) anodes and the concomi->"®
tant mass loading increase of SiG-anode electrode coat-
ings.
The SiG electrodes were coated onto a 20-pum thick cop-
per current collector and they consist of porous silicon-

graphite coatings with 35 wt% silicon nanoparticles (~200 1ith

diameter), 45 wt% graphite particles (~20 um diameter),
10wt% carbon fibers and 10 wt% lithium poly (acrylate)
binder (LiPAA). Details on the materials and SiG elec-
trode preparation are given in [19, 20, 21]. The nominal

areal capacity of the SiG electrodes was (2.0540.06) mAh/cth?

based on the total mass loading of the electrode
((1.4440.04) mg/cm?) as well as the theoretical capaci-
ties of silicon (3579 mAh/gs;) and graphite (372mAh/gc).
The SiG electrodes were cycled in coin cells, containing 1 M
LiPFg dissolved in a carbonate-based electrolyte (EC:EMC.™
3:7 wtrwt) with 5 wt% fuoroethylene carbonate (FEC)
as additive and a capacitively oversized LiFePOy4 cathode

(3.5mAh/cm?) at C/2 rate (referenced to the theoretical
capacity of the anode, i.e., 1C equals 2.0 mA /cm?). Details
of the electrochemistry and the cell performance of these
electrodes are presented elsewhere [20, 21]. The focus here
is to demonstrate the suitability of NDP to quantify the
distribution of inactive lithium captured in the SEI which
is building up over the course of extended charge-discharge
cycling of SiG electrodes.

Hence, the electrodes were either pristine or harvested
from cycled SiG/LFP coin-cells in their fully discharged
state (i.e., fully delithiated to a cutoff potential of 2.0V
vs. Li/Lit) after 1, 5, 20, 40, 60, 80, 100, 120, and 140
charge-discharge cycles, which were then examined ex situ
by NDP. Since the thus harvested SiG electrodes do not
contain any intercalated lithium, the residual lithium in
the electrodes could be assigned to both the lithium from
LiPAA binder and to the inactive lithium incorporated
into the SEI formed by the decomposition of the FEC
containing electrolyte (for the pristine SiG electrodes, the
lithium only derives from the LiPAA binder).
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Figure 4: Energy spectrum measured from a pristine SiG anode
(black circles) and two simulated 3H signals for 18.7-pm thick SiG
anodes with conceptionally zero porosity (bulk, blue line) and with a
mean density corresponding to a porosity of 0.58 (red line). Around
2MeV the onset of the 4He signal can be observed.

The energy spectrum obtained with NDP of the pristine
SiG electrode coating is shown in black circles in Fig. 4. It
resembles the profile in Fig. 2 with broader signals mean-
ing thicker layers. The sharp edge at 2.7 MeV corresponds
to 3H particles emitted by lithium at the surface of the
electrode, where they did not undergo energy loss. The
energy resolution statistically worsens towards lower ener-
gies, meaning greater depths. At 2MeV, the *He signal
rises and repeats the lithium depth profile with a higher
resolution. Due to its higher stopping power, it only probes
the surface of the film down to 1.3 mg/cm? mass loading.
In contrast, the *H signal reveals the complete depth pro-
file through the (18.740.3) pm thick SiG electrode coat-
ing. Since NDP is only sensitive to the mass loading (i.e.
product of thickness and density), the SiG electrode coat-
ing thicknesses were measured using a scanning electrode
microscope (SEM), which is described elsewhere [20]. The
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blue line in Fig. 4 depicts the expected profile of an 18.7-
pm thick, isotropic and ”dense” electrode coating without
vacancies, i.e. zero porosity. Its density was calculated
to be 2.08g/cm? considering the individual densities of sil-
icon, graphite and 1.5g/cm? for the LiPAA binder [20].
It lasts down until 1.7 MeV, thus the accessible range of
NDP would be sufficient to probe even a dense coating and
verifies that the full depth profile of the actual porous SiG
electrode is accessible.

In the pristine electrode, the 3H signal does not broaden
as much as the signal of the simulated ”dense” SiG elec-
trode coating. This indicates that its mean density is re-
duced caused e.g. by a porous structure. In the next step,
the mass loading was calculated from the “H signal un-
til the inflection point of the signal at around 2.3 MeV to
be (1.6540.34) mg/cm?, assuming a homogeneous mate-
rial composition. Taking into account the coating thick-
ness obtained from SEM, this corresponds to a packing
density of (0.884:0.18) g/cm?® which equals the bulk den-
sity reduced by a factor of 0.58+0.12. This agrees well
with the electrode porosity of 0.61 measured complemen-
tary [20]. Therefore the inflection point of the signal at
around 2.3 MeV represents the end of the SiG electrode
at the depth of about 18.7 um, i.e. where the Cu current
collector begins, and is not caused by lithium depletion at
the backside.

The calculated 3H signal of a 18.7-um thick and homoge-,,
neous lithium distribution in an isotropic matrix with a
density of 0.88 g/cm? is shown in Fig. 4 in red. Its shape
deviates from the measured depth profile (black circles) in
two aspects. 1) A higher lithium concentration at the free
surface (corresponding to the electrode/separator interface, |
prior to cell disassembly) is observed in the measurements
compared to the model using the mean density. This
lithium enrichment could possibly be attributed to the
rough and porous SiG electrode surface, which increases
the effective surface compared to the layers within the elec-,
trode. However, this effect is indistinguishable from any
true lithium enrichment at the surface. 2) The measured
energy broadening at an energy value corresponding to the
current collector position (~2.3 MeV) is more pronounced
than what would be predicted by the model (red curve).,
The SiG electrode coating consists of a porous structure
based on randomly distributed particles rather than a ho-
mogeneous material with fixed density. Charged particles
penetrating entirely through the solid phase of the coated
electrode materials will follow the profile shown in Fig. 4,
in blue, whereas particles traveling only through pores do
not lose energy. Both of these extreme cases are rather
unlikely but the distribution of the randomly oriented sili-
con and graphite particles modifies the path-lengths of the
charged particles perpendicular to the surface. Thus, the_
additional energy broadening depends on the silicon and
graphite particle distribution in the electrodes and on the
electrode porosity (i.e. for zero porosity, the distribution
of path-length variation would vanish).

In Fig. 5, the spectra of SiG electrodes after different

350

intensity (cps)
N

[
1500 2000
energy (keV)

1000 2500

Figure 5: Spectra of SiG electrodes in pristine state (purple line)
and harvested in their fully delithiated state after different numbers
of charge-discharge cycles. With cycling, the amount of residual
lithium in the discharged SiG electrode coatings increases, which in
turn increases the measured 3H and 4He intensity. The SiG-electrode
mass loadings increase with greater charge-discharge cycle number,
which results in 3H signal broadening to lower energies.

numbers of charge-discharge cycles from the pristine state
(purple, lowermost) up to 140 cycles (brown, uppermost)
are shown. The spectra were acquired for 1h each, and
that ensured sufficient counting statistics. Apart from the
lithium signals in form of “He (below 2.0 MeV) and *H (be-
low 2.7 MeV), further signals at 1.47 MeV from boron were
also detected, which we ascribe to residues of the glass-
fiber separator at the surface of the harvested cycled SiG
electrodes. These impurities were neither observed for the
pristine electrodes, nor when using a polymer-based sep-
arator [20]. Over the course of charge-discharge cycling,
the amount of lithium in the electrode was observed to
rapidly increase (particularly over the first 60 cycles), as
indicated by the increasing signal intensities that gradually
approach a constant value after ~100 cycles. In addition,
the ®H signals last to lower energies with increasing cycle
number indicating an increasing mass loading of the elec-
trode coatings. Previous works have shown that during
charge-discharge cycling of SiG electrodes, fluoroethylene
carbonate (FEC) molecules are reduced preferentially at
the surface of the silicon because of the large volumetric
changes between its charged and discharged state, result-
ing in a continuous growth of SEI [21, 22, 23]. The chang-
ing elemental composition of the SiG electrode caused by
the SEI growth was thus considered for the energy-loss cal-
culations of the charged particles.

The *H signals which represent the embedded lithium in
the SiG electrode matrix broaden to lower energies due
to the increased mass loadings of the SiG electrode coat-
ings and overlap with the *He for which the number of
charge-discharge cycles increases. The #Ile and 11 signals
arise from the same depth profile but with different resolu-
tions, thus the shape of the *He signal can be determined
from that of the *H signal and vice versa. The princi-
ple is presented on the spectrum for the electrode with 60
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Figure 6: Spectrum of the discharged SiG electrode after 60 cycles
(black). The purple (lower-most) line shows the signal of the boron
contribution from the glass-fiber residuals on the electrode surface
which then can be subtracted from the overall signal. From the onset
of the 3H signal (red line), the profile of the 4He signal contribution
is reconstructed, as shown by the pink line. The final H profile
from which the calculated boron and the *He contributions were
subtracted is shown in blue. The green line shows the profile mea-
sured when using a 6-pum separator foil which suppresses the boron
and “He signal contributions. Finally, the orange line represents the
shape of the blue curve calculated through the separator foil, which
agrees with the measurement (green).

cycles shown in Fig. 6. First, from the onset of the *H sig-
nal (shown in red) the depth profile is determined. Then,
the profile is mapped with the response function of the
“He particles yielding the expected *He distribution pro-
file shown in pink, which then can be subtracted from the
recorded spectrum shown in black. The *He signals de-
riving from boron (shown in purple) were also subtracted
until the signal became continuous (blue spectrum).

To verify that the corrected *H signal still reflects the orig-
inal profile shape prior to the subtraction of the *He and
boron signals, the 60-cycles electrode was remeasured us-
ing a 6-um Mylar foil (0.9mg/cm?) between the sample
and the detector. The spectrum is shown in green, with
4He particles being suppressed and the °H signal being
lowered in energy and broadened. Thin foils are com-
monly used to suppress signals from the heavier charged
particles [5]. However, they affect the measurement in
the following ways: 1) Particles undergo further statisti-
cal energy loss, and so the signal resolution at the upper
electrode surface worsens from 9keV to 12keV. 2) They
can hamper the detection of charged particles from deep
layers and thus restrict the maximum detection depth. 3)
The additional particle scattering can affect the geometri-
cal acceptance angle and thus also change the calibration
for the absolute quantity. Thinner foils may have a smaller
impact on the 3H signal, yet, they also result in a less effec-
tive suppression of the *He particles. Thus the thickness "
and positioning of the separation foils should be adjusted
to address the specific measurement. The form of the sub-
tracted *H signal (blue) penetrating through the Mylar foil
was calculated using SRIM (by taking into account the en-
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ergy loss and energy broadening caused by it) and is shown
as orange line. Only the height of the signals, stemming
from change in detector acceptance angle, was used as free
parameter. The signal shape is preserved, since it fits the
spectrum measured with the Mylar foil (green line), thus
confirming the validity of this calculation method.
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Figure 7: a) Energy spectra of separated >H signals of SiG electrode
coatings in pristine state (purple line) and after different numbers of
charge-discharge cycles. b) Lithium concentration is shown versus
mass loading, assuming 1) natural lithium abundance and 2) con-
stant material densities for electrodes after different cycle numbers.

The separated *H profiles are shown in Fig. 7a. In the
next step, the energy losses were determined from the in-
flection points of the signals at lower energies, and they
were converted into mass loadings, considering the elemen-
tal composition and electrode density after the respective
number of cycles. These mass loadings were calculated
from the energy loss assuming the changing SiG-electrode
composition. Their uncertainties were correlated to the
FWHM values and they are listed together with the densi-
ties obtained from NDP (taking into account the electrode
thicknesses measured via SEM) in Tab. 1.

FFinally, the spectra were converted to concentration pro-
files, taking into account the non-linear stopping power
of the *H particles and are shown in Fig 7b versus mass
loading. It depicts the amount of electrode material per
area through which the charged particles traveled through
towards the upper surface before they were detected. Con-
stant electrode mass densities across the coatings were
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assumed, as well as a natural lithium abundance. Ac-
cordingly, the NDP profiles demonstrate that the lithium
concentration increases across the entire electrode coating
even upon extended charge-discharge cycling up to 140
cycles. That means the silicon particles all over the elec-*®
trode are utilized even after a large number of cycles and
no completely inactive layers are formed. Yet, the lithium
distribution changes with depth: e.g., after 40 cycles an
increase of about 15% can be seen in the lithium density
from the electrode surface towards the bulk, leading to a*°
lithium enrichment near the Cu current collector, which
reaches a saturation level upon continued cycling.

The areas under the profiles display the total number of
lithium stored in the full coating. The total lithium con-
tent in the electrodes (i.e., from the LiPAA binder and*®
from passivated lithium in the SEI) was calculated by in-
tegrating the NDP spectra over the entire energy range
and subsequent conversion into an irreversible capacity
equivalent in units of mAh/cm?, assuming one electron per
lithium atom. The resulting values are listed in Tab. 1.4°
The offset of (0.058+0.002) mAh/cm? caused by the Li-
PAA binder was subtracted in order to consider only the
capacity originating from the passivated lithium. The ir-
reversible capacity rapidly increases during the first cy-
cles and saturates above 100 cycles, which agrees well
with the electrochemical capacity loss measured during cy-
cling [21]. The measurements demonstrate the high depth-sos
and quantity-resolution of NDP, which allows to monitor
the SEI growth of silicon-graphite electrode as a function
of the cycle number. A more detailed electrochemical in-
terpretation is published in parallel by Wetjen et al. [20].
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Cycle Electrode thickness| Mass Ioadlng Elgctrode s Irrev. Capacity
SEM (pm) NDP (mg/cm?) |density (g/cm®)| NDP (mAh/cm?)
0 18.7+0.3 1.65 +0.34 0.88+0.18 | (0.058 +0.002)
1 205+ 1.4 1.96 + 0.37 0.95+£0.18 0.138 + 0.007
5 20409 1.90 + 0.35 0.93+0.17 | 0164+0.008 |°*®
20 246+0.8 2.40 +0.44 097+0.16 | 0.380+0.016
40 376+12 3.63+0.41 0.97+0.10 1.02 +0.04
60 486+0.8 4.39 +0.45 0.90 +£0.09 1.42 +0.05
80 57.1+5.0 4.64 +0.49 0.81+0.12 1.51+0.06
100 577412 4.86 +0.63 0.84+0.12 1.75 £0.07
120 55.1+1.7 4.93+0.61 0.89£0.11 1.79+0.07
140 51.4+1.9 497+055 | 097012 183+007 |7°

Table 1: Electrode coating thicknesses after different cycles mea-
sured by complementary SEM cross-section measurements. The
obtained electrode mass loadings from energy loss calculations are
shown (FWHM errors), as well as the resulting densities, which were
calculated from the electrode thickness determined by SEM and the
mass loadings determined by NDP. Irreversible capacities measured
by the area under the 3 H profiles of the different electrodes are listed.
For the pristine electrode, the equivalent capacity was calculated®®
from the lithium atoms in the LiPAA binder.
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5. Conclusion

The lithium concentration profile in a LiNbOg thin film
was examined by NDP. The lithium niobate was found to
be homogeneous across the film and a pure LiNbO; phase
could be confirmed.

NDP was applied on silicon-graphite electrode coatings in
order to study ez situ the growth of the SEI upon ex-
tended charge-discharge cycling. The spectra revealed by
a higher energy loss an increase in mass loading, and that
corroborates well with the thickness increase of the SiG
electrode coating, which was directly observed using cross-
sectional SEM measurements. Furthermore, NDP comple-
ments these mechanic images and reveals a saturation of
the passivated lithium at the current collector side.

A method for the separation of different charged-particle
signals was introduced and verified. This method replaces
the use of separator foils, which if used, however, would
restrict particle detection [rom greater depths. All NDP
measurements were performed at the recently installed
N4DP experiment at the PGAA facility of MLZ.
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3 Results

3.2.2 Depth-Distribution of the SEI in Silicon-Graphite Electrodes

This section presents the article “Quantifying the Distribution of Electrolyte
Decomposition Products in Silicon-Graphite Electrodes by Neutron Depth
Profiling”,167 which was published in August 2018 in the Journal of The
Electrochemical Society. It is an open access article distributed under the terms of
the Creative Commons Attribution 4.0 License. The study was accepted for
presentation at the AIMES Meeting of The Electrochemical Society in Cancun,
Mexico (Sep 30 - Oct 4, 2018), Abstr. #427. The permanent web-link to the article
is http://dx.doi.org/10.1149/2.1341810jes.

This article is a follow-up study on our previous NDP measurements reported in
Trunk et al.151 (see Section 3.2.1). While the first article focused on the introduction
of the method, now we analyze and validate the NDP spectra in detail with respect
to the electrochemical performance and the morphological changes of the
SiG anodes. The lithium density profiles obtained from NDP were used (i) to
quantify the amount of lithium-containing electrolyte decomposition products in
the SiG anodes (35 wt% silicon, areal capacity ~1.7 mAh cm-2), (ii) to monitor their
depth distribution across the electrode coatings, and (iii) to determine the active
material utilization across the electrodes after 140 charge-discharge cycles. In
addition, the mass loading and the thickness increase of the electrodes were
determined post mortem and used to validate the values calculated from the NDP
measurements. Finally, high-resolution cross-sectional SEM images were taken to

complement the interpretation of the morphological changes of the SiG anodes.

This study generated three important insights into the SEI growth in SiG anodes:
(i) The aging of the SiG anodes is mainly determined within the first 60 cycles.
During this period, the silicon nanoparticles undergo dealloying reactions which
enhance side-reactions occurring at the silicon/electrolyte interface and result in
the accumulation of large amounts of electrolyte decomposition products in the
electrode. This accumulation coincides with a severe increase of the electrode mass
loading and a swelling of the electrode coating. In contrast to reports in the
literature, this study revealed that the porosity of the investigated SiG anodes
shows only a minor decrease, which was rationalized by high-resolution SEM
images that showed a micro-porosity in the agglomerates consisting of silicon and

electrolyte decomposition products. (ii) Further, this study indicated an almost
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uniform distribution of the lithium-containing electrolyte decomposition products
across the thickness of the SiG anodes, whose profile shape remained almost
unchanged upon cycling. As a corollary, the silicon active material was uniformly
utilized at different electrode depths even upon prolonged cycling, which excludes
the presence of a dominating transport-limiting process across the thickness of the
investigated SiG anodes. Instead, the findings suggested that the capacity decay of
the SiG anodes stems from the loss of interparticle contact pressure and increases
with an increasing mean path length between individual silicon particles and
adjacent electrically well-conducting graphite particles, which occurs statistically
in a homogeneous electrode coating. (iii) Finally, this study reinforced the need for
an integral design of silicon-based electrodes, considering both (a) a suppression of
the degradation of the silicon particles and subsequent side reactions at the
silicon/electrolyte interface, and (b) a hierarchical electrode structure that
maintains a sufficient electron and lithium ion transport not only across the

thickness of the electrode coating but also between the individual silicon particles.

To analyze the morphology of the SiG anodes, this PhD thesis expanded the
collaboration with JEOL (Germany) GmbH in Freising. Argon-polished cross-
sections were prepared from the electrodes and measured using a high-resolution

SEM instrument.
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Silicon-based anodes for lithium-ion batteries exhibit severe volumetric changes of the active material particles during (de-)lithiation,
resulting in continuously occurring side reactions at the silicon/electrolyte interface over extended charge/discharge cycling. The
thus formed and accumulating electrolyte decomposition products lead to a growth of the solid-electrolyte-interphase (SEI) on
the silicon particles. This results not only in an ongoing loss of electrolyte but also in a significant swelling and impedance
increase of silicon-based anodes which significantly compromises their cycle-life. In the present study. neutron depth profiling
(NDP) is used post mortem as a non-destructive, highly lithium-sensitive technique to (i) quantify the amount of lithium-containing
electrolyte decomposition products in silicon-graphite (SiG) electrodes (35 wt% silicon, areal capacity ~1.7 mAh cm™~2), (ii) monitor
their distribution across the SiG electrode thickness, and (iii) determine the active material utilization across the electrode over
140 cycles. Hence, SiG negative electrodes are aged and characterized by means of galvanostatic cycling in SiG//LiFePO4 pseudo-
full cells, using a capacitively oversized positive electrode and an electrolyte mixture consisting of 1 M LiPFg¢ in EC:EMC with
5 wt% FEC. High-resolution cross-sectional SEM images and post-mortem characterization of the SiG electrodes with respect to
changes in electrode mass thickness complement the analysis.
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Silicon is among the most promising anode materials for fu-
ture lithium-ion batteries to achieve cell-level energy densities above
300 Wh kg='.!= Yet, its commercialization is still hampered by the
large morphological changes of the silicon particles upon repeated
(de-)lithiation.*> These changes result in (i) a continuous consump-
tion of electrolyte with a concomitant accumulation of electrolyte
decomposition products in porous silicon-based electrodes,*® and (ii)
a significant swelling of the entire electrode structure, leading to elec-
trode polarization and a loss of reversible capacity.”!® Numerous re-
search groups investigated the degradation of silicon-based electrodes,
e.g., using in-situ X-ray diffraction (XRD),'"'> nuclear magnetic res-
onance spectroscopy (NMR),'*1® X-ray photoelectron spectroscopy
(XPS),!"!® and focused ion beam scanning electron microscopy (FIB-
SEM).!"-2l These measurements provided valuable insights into the
side-reactions of the silicon particles as well as the formation of elec-
trolyte decomposition products which lead to a growth of the solid-
electrolyte-interphase (SEI).”> Nonetheless, most of these methods
do not provide information on the extent of electrolyte decomposi-
tion products across the thickness of the electrode which would allow
further insight into the degradation mechanism of silicon-based elec-
trodes. This can be provided by neutron depth profiling (NDP), a
non-destructive and highly lithium-sensitive technique which enables
a depth-resolved quantification of the lithium concentration across the
electrode thickness of up to ~50 wm.>=> In 2009, Whitney et al.>¢-’
used NDP for the first time to determine the SEI growth on graphite
anodes at different storage conditions. Later, Co and co-workers?®?
applied NDP to measure the lithium distribution in a tin-based thin-
film alloy electrode (12.5 wm thickness), using an in-situ setup that
consisted of a lithium metal anode and an electrolyte mixture of 1 M
LiBF, in EC:DMC. More recently, Zhang et al.* used a similar in-
situ setup to investigate the influence of the electrode morphology and

=These authors contributed equally to this work.

*Electrochemical Society Student Member.
**Electrochemical Society Fellow.

“E-mail: morten.wetjen@tum.de

the C-rate on the lithium gradients across a 12.5 jum thick LiFePO,
cathode coating.

Here, the degradation of silicon-graphite (SiG) electrodes (35 wt%
silicon) with an areal capacity of ~1.7 mAh cm™2 is studied post
mortem by ex-situ NDP to (i) quantify the amount of lithium-
containing electrolyte decomposition products, (ii) monitor their dis-
tribution across the electrode coatings, and (iii) determine the active
material utilization across the SiG electrodes over the course of 140
charge/discharge cycles. SiG electrodes were aged and characterized
by means of galvanostatic cycling in SiG//LiFePO, pseudo-full cells,
using a capacitively oversized positive electrode and an electrolyte
mixture consisting of 1 M LiPFg in EC:EMC with 5 wt% fluoroethy-
lene carbonate (FEC).” Over the course of charge/discharge cycling,
side reactions occurring at the silicon/electrolyte interface result in
the continuous preferential consumption of FEC which is accompa-
nied by the accumulation of lithium-containing electrolyte decom-
position products,®® consisting of LiF, Li,COs, Li;O, and lithium
alkoxides.'®3!32 After different numbers of cycles, fully delithiated
SiG electrodes were harvested from the cells and characterized by
ex-situ NDP. In this case, residual lithium in the electrodes mainly
originates from the lithium poly(acrylate) (LiPAA) binder and from
the lithium-containing electrolyte decomposition products, indepen-
dent of their chemical state.” The NDP analysis method was recently
implemented and validated using pristine and aged SiG electrodes by
Trunk et al.** at the newly constructed neutron depth profiling instru-
ment (N4DP) at the Prompt Gamma-ray Activation Analysis (PGAA)
facility of the Heinz Maier-Leibnitz Zentrum (MLZ) in Garching,
Germany. In the present work, these NDP results are analyzed by
taking into account the electrochemical performance and the morpho-
logical changes of the SiG electrodes. Hence, the mass loading and
the thickness increase of the electrodes were determined post-mortem
and compared to the NDP measurements. In addition, high-resolution
cross-sectional SEM images were taken to further elucidate the mor-
phological changes of the SiG electrodes. The study concludes with a
detailed discussion of the degradation phenomena of SiG electrodes
and the influence of the electrolyte decomposition products on cycling
performance.

Downloaded on 2018-08-01 to IP 80.187.81.62 address. Redistribution subject to ECS terms of use (see ecsdl.org/site/terms_use) unless CC License in place (see abstract).
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Experimental

Electrode preparation.—Silicon-graphite (SiG) electrodes, con-
sisting of 35 wt% silicon nanoparticles (~200 nm, Wacker Chemie
AG, Germany), 45 wt% graphite (~20 pwm, T311, SGL Carbon, Ger-
many), 10 wt% vapor grown carbon fibers (VCGF-H, Showa Denko,
Japan), and 10 wt% lithium poly(acrylate) binder (LiPAA) were pre-
pared by an aqueous ink procedure, which is described in detail in
our previous publication.” The LiPAA was prepared by diluting a
35 wt% poly(acrylic acid) solution (PAA, MW = 250,000 g mol~',
Sigma-Aldrich, Germany) with deionized water and neutralizing it
with lithium hydroxide (LiOH, Sigma-Aldrich, Germany) to a pH-
value of ~8.3* The mass loading of the electrodes was adjusted to
1.44 + 0.04 mgeiecroqe cM™2, which corresponds to a theoretical areal
capacity of 2.05 £ 0.06 mAh cm~? (referenced to theoretical specific
capacities of 3579 mAh g~'s; and 372 mAh g~!¢). During the first
cycle ata C-rate of 0.1 h™", the SiG electrodes delivered a delithiation
capacity of 1.69 £ 0.05 mAh cm~2.

Test cell assembly.—Electrochemical characterization and aging
of the SiG electrodes was conducted in coin-cells (Hohsen, Japan), by
sandwiching two 250 pm thick glass fiber separators (VWR, USA)
between a SiG anode (~1.7 mAh cm~2 at 0.1 h~!, 14 mm diameter)
and a capacitively oversized LiFePO, (LFP) cathode (~3.5 mAh cm ™2
at 0.1 h™!, 15 mm diameter, Customcells, Germany). As electrolyte,
100 pL of 1 M LiPF; in ethylene carbonate:ethyl methyl carbonate
(EC:EMC, 30:70 wt%; also referred to as LP57), with 5 wt% fluo-
roethylene carbonate (FEC) was used.

Battery cycling.—The electrode polarization and cycling per-
formance of the SiG electrodes was investigated by means of
galvanostatic cycling of SiG//LFP coin-cells. As in our previous
publication,’” the cell voltage was controlled between the SiG and
the LFP electrode, whereby the SiG potential was calculated from the
SiG//LFP cell voltage, referring to a stable LFP electrode potential of
3.45 V vs. Li*/Li. Initially, two formation cycles at a C-rate of 0.1
h=! (~0.2 mA cm~?) were performed between cell voltages of 3.44
and 2.2 V, corresponding to a SiG potential of ~0.01 and ~1.25 V vs.
Li*/Li. For consecutive cycling, the C-rate was increased to 0.5 h™'
(~1.0 mA cm~?), whereby the C-rate is always referenced to the the-
oretical capacity of the electrodes, i.e., 1.0 h™! equals ~2.0 mA cm™2,
During the last cycle of each procedure and prior to disassembly of
the coin-cells, the SiG electrodes were again lithiated to 0.01 V vs.
Li*/Li at 0.5 h™! and then delithiated to ~2.0 V vs. Li*/Li at a very
low C-rate of 0.02 h™! (~0.04 mA cm~?) in order to extract any resid-
ual active lithium from the SiG electrodes. All measurements were
performed in a climate chamber (Binder, Germany) at 25°C, using a
multi-channel potentiostat VMP3 (BioLogic, France).

Test cell disassembly.—Following the charge/discharge cycling
and the slow delithiation in the last cycle, the SiG/LFP coin-cells
were disassembled in their fully discharged state in an argon-filled
glovebox (H,0 and O, concentration < 0.1 ppm; MBraun). The SiG
electrodes were harvested from the cells and carefully rinsed with
50 nL of dimethyl carbonate (DMC) to remove any residues of the
liquid electrolyte. Thus, remaining lithium in these electrodes mainly
originated from the LiPAA binder and the lithium-containing elec-
trolyte decomposition products, which can be ascribed to the irre-
versible capacity loss. Finally, the SiG electrodes were weighed and
then sealed separately in pouch-foils before being opened again just
before the transfer into the NDP vacuum chamber, whereby electrodes
were exposed to ambient atmosphere only for a few minutes prior to
NDP measurements.

Neutron depth profiling.—The NDP measurements of the SiG
clectrodes were conducted ex-situ using the N4DP setup at the PGAA
facility of the MLZ in Garching, Germany.** The beamline provides
a collimated cold neutron beam with an area of 12.6 mm? and a flux
of 1.35 x 10° cm~2 s~! which can be reduced by different attenuators
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(5.9%, 16%, and 47%) to mitigate pile-up effects at count rates above
10* 57135 The 14 mm diameter SiG electrodes were placed in the
NDP vacuum chamber with the coating facing the incoming beam at
an angle of 45°. The N4DP setup at the PGAA facility is described in
more detail by Trunk et al.*?

High-resolution cross-sectional SEM images.—The morphology
of the SiG electrodes in their pristine state and after different numbers
of cycles was investigated by high-resolution cross-sectional scan-
ning electron microscopy (SEM). First, electrode cross-sections were
prepared by argon ion beam polishing, using a JEOL Cross Sec-
tion Polisher IB-19530CP (JEOL, Japan). Afterwards, SEM images
were taken using a JEOL JSM-IT300HR (JEOL, Japan) with a field-
emission electron source and a secondary electron detector. Both the
preparation of the electrode cross-sections and the measurements of
the cross-sectional SEM images were conducted by JEOL (Germany)
GmbH in Freising, Germany.

Quantification of electrode thickness changes.—The changes in
the SiG electrode thickness were measured by cross-sectional scan-
ning electron microscopy (SEM) with the aid of a JEOL JCM-
6000 NeoScope (JEOL, Japan), using a procedure described in de-
tail elsewhere.'” After the NDP measurements, the SiG electrodes
were cut across the center of the electrodes. One half was polished
by the argon ion beam and measured by high-resolution SEM as de-
scribed above. The other half was embedded into a resin solution;
after hardening of the resin, the samples were polished stepwise us-
ing different polishing papers down to 1 pwm size to obtain a mirror
finished cross-section of the electrodes. Each electrode was evaluated
at fifteen positions along the entire cross-section to obtain an average
thickness and its standard deviation.

Results and Discussion

Chargeldischarge cycling and post-mortem characterization of
SiG electrodes.—Figure la shows the areal delithiation capacity
(brown symbols) and the total irreversible capacity (marine symbols)
of the SiG electrode as a function of the cycle number, exemplarily
shown for the cell cycled over 120 cycles (the total irreversible capac-
ity after 120 cycles from two cells is reproducible within +5%; see
blue symbols at cycle 120 in Figure 4a). After two formation cycles
at a C-rate of 0.1 h™! where ~83% of the theoretical capacity of
2.05 mAh cm™2 are obtained, the initially delivered delithiation
capacity at the subsequently higher C-rate of 0.5 h™! amounts to
~1.4 mAh cm™2 (~68% of the theoretical capacity). The cycling
stability of the SiG electrodes is characterized by a distinct capacity
decay to ~0.9 mAh cm™? within the first 60 cycles (~65% capacity
retention, referenced to the 3% cycle at 0.5 h™!), perhaps more evident
by the steep increase in the total irreversible capacity within the first
60 cycles (marine symbols in Figure 1a), which can be used as a mea-
sure for the accumulation of electrolyte decomposition products in
the porous electrode. This behavior is also reflected by the differential
capacity curves shown in Figure 1b which, within the first 60 cycles,
reveal a distinct capacity fade at low degrees of lithiation, i.e., at poten-
tials above 0.2 V vs. Lit/Li during lithiation (see lower left segment in
Figure 1b),” a characteristic feature observed if the delithiation during
the preceding lithiation cycles is incomplete.* In our earlier work, '
it was demonstrated that the increase in the electrode impedance and
the loss of interparticle electrical contact is caused by the drastic ex-
pansion of the surface area of the silicon particles over the initial
charge/discharge cycles, accompanied by an initially high formation
rate of electrolyte decomposition products and high SEI growth as
well as by a significant swelling of the SiG electrode. It is to note
that although FEC is continuously reduced at the silicon/electrolyte
interface, the total amount in the electrolyte solution is large enough to
prevent a complete depletion and subsequent reductive decomposition
of EC within the here investigated 140 cycles.®

Figure 2 shows (a) the mass loading and (b) the coating thick-
ness of the SiG electrodes which were determined post-mortem after
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Figure 1. (a) Areal delithiation capacity (brown symbols) and total accumu-
lated irreversible capacity (marine symbols) of a SiG electrode (~1.7 mAh
cm~2 at 0.1 h™!) cycled between SiG potentials of 0.01 and 1.25 V vs. Lit/Li,
obtained from galvanostatic cycling of SiG//LFP coin-cells at a C-rate of
0.5 h™! with a capacitively oversized LFP electrode (~3.5 mAh cm~2 at
0.1 h™!) in LP57 with 5 wt% FEC. (b) Differential capacity curves of se-
lected cycles at 0.5 h~! plotted vs. the SiG electrode potential (obtained by
considering a stable LFP electrode potential of 3.45 V vs. Lit/Li).

different numbers of cycles by weighing and by thickness measure-
ments using cross-sectional SEM images. In (c), the electrode poros-
ity was calculated based on the thickness and mass loading of the
electrodes, using estimated average densities of 2.33 g cm™ for sili-
con, 2.0 g cm™ for graphite and the carbon fibers, 1.5 g cm™~> for the
LiPAA binder, and 1.6 + 0.2 g cm™ for the electrolyte decomposition
products (this calculation is outlined in detail in reference 7). Analo-
gous to the cycling data, these electrode properties undergo a drastic
change within the first 60 cycles. While the mass loading increases
from ~1.4 to ~3.9 mg cm~2, the coating swells from ~19 pm to
~49 pm. In contrast, between 80 and 140 cycles, only minor changes
can be observed, resulting in a final mass loading of 4.4 mg cm~2 and
a coating thickness of ~51 pm, respectively. The ~5-10% decrease
in the measured electrode thickness for the electrodes aged for 120
and 140 cycles, likely originates from a slightly lower initial mass
loading and thus also a smaller coating thickness prior to cycling. Yet,
itis to note that the preparation of the electrodes is quite reproducible,
yielding an average thickness and standard deviation for the pristine
electrodes of 18.7 = 0.3 pm.

Based on a recent TEM investigation, ” it was indeed expected
that after 60 cycles the further increase of the mass loading and the
coating thickness would become very small, as the cycling induced
structural changes to the silicon particle morphology and the concomi-
tant surface area growth of the silicon particles approach a steady-state
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Figure 2. (a) Mass loading and (b) electrode thickness of the SiG electrodes
measured post-mortem after different numbers of cycles, and (c) electrode
porosity calculated from mass loading and electrode thickness. The error bars
represent the following: (a) the standard error of £ 5% based on a larger
number of electrodes from previous experiments, (b) the standard deviation
of 15 repeat measurements along the cross-section of a single electrode, and
(c) error propagation including the variance in the estimated density of the
electrolyte decomposition products of + 0.2 g cm™3.

condition, which is accompanied by a much reduced increase of the
total irreversible capacity per cycle and by a consequent stabilization
of the reversible capacity (see Figure 1a). Interestingly, Figure 2c in-
dicates that the electrode porosity undergoes only a minor decrease
from 0.61 to 0.5 over 140 cycles, which is comparatively small consid-
ering that the electrode mass loading almost triples during the cycling
experiment. This is related to the fact that the electrode thickness also
increased by a factor of ~2.8. In other words, the increased electrode
volume resulting from the electrode swelling largely compensates the
increased mass loading, leading to only minor changes in the elec-
trode’s porosity and thus the electrolyte volume fraction in the pores.
As a corollary, any conclusions about the clogging of the pores in SiG
electrodes should consider not only the SEI formation but also the
swelling of the electrodes and, equally important, the distribution of
the electrolyte decomposition products across the electrode thickness.

Neutron depth profiling of SiG electrodes.—FEC consumption
measurements from a recent ’F-NMR study demonstrated that the
decomposition of electrolyte compounds at the silicon/electrolyte
interface increases proportionally with the capacity exchanged by
the silicon particles.” The amount of these decomposition products
can thus be used as a sensitive measure for the capacity utiliza-
tion of the adjacent silicon active material. In other words, sili-
con particles that experience a larger change in their state-of-charge
(SOC) during cycling, and thus also larger volumetric changes, conse-
quently accumulate more electrolyte decomposition products. Since
the SEI from the FEC-containing LP57 electrolyte consists mainly of
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Figure 3. NDP energy spectra, showing the *H and *He intensity as a function
of their energy for SiG electrodes measured ex-situ after different numbers of
cycles (adapted from Trunk et al.*3). The electrodes were aged according to
the cycling protocol shown in Figure 1, whereby cycle number 1 represents the
SiG electrode after the first formation cycle at a C-rate of 0.1 h™!. The vertical
dashed lines show the formation energy of >H and *He.

lithium-containing compounds from the reductive decomposition of
FEC, e.g., Li,COj3, LiF, and Li, 0,732 a quantification of the lithium
concentration profile across aged SiG electrodes thus allows to deter-
mine the evolution of the depth-resolved silicon capacity utilization
upon cycling. For this reason, the lithium distribution across pristine
and cycled SiG electrodes was determined by neutron depth pro-
filing measurements. A thickness-independent lithium concentration
would indicate a homogeneous formation of electrolyte decompo-
sition products, which in turn would indicate a depth-independent
capacity utilization of the active materials. In contrast, differences in
the accessibility of the SiG anode upon aging would be indicated by a
non-homogeneous lithium distribution. For example, a clogging of the
electrolyte-filled pores by electrolyte decomposition products could
lead to a lithium ion concentration gradient in the electrolyte phase
during (de-)lithiation, which would favor the (de-)lithiation of silicon
particles near the SiG anode/separator interface, as reported by Rad-
vanyi et al.”’ and Michan et al®! for graphite-free silicon electrodes.
On the other hand, an insufficient electrical conductivity across the
electrode due to SEI build-up and electrode swelling would result in a
higher active material utilization near the current collector/electrode
interface, as shown by NDP for an electronically poorly conductive
LFP electrode.*

Figure 3 shows the energy spectra obtained from NDP measure-
ments of SiG electrodes which were aged for different numbers of
cycles. In accordance with Equation 1, neutrons are absorbed by °Li
to form an o (*He) and a triton (*H) particle which are detected by
a surface-barrier detector facing the free top-surface of the SiG elec-
trode (opposite the SiG electrode/current collector interface).”* Due
to the two-body kinematics, o and triton particles have well-defined
energies at the moment of their formation and they are emitted back-
to-back.?*?*37 The energy loss experienced by these particles while
traveling through the electrode can therefore be used to measure the
depth where the nuclear reaction has taken place.”** This energy loss
can be described by the so-called stopping power, which is highly
dependent on the nature of the charged particles, their energy, as well
as on the properties of the material matrix through which they pass,
namely its density and composition.

°Li +n — *“He (2055 keV) + *H (2727 keV) [

Since the “He and *H particles are emitted isotropically, only one
of them is detected at a time, but signals from both appear in the
spectra. While the escape depth of *He particles through the porous
SiG electrode is only ~15 jum, that of the *H particles is much larger,*
having an escape depth of up to ~50 jum through the SiG electrode. ™
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In other words, the energy distribution profile obtained for the *H
signal starts at 2727 keV (corresponding to *H particles created at
the top-surface of the SiG electrode) and continues to lower energy
values for *H particles emanating from a greater depth in the SiG
electrode; at an energy of 2055 keV, the *H signal will then overlap
with the “He particle signal. A third signal was found to appear at
1472 keV and determined to originate from boron impurities of the
glass fiber separator, pieces of which were stuck on the top-surface of
the harvested SiG electrodes. It was observed to increase with the cycle
number, caused by the stronger adhesion of the fibers on the aged and
roughened surface of the SiG electrodes. This was confirmed by the
fact that no such signals were observed for pristine SiG electrodes as
well as in reference measurements with boron-free poly(olefin)-based
Celgard separators (data not shown).

In the pristine electrode (the lowest, dark brown line in
Figure 3), in which the LiPAA binder is the only source of lithium, the
“He and *H signals still occur at distinctly different energies and do
not overlap. The high-energy onset for each signal represents particles
emanating from the top-surface of the electrode, while signals at lower
energies correspond to particles emanating from a greater depth. At
2727 keV, the *H signal jumps to ~0.3 cps, followed by a slightly
tilted plateau towards lower energies, which vanishes at ~2100 keV;
here, the location of the interface between the Cu current collector
and the SiG electrode is marked on this energy scale by the inflection
point of the decaying signal at around 2340 keV.*>* The area below this
signal can be ascribed to the total lithium content in the SiG electrode
and the rather flat plateau of the *H signal vs. energy indicates a fairly
uniform LiPAA distribution across the pristine electrode. At lower
energies, the intensity jump at 2055 keV shows the onset of the “He
particle signal.

The curve just above the lowest in the same graph, labeled
“1 cycle”, shows the intensity vs. energy profile after the first
charge/discharge cycle (delithiated to 2.0 V vs. Li*/Li at a very slow
C-rate of 0.02 h™!). The *H signal at ~2727 keV now increases from
~0.3 cps for the pristine electrode to ~0.9 cps at the plateau, indi-
cating a considerable increase of the lithium content in the electrode.
At the same time, however, the shape of the triton profile is still the
same as in the pristine electrode, indicating that the distribution of the
additional lithium containing species deposited in the SiG electrode
is similarly uniform as that of the LiPAA binder.?* In fact, there are
two possible causes for the additional amount of lithium in the SiG
electrode, whereby both of them would result in an irreversible ca-
pacity loss: (i) lithium-containing electrolyte decomposition and SEI
products formed at the electrode/electrolyte interface, and (ii) immo-
bilized lithium remaining in the silicon active material due to kinetic
overpotentials.”’ As the SiG electrodes were measured in a fully dis-
charged state after a very slow delithiation rate of 0.02 h™! (0 a SiG
electrode potential of 2.0 V vs. Li*/Li, we conclude that the majority
of the irreversible capacity loss must stem from the SEI rather than
from immobilized lithium. This can be further supported by exem-
plarily considering the reversible capacity decay of the SiG electrode
over 120 cycles (see Figure 1a). During the first cycle at 0.1 h™!, the
electrode delivered a capacity of 1.66 mAh cm™2, whereas after 120
cycles the reversible capacity after a slow delithiation step to 2 V
vs. Lit/Li at 0.02 h~! amounted to 0.88 mAh cm™2 (A = 0.78 mAh
cm™2). Taking into account that the incomplete delithiation mainly
affects silicon particles at low degrees of lithiation, i.e., below ~25%
state-of-charge,’ the estimated maximum contribution from immobi-
lized lithium would be ~0.20 mAh cm™2. This corresponds to just
~9% of the total irreversible capacity of 2.13 mAh cm™~2. Repeating
this calculation for SiG electrodes after different number of cycles
reveals the same fraction of 8—10%, thus confirming our assumption.

After 5 cycles, the uniform lithium distribution across the SiG
electrode remains, while the lithium content slightly increases which
we assign to cracking and renewal of the passivating layer at the
silicon/electrolyte interface caused by the volumetric changes of the
silicon particles upon repeated (de-)lithiation. Towards 20 cycles, the
lithium content further increases to ~1.6 cps, while the shape of the
signal remains essentially the same. In addition, the signal clearly
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broadens, shifting the inflection point of the *H signal towards lower
energies, which indicates a further mass loading increase of the elec-
trode; this also goes hand in hand with an increase in the lithium
mass loading, as the total amount of lithium is proportional to the area
under the curve in Figure 3. In agreement with the cycling data (see
Figure 1a) and the electrode mass and thickness data (see Figure 2),
the NDP spectra thus confirm that the largest changes in terms of the
irreversible capacity loss as well as of the mass and thickness increase
occur within the first 60 cycles.

Eventually, the *H signal overlaps with the onset of the “He signal,
resulting in a shoulder at 2055 keV as shown in Figure 3. Therefore,
the depth profiles from the *H signal become hard to interpret beyond
60 cycles. For separation of the *H and *He signals, a thin Mylar
or Kapton foil is commonly used which blocks the “He particles;
however, at the same time it would also worsen the energy resolution of
the *H signal.*! Instead, we performed a mathematical deconvolution
of the *H and “He signal contribution to the recorded spectra: the two
signals in Figure 3 were separated by describing the “He signal based
on the distinct part of the triton signal above 2055 keV which originates
from the same depth information near the surface, as introduced by
Trunk et al. 3

As the intensity of the triton signal is strictly proportional to the
number of °Li isotopes and therefore the number of lithium atoms
in the SiG electrodes (calculated using the natural °Li abundance of
7.59%), the latter was converted into an equivalent capacity (using
1 As of charge per mol of lithium). In the pristine electrode, the
equivalent capacity of lithium in the LiPAA binder determined by the
integrated lithium intensity from the NDP spectrum was found to be
0.058 % 0.002 mAh cm™2. Since the observed energy loss in combi-
nation with the Stopping Range in Matter (SRIM) approach®*37 also
allows to calculate an equivalent mass loading of the pristine SiG elec-
trode of 1.65 & 0.34 mg cm ™2, the equivalent capacity of lithium in the
LiPAA binder can also be determined by multiplying the thus found
mass loading with the LiPAA content of 10 wt% and dividing it by
its molecular weight (My = 77.9 g mol~!). This yields an equivalent
capacity of ~0.057 mAh cm~2, which is in excellent agreement with
the above value from the integrated lithium signal intensity. Further-
more, while the NDP-derived mass loading of 1.65 % 0.34 mg cm~2
for the pristine SiG electrode is ~15% larger than the value obtained
by weighing of the pristine SiG electrode (1.44 + 0.04 mg cm™2,
see Figure 2a), this agreement is reasonably good considering the
overall rather low lithium mass loading (~10 pg/cm?) in the pristine
SiG electrode. From here on forward, the total irreversible capacity
of the cycled electrodes was calculated from the NDP signal intensi-
ties by subtracting the initial lithium content from the LiPAA binder
(i.e., 0.058 mAh cm™2).

Figure 4a summarizes the total irreversible capacity obtained by
the above outlined NDP analysis (marine symbols; assuming 1 As of
total irreversible capacity per mol of lithium after subtraction of the
LiPAA binder contribution) and the total irreversible capacity obtained
from the electrochemical measurements of the respective electrodes
(blue symbols; note the excellent agreement with the irreversible ca-
pacity vs. cycle number shown for one of the electrodes in Figure 1a).
A rapid increase of the irreversible capacity is observed in the first
60 cycles, as was already seen in Figure 1a. Further cycling results in
decreasing irreversible capacity gain per cycle (i.e., a “flattening” of
the curve), indicating a decrease of the extent of side reactions at the
silicon/electrolyte interface. ' In general, the irreversible capacity val-
ues monitored by the two methods agree fairly. The ~20% lower total
irreversible capacity values obtained by NDP may have two possible
reasons: (i) The NDP signals derive only from the center of the elec-
trode (~0.18 cm? of 1.54 cm?),’* whereas the electrochemical method
averages over the entire electrode surface, thus any inhomogeneities at
the electrode edges are not considered by NDP. (ii) A partial mechan-
ical removal of the coating and electrolyte decomposition products
either by washing after disassembly or during the transport from the
glovebox to the NDP experiment.

To determine the distribution of the lithium-containing electrolyte
decomposition products across the thickness of the SiG electrodes,
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Figure 4. (a) Total irreversible capacity of the SiG electrode as a function
of the cycle number determined from: (i) the integration of the coulombic
efficiency over cycle number during galvanostatic cycling (blue symbols);
(ii) the post-mortem electrode mass loading measurements and assuming a
four-electron reduction mechanism of FEC described by Equation 2 (brown
symbols); and, (iii) the lithium intensity measured by ex-situ NDP after
correction for the lithium intensity originating from the LiPAA binder of
0.058 mAh cm™2 (marine symbols). (b) Mass loading of the SiG electrodes as
a function of the cycle number measured with a balance (solid symbols, taken
from Figure 2a) or computed from the NDP spectra (hollow symbols). For the
mass loading and the coulombic efficiency, a standard error of &= 5% was used
based on a larger number of electrodes and measurements in a previous study.
For the NDP measurements, an error propagation was calculated considering
the signal processing and the definition of the inflection points.

the mathematically separated *H spectra (removing the “He and '°B
contributions) were converted into a lithium density (in units of Li
atoms cm™3),33 assuming natural °Li abundance and uniform electrode
porosity, and plotted against the electrode mass loading (in mg cm™2),
which is shown in Figure 5a. The energy-loss model is based on
the SRIM calculation and described elsewhere.**3" By this approach,
the full depth evolution even for cycles where the signals were pre-
viously superimposed can now be studied. In accordance with the
increasing fraction of clectrolyte decomposition products which ac-
cumulate in the porous electrode upon cycling, the changing com-
position of the SiG electrode has to be taken into account for the
SRIM calculation of each cycle. For that purpose, a recent publication
by Petibon et al. was considered, who, based on gas chromatogra-
phy (GC) measurements, reported that FEC is the major electrolyte
compound which gets reduced on silicon at potentials below
1.0 V vs. Lit/Li, yielding electrolyte decomposition products with
an overall stoichiometry of C3H3;O;F. Although initially gaseous car-
bon dioxide (CO,) is evolved during FEC reduction,*® Krause et al.*>
reported that CO, gets reduced at the silicon surface and thus also
becomes part of the SEL. Because the overall FEC reduction was
shown by Jung et al.® to consume a total of four electrons per FEC
molecule, the stoichiometry of the final reduction products was com-
plemented by four additional lithium ions to restore charge neutrality,
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Figure 5. (a) Lithium density distribution as a function of the electrode mass
loading (inmg cm~2) of SiG electrodes measured ex-situ by NDP after different
numbers of cycles. (b) Lithium density at 20, 50, and 80% of the electrode
mass loading (“depth”) referenced to the electrode top-surface as a function of
the cycle number, obtained from the lithium density distribution shown in (a),
which is illustrated in the inset in (b). (c) Deviation of the lithium density at
20, 50, and 80% from the mean lithium density.

yielding an overall stoichiometry of C3H;03FLiy4. To verify that this
four-electron reduction mechanism can also be applied in the present
work, Equation 2 was used to calculate the capacity Q gy which would
correspond to the increase in electrode mass loading Lg;; shown in
Figure 2a (determined by post-mortem weight measurements):

SEI

L,
Qser = M

xzx F [2]
SEI

where Mg, the molecular weight of the electrolyte decomposi-
tion products with the overall stoichiometry of C3H;O3FLiy, (My
= 133.81 g mol™!),” z the number of electrons (here: 4), and F is
the Faradaic constant. Figure 4a shows the resulting total irreversible
capacity Qgg (brown symbols), which is in good agreement with
the values obtained by integrating the measured coulombic efficiency
(blue symbols) and thus supports the above made assumptions on the
overall SEI stoichiometry.

The electrode mass loadings shown in Figure 5a, as calculated
from the NDP energy spectra, were also compared to the mass load-
ings which were measured by weighing of harvested SiG electrodes
(compare Figure 2a). This is exemplarily shown by the vertical dashed
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lines, marking the NDP spectra inflection points for the pristine SiG
electrode and the electrode after 140 cycles, respectively. Figure 4b
summarizes the corresponding inflection points for all electrode mass
loadings (hollow symbols) determined by NDP and the mass loadings
obtained by weighing harvested electrodes (solid symbols) as a func-
tion of the cycle number, showing excellent agreement between the
NDP-based and the weight measurement-based values.

The lithium density profiles shown in Figure 5a indicate the same
two major trends that were previously discussed for the NDP energy
spectra, namely (i) an increase in the local lithium density at any given
electrode depth due to the accumulation of electrolyte decomposition
products, and (ii) a concomitant mass loading increase of the entire
electrode upon cycling. In addition, the lithium density profiles of the
first 20 cycles indicate an almost uniform lithium distribution across
the thickness of the SiG electrodes, while after more cycles a ~15%
lower lithium density can be observed at the top-surface of the SiG
electrodes. This phenomenon likely originates from the rapid swelling
of the electrodes particularly after 20 cycles (see Figure 2a and
Figure 6) which may cause that some of the already detached par-
ticles or electrolyte decomposition products remain in the inner layers
of the electrodes. Overall, however, the lithium concentration across
the cycled SiG electrodes, as revealed by Figure 5a is surprisingly
homogeneous. This can be seen more clearly in Figure 5b, which
summarizes the lithium density evolution over cycling at different
electrode depths of 20, 50, and 80% referenced to the top-surface of
the SiG electrode (100% equals the mass loading calculated from NDP
which is shown in Figure 4b). In agreement with the capacity fading
rates and the total irreversible capacity growth rates shown in Figure
1a, the largest increase in the lithium density from ~0.7 to ~6.0 x 10!
Li atoms cm™ occurs within the first 60 cycles. However, continued
cycling reveals a much smaller increase to ~8.0 x 10?! Li atoms
cm™? after 140 cycles. Remarkably, despite the slightly lower lithium
density towards the surface of the electrode (i.e., at 20% electrode
depth), the distribution of the lithium atoms remains widely constant
across the electrode even upon extended cycling. This is illustrated
more clearly by Figure 5¢ showing only small deviations of less than
15% from the mean lithium density across the electrode coatings.

From this it can be concluded that apart from the small devia-
tion at the electrode top-surface, the lithium containing electrolyte
decomposition products are almost uniformly distributed across the
SiG electrode coatings even upon extended cycling. Since the amount
of electrolyte decomposition products is proportional to the capacity
exchanged by the silicon particles,” one can conclude that the silicon
active material utilization over the 140 cycles must also be homo-
geneous across the SiG electrode thickness, so that the occurrence
of significant transport-limitations which would lead to an inhomo-
geneous silicon utilization can be excluded for the here investigated
aged SiG electrodes. This supports a previous work from our group,’
according to which the incomplete delithiation from electronically
poorly connected silicon particles in SiG electrodes is the main cause
for the capacity decay within the first 60 cycles, presuming an excess
of active lithium from the positive electrode. Because the network of
graphite particles provides a reasonable electrode porosity and elec-
trical conductivity even across substantially swollen SiG electrodes,
the major capacity fading mechanism for these SiG electrodes are
electronic contact resistances occurring between the silicon particles
due to insufficient interparticle contact pressure at low degrees of
lithiation. These contact resistances are expected to grow with cycling
due to SEI build-up, and since this phenomenon is independent of the
location of the silicon particles, this aging mechanism does predict the
here observed homogeneous silicon utilization across the thickness of
the electrode.

It must be noted, however, that this finding seems to contradict
some results in the literature where clogging of electrode pores by
SEI products was stated to lead to an inhomogeneous silicon uti-
lization across the electrode.'>?*2! However, the discrepancy to these
studies from Oumellal et al.,'> Radvanyi et al.,”’ and Michan et al.?!
likely originates from the absence of large graphite particles in the
respective silicon-based electrodes (using either only carbon black
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Figure 6. Cross-sectional SEM images of SiG electrodes in the pristine state and after different numbers of cycles at a magnification of 1000x. Recorded with a

secondary electron detector and an acceleration voltage of 10 kV.

or carbon fibers), which increases the risk of a deterioration of the
electronic conductivity across the thickness of the electrode upon ex-
tensive SEI formation as well as a loss of void volume in the vicinity of
the sterically demanding graphite particles. In addition, Oumellal and
Radvanyi also used capacity-limited cycling procedures which bear
the risk of an inhomogeneous (de-)lithiation of silicon particles, be-
cause only a fraction of the available capacity is utilized during each
cycle, likely resulting in more charge/discharge of well-connected
particles compared to others.

Morphological changes of SiG electrodes upon cycling.—To
support our above interpretation of the electrode property changes
(see Figure 2) and the lithium density profiles across the elec-
trode (see Figure 5) upon extended cycling, cross-sections of the
SiG electrodes were investigated by means of scanning electron mi-
croscopy (SEM). Figure 6 shows representative sections of the SEM
images (1000x magnification) of electrodes before and after a dif-
ferent number of charge/discharge cycles. The SEM cross-sections
(Figure 6) show that the major increase in the thickness of the SiG
electrode occurs between 20 and 60 cycles, analogous to what was
shown in Figure 2b. Itis to note that the values shown in Figure 2b rep-
resent the average of the entire cross-section of the resign-embedded
halved pieces of the electrodes, whereas the argon ion beam polished
images shown in Figure 6 only refer to a section of ~500 jum length
from the center of the other piece of the electrode, from which only
~30 wm are shown in the images. The SEM cross-sections indicate
that the SiG electrodes accumulate a large amount of electrolyte de-
composition products upon cycling. As expected from the volumetric
changes upon repeated (de-)lithiation, the silicon nanoparticles are
increasingly covered by SEI products and thus not any more visible
as single entities, whereas most of the large graphite particles can still
be distinguished well. In accordance with the lithium depth profiles,
the SEM cross-sections reveal a rather uniform distribution of the
electrolyte decomposition products across the thickness of the SiG
electrodes up to the shown 120 cycles.

Another striking observation from these images is that with an in-
creasing cycle number the graphite particles are no longer horizontally
aligned, but instead are partially displaced and become randomly ori-
ented as the swelling of the SiG electrodes proceeds. This, we believe,
is a consequence of the homogeneous growth of the SEI across the
thickness of the SiG electrode: as each graphite particle faces the same
forces which depend only on the statistical distribution of the silicon
particles, a random orientation of the graphite particles results as the
electrode thickness is increasing due to the irreversible expansion of
the silicon particles over the first ~60 cycles and the accumulation of
electrolyte degradation products.!’

In summary, these cross-sectional SEM images further support
our interpretation of the NDP spectra, according to which the sili-
con active material is utilized homogeneously across the entire SiG
electrode, without any indication of a reduced silicon accessibility
either near the current collector (driven by insufficient through-plane
conductivity)®” or near the electrode top-surface adjacent to the sepa-
rator (driven by pore clogging).'” Nonetheless, the similar utilization
of the silicon particles is likely only sustained by the network of large
graphite particles that maintains a sufficient porosity and electrical
conductivity across the thickness of the electrode. As a corollary, fur-
ther optimization of silicon-based electrodes in terms of the electrical
conductivity requires not only a sufficient clectrical connection of
the individual silicon particles to overcome interparticle contact re-
sistances, but also to ensure a contiguous network of well-conducting
graphite particles to minimize the mean path length that electrons need
to travel between the individual silicon particles and graphite. This
finding is in good agreement with our previous publication’ where we
showed that a lower silicon/graphite ratio significantly improves the
cycling stability of these electrodes.

Figure 7 shows cross-sectional images of the same SiG electrodes
at a higher magnification of 5000x. By comparing the electrodes in
the pristine state and after 5 cycles, it can be clearly seen that the
SEI preferably accumulates near the silicon particles, which has also
been reported by Michan et al.?! In contrast, no SEI accumulation
can be observed at the edges of the graphite particles, thus preserving
some void space in the coating. Further, the precipitation of elec-
trolyte decomposition products around the silicon particles seems to
occur evenly across the thickness of the electrode, consistent with the
NDP analysis. While initially individual silicon particles can still be
discerned, this becomes increasingly difficult after 20 cycles, which
in part is due to the fact that the silicon particles expand irreversibly
into a network of nanometer-sized silicon branches interpenetrated by
electrolyte decomposition products, as was shown in a previous TEM
study.'” After 60 and even more so after 120 cycles, the electrolyte
decomposition products and silicon particles merge into apparently
dense agglomerates that have also been observed by Radvanyi et al. >’
As a matter of fact, however, SEM images of the electrode after
120 cycles at higher magnification of 15°000x and 50’000x (see Fig-
ure 8), reveal that these agglomerates are not dense, but instead are
porous, foam-like structures consisting of silicon covered by elec-
trolyte decomposition products (more clearly visible in our previous
TEM analysis).'"

Because the remaining pores are still on the order of 10'—10?
nanometers, they can be easily penetrated by electrolyte; their pres-
ence also explains that the porosity of the electrodes even after 140
cycles remains as high as ~50% (see Figure 2c). An unexpected con-
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Figure 7. Cross-sectional SEM images of SiG electrodes in the pristine state and after different numbers of cycles at a magnification of 5000x. The white frame
in (f) indicates the location of measurements taken with a higher magnification and shown in Figure 8. Recorded with a secondary electron detector and an

acceleration voltage of 10 kV.

sequence of the high remaining porosity in combination with the sub-
stantial electrode swelling is that the total pore volume contained in the
cycled SiG electrodes is increasing upon repeated charge/discharge
cycling rather than decreasing. Considering a pristine SiG elec-
trode with a coating thickness of ~19 pum and a porosity of ~60%
(see Figure 2), the initial pore volume of the electrode equates to
~1.1 uL cm™2, while it increases to ~2.6 pL cm™2 after 140 cy-

b) 120 cycles, 50°‘000x

Figure 8. Cross-sectional SEM images of SiG electrodes after 120 cycles
with a magnification of (a) 15°000x and (b) 50°000x. The white frame in (a)
indicates the location of measurement taken with the higher magnification,
which is shown in (b). Recorded with a secondary electron detector and an
acceleration voltage of 10 kV.

cles (based on a thickness of ~51 pum and a porosity of ~50%; see
Figure 2). While the higher pore volume in principle should allow for
facile lithium ion transport across the electrode thickness in the elec-
trolyte phase, it has a rather noteworthy corollary when comparing
the capacity fading of battery cells with silicon-based anodes mea-
sured in coin-cells (or other lab-scale cell hardware) and large-scale
cells. In coin-cells, the added amount of electrolyte typically exceeds
the void volume provided by the electrodes and the separator(s) by
~10-fold, so that the increasing electrode void volume upon cycling
can easily be replenished by the excess electrolyte. On the other hand,
in large-scale cells, the electrolyte volume typically exceeds the total
void volume of electrodes and separator by only ~20%, so that the
here observed ~2.5-fold increase in anode void volume would lead
to a partial dry-out of the electrodes, which in turn should result in
a more accelerated capacity fading. Thus, one would expect that the
typically much shorter cycle life of large-scale vs. lab-scale cells with
silicon anodes is not only due to the more rapid consumption of sta-
bilizing additives like FEC,*® but also due to the electrode swelling
induced dry-out of the electrodes.

In summary, the above discussed phenomena underline the need
for an integral design of silicon-based electrodes, considering both (i)
asuppression of the degradation of the silicon particles and subsequent
side reactions at the silicon/electrolyte interface, and (ii) a hierarchi-
cal electrode structure that maintains sufficiently low electron and
lithium-ion transport resistances not only across the thickness of the
electrode but also between the individual silicon particles. While the
NDP analysis indicates that the performance of the here investigated
SiG electrodes is not significantly compromised by transport resis-
tances across the thickness of the electrode even at a relatively high
C-rate of 0.5 h™!, the ongoing electrolyte decomposition at the sili-
con/electrolyte interface and the loss of interparticle contact pressure
remain the major challenges for silicon-based electrodes.

Conclusions

In the present study, silicon-graphite (SiG) electrodes with an
areal delithiation capacity of ~1.7 mAh cm™ were investigated in
terms of their morphological changes and the distribution of lithium-
containing electrolyte decomposition products as a function of the
cycle number. Using ex-situ neutron depth profiling (NDP) on pris-
tine and cycled electrodes in the discharged state, it was demonstrated
that the aging of the SiG electrodes is most pronounced within the first
60 cycles. During this period, the silicon nanoparticles undergo se-
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Figure 9. Lithium density profile of a SiG electrode after 60 charge/discharge
cycles as a function of the electrode mass loading (blue line), exemplarily
shown superimposed onto the corresponding cross-sectional SEM image. The
profile is a convolution of the density with the material-dependent resolution.
which includes an energy spread due to the statistical process of the energy
loss and possibly also because of a slight variation in the local mass loading
of the electrode. Thus, there is no lithium in the Cu current collector.

vere morphological changes which fuel side-reactions occurring at the
silicon/electrolyte interface interface. The subsequent accumulation of
large amounts of electrolyte decomposition products in the SiG elec-
trodes could be followed quantitatively by NDP, which is exemplarily
shown in Figure 9.

The depth-resolved lithium density profiles obtained in this way
revealed a uniform distribution of the lithium-containing electrolyte
decomposition products across the thickness of the SiG electrodes
up to 140 charge/discharge cycles. As a corollary, the silicon active
material was uniformly utilized across the SiG electrode thickness,
demonstrating the absence of significant transport resistances (elec-
tronic or ionic) across the thickness of the investigated SiG electrodes
even upon extended cycling. Instead, these findings suggest that the
capacity decay of the SiG electrodes stems from the loss of inter-
particle contact pressure and increases with an increasing mean path
length between individual silicon particles and adjacent electrically
well-conducting graphite particles, which occurs statistically in a ho-
mogeneous electrode coating. High-resolution cross-sectional SEM
images at different magnifications supported the interpretation of the
uniform SiG electrode aging.

Finally, post-mortem weight, thickness and SEM cross-sectional
studies of cycled SiG electrodes revealed that the electrode porosity
remained almost unchanged over extended charge/discharge cycling.
Owing to the significant swelling of the electrodes, the void volume
of the pores even increased, which has important implications for the
electrolyte amount in large-scale cells with SiG electrodes.
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3.2 Investigation of Silicon-Graphite Anodes by Neutron Depth Profiling

3.2.3 Evaluation of Lithium Density Profiles in Battery Electrodes

In addition to the published results, this PhD thesis featured numerous feasibility
studies which were aimed to expand the application of NDP to further research
questions concerning lithium-ion batteries. In the following, two NDP experiments
are presented which offer insights into the lithium distribution in battery electrodes
that are hardly accessible by conventional analytical techniques. At the time of the
submission of this PhD thesis, one manuscript addressing the state-of-charge

distribution across the thickness of SiG anodes has still been in preparation.212

(i) State-of-charge (SOC)-dependent experiments of SiG anodes (35 wt% silicon,
~1.8 mAh cm2) were conducted to investigate the lithium depth-distribution
across the electrode coating during the first (de-)lithiation of the active materials.
Figure 3.1 shows (a) ex situ NDP spectra and (b) the corresponding voltage profile
of SiG anodes which were lithiated at 0.1 h-! to different state-of-charge (SOC, blue
lines) and delithiated to different depth-of-discharge (DOD, brown lines).

As expected, the lithium intensity as well as the mass loading increases notably
during the lithiation and decreases again during the subsequent delithiation. Yet, a
higher residual lithium concentration can be observed at nominally 100%pop
(darkest brown line) compared to the electrode after the initial SEI formation (i.e.,
between OCV and 0.25 V vs. Li*/Li). This indicates an ongoing growth of SEI during
the first cycle. Moreover, the electrodes reveal a reasonably uniform lithium depth-
distribution at different SOC and DOD, respectively, which indicates a similar active
material utilization at different electrode depths at the investigated C-rate of 0.1 h-1.
Repeating the same approach at different C-rates, with prelithiated electrodes, or
using capacity-limited cycling procedures would offer insights into the build-up of
concentration gradients across the coatings, the uniformity of the prelithiation
method and/or the aging of capacitively oversized electrodes. A more detailed
description of this experiment as well as an in-depth analysis of the lithium density
profile across the thickness of the SiG anode as a function of the state-of-charge is

currently in preparation.212
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Figure 3.1 (a) NDP spectra obtained ex situ from SiG anodes (35 wt% silicon, ~1.8 mAh cm2) which were
lithiated to different state-of-charge (SOC, blue lines) and delithiated to different depth-of-discharge (DOD,
brown lines). The initial SEI formation (i.f.) refers to the reductive decomposition of electrolyte constituents
between the open-circuit voltage (OCV) of the fresh electrode and 0.25 V vs. Li*/Li, i.e., prior to the lithiation of
silicon. The electrode preparation is described in detail elsewhere.102212 (b) Corresponding potential profile of
the SiG anodes during the first cycle at 0.1 h1 between cutoff potentials of 0.01 and 1.5 V vs. Li*/Li.

(ii) The depth-distribution of binder molecules was shown to significantly influence
the mechanical and electrochemical properties of porous electrodes for lithium-ion
batteries.?13-215 For graphite-based anodes, the formation of binder gradients
across the coating is especially critical. The coating process induced accumulation
of binder molecules in the surface-near pores (e.g., by fast drying)?13 impairs the
transport properties and promotes concentration gradients in the electrolyte
solution at higher C-rates, thus increasing the risk of lithium plating at the
electrode/separator interface.21¢ Despite the relevance of this topic, there exist only
few studies in the literature describing the formation of binder gradients across the
thickness of graphite electrodes with application-relevant areal capacities of
~3 mAh cm2 (i.e.,, ~90 um thickness prior to calendering). The low percentage of
polymeric binder in the coatings makes it difficult to separate and quantify the

binder signal using conventional analytical techniques, including energy dispersive

90
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X-ray spectroscopy (EDS),213214 thermogravimetric analysis (TGA),217 and Raman
spectroscopy.?18 These methods often display a trade-off because they either
require extremely thick coatings of 400-1500 um to evaluate the entire cross-
section or they suffer from a limited depth-resolution of about +20 um. In addition,
they usually provide just a semi-quantitative analysis of the binder content, which
can vary depending on compositional differences between individual cross-
sections. In contrast, using NDP as a highly lithium-sensitive technique allows to
quantify the lithium density of an elliptical area of ~17.8 mm? and its depth-profile
within the upper ~50 pum of a typical anode electrode coating at a very high depth

resolution of less than 1 um.
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Figure 3.2 (a) Lithium density profiles of two pristine, uncompressed graphite anodes (areal capacity:
~3 mAh cm?, thickness: 90 um, porosity: 55+2%) as a function of the coating thickness. The coatings were
dried at different rates, including (i) a slow procedure at 25°C in humid atmosphere for 60 min (marine line),
and (ii) a fast procedure at 70°C using an infrared (IR) irradiation for 1 min (green line). (b) Impedance
response of symmetrical graphite//graphite cells in presence of a non-intercalating 100 mM TBACIO4
electrolyte solution in EC:DEC (50 wt%:50 wt%). For each condition, three repeat measurements with new
electrodes are plotted.

Figure 3.2a shows the lithium density profiles of two aqueous-based graphite anode
coatings (95 wt% graphite, 5 wt% LiPAA binder), which were dried at different
rates, including (i) a slow procedure at 25°C in humid atmosphere for 60 min, and
(ii) a fast procedure at 70°C using infrared (IR) irradiation for 1 min. A considerably
larger amount of the lithium-containing LiPAA binder can be observed in the
surface-near layers (<20 um) of the electrode which was dried at a faster rate. This
finding agrees with the impedance measurements of symmetrical cells in blocking
conditions (see Figure 3.2b),219 indicating a notably higher pore resistance and thus
a higher tortuosity for the same electrodes (the porosity is ~55% for both

electrodes). Nevertheless, the 30-40% larger area below the lithium density profile
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for the electrode dried at 70°C also indicates a proportionally larger total lithium
content across the investigated electrode thickness. As both electrodes contain
nominally the same amount of LiPAA binder (which is the only source of lithium in
these electrodes), there must exist another reason for this discrepancy, which is still
subject to further investigation. Besides an irregularity during the electrode
preparation process (i.e., different actual binder contents), a notable drop of the
LiPAA content near the Cu current collector (i.e., between 60 and 90 um electrode
depth which was not monitored by NDP) for the fast-dried electrode (green line)
are two possible explanations. In either case, this study demonstrates three
important insights: (i) NDP indeed allows to monitor the depth-distribution of
aqueous-based lithium-containing binders, e.g., LiPAA or Li-CM(,220.221 across the
thickness of electrode coatings with a very high resolution. This offers new insights
into the investigation of transport-limiting phenomena in battery electrodes as well
as the optimization of process parameters such as the drying rate. (ii) Similar to
most neutron-based techniques, NDP experiments need to be complemented by
other analytical techniques in order to elucidate the spectra. (iii) Ideally, the mass
loading of the electrode coatings is adjusted such that the NDP signal can be
monitored across the entire thickness, i.e., the full ~90 um and not just the first
~55um as in the present investigation. Nevertheless, there exists a trade-off
between the maximum electrode depth which is accessible by NDP and the

transport limitations across the thickness of the electrode coating.

Possible approaches to increase the sample thickness and effectively double the
accessible electrode depth include (a) consecutive measurements of the same
electrode coating from the top and the backside (after carefully scratching off the
coating from the current collector) and (b) the use of mesh coatings or coatings on
3H-permeable Kapton® foil which are measured simultaneously by two opposite
detectors. Due to the two-body kinematics of the nuclear reaction between thermal
neutrons with ¢Li, the resulting 3H and 4He particles are emitted back-to-back. Thus,
the particles emanating from the top-surface of the electrode can be measured by
one detector and the particles emanating through the mesh/foil and the backside of

the electrode can be measured by another detector.
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3.3 Evaluation of New Strategies to Realize Practical
Silicon-Based Anodes

While the previous sections focused on the investigation of degradation phenomena
in SiG anodes, this section attempts to evaluate new strategies to mitigate them.
Emphasis is put on the efficacy and applicability of the approaches with respect to
the attainable cycle life and specific energy of practical lithium-ion batteries that
feature a limited amount of electrolyte and cyclable lithium from the cathode. Two
of the following three articles describe approaches to increase the lithium inventory
in lithium-ion full-cells, comprising either an NMC811 or an LNMO cathode.222.223
The first article evaluates the electrochemical prelithiation of a capacitively largely
oversized SiG anode,?24-227 while the second introduces a composite cathode
comprising a sacrificial salt which is oxidized during the first charge of the
battery.228 The last article addresses the problem at its root by introducing a new
electrolyte additive to improve the stability of the solid-electrolyte-interphase
(SEI), thus reducing the ongoing consumption of cyclable lithium and electrolyte

compounds.
3.3.1 Prelithiation of Silicon-Graphite Anodesin SiG//NMC811 cells

This section presents the article “Mitigating the Impedance Growth in
SiG//NMC811 Lithium-lon Batteries by Prelithiation of the Silicon-Graphite
Anode”.229 At the time of the submission of this PhD thesis, the article has not yet
been submitted for publication. This study was presented as a poster at the
19th [nternational Meeting on Lithium Batteries (IMLB) in Kyoto, Japan (June 17-22,
2018), Abstr. #P035TUE.

Lithium-ion batteries consisting of a SiG anode and a nickel-rich nickel manganese
cobalt oxide cathode (e.g., NMC811) offer high theoretical specific energies of
>300 Wh kg1 on a cell-level.24#7> However, realization of these theoretical values
poses a significant challenge because of two major obstacles: (i) An ongoing
consumption of cyclable lithium and electrolyte caused by side reactions at the
silicon/electrolyte interface.53102175 (ji) A limitation of the cell end-of-charge
voltage due to side reactions at the NMC811 cathode at higher potentials, including
the release of lattice oxygen, electrolyte oxidation, surface film formation, and

transition metal dissolution, which lead to increased capacity fading.39.230-232
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3 Results

In the present article, we investigated SiG//NMC811 full-cells with respect to the
influence of prelithiation on the upper cell cutoff voltage and the resulting cycling
stability at 45°C. Hence, we first benchmarked the NMC811 cathodes
(~2.0 mAh cm2 at 4.1 Vvs. Li*/Li) in half-cells against lithium metal anodes by
applying upper cutoff voltages between 4.0 and 4.6 V vs. Li*/Li. In the next step, we
extended our analysis to SiG//NMC811 full-cells, using a capacitively largely
oversized SiG anode (~7.0 mAhcm-2), and investigated them regarding their
cycling stability and electrode polarization at different C-rates between 0.1 and
1.0 h'L. For selected conditions, the SiG anodes were electrochemically prelithiated
to obtain different lithium inventories (up to 4.6 mAh cm-2). Using either a lithium
metal reference electrode or a gold-wire micro-reference electrode, we then
monitored the potentials and the impedance growth of the individual electrodes as
a function of cycle number and upper cell cutoff voltage. Finally, we complemented
the impedance measurements by an operando gas evolution analysis of the NMC811

cathode using on-line electrochemical mass spectrometry (OEMS).

This study generated three important insights into SiG//NMC811 lithium-ion
batteries: (i) The comparatively high lithiation potential of the SiG anode leads to
an upward shift of the upper cutoff potential of the NMC811 cathode. At potentials
above 4.3 Vvs. Li*/Li, oxygen is released from the surface-near layers of the
NMC811 lattice and results in a dramatic increase of the cell impedance which
lowers the reversible capacity especially at higher C-rates. (ii) Prelithiation of the
SiG anode offers an effective approach to lower its average lithiation potential and
thus reduces the risk of oxygen release during voltage slippage of the NMC811
cathode. (iii) Without prelithiation, the SiG//NMC811 cell chemistry reveals a poor
reversible capacity after 250 cycles at 45°C which lags far behind its high
theoretical specific energy. However, increasing the lithium inventory greatly
improves the cycling stability, resulting in a specific energy of ~340 Wh kg-1
(normalized to the mass of both electrodes) after 250 cycles at 45°C. This value
matches state-of-the-art graphite//NMC622 cells with an upper cell cutoff voltage
of 4.4 Vcen after 250 cycles at 25°C.

To focus on industrially relevant electrodes, this PhD thesis initiated a collaboration
with the Volkswagen Varta Microbattery Forschungsgesellschaft mbH (VW-VM) in
Ellwangen, which provided the SiG anode and NMC811 cathode sheets as well as

the electrolyte solution.
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Abstract
In the present work, we investigate the impact of the upper cell cutoff voltage on the cycling stability
of silicon-graphite//NMCS81 1 lithium-ion batteries at different C-rates over 250 cycles at 45 °C. Using
a gold-wire micro-reference electrode and electrochemical impedance spectroscopy (EIS), we monitor
the potential evolution and the impedance growth of the individual electrodes as a function of the cycle
number and the upper cell cutoff voltage. Further, we complement our analysis by a characterization of
the NMC&811 cathode by means of half-cell cycling against lithium metal electrodes and a gas evolution

analysis using on-line electrochemical mass spectrometry (OEMS).

Our results indicate that the relatively high lithiation potential of the capacitively oversized
SiG anode causes a gradual upward shift of the end-of-charge potential of the NMCS811 cathode, leading
to the release of oxygen from the NMC811 lattice and a concomitant impedance growth at the positive
electrode even at comparatively low cell cutoff voltages. To cope with this challenge, we demonstrate
that prelithiation of SiG anodes represents an effective strategy to reduce the average anode potential
and thus mitigate an upward shift of the end-of-charge potential of the NMC811 cathode, while
additionally providing a sufficiently large lithium inventory to allow a reversible capacity of

>180 mAh g'wmc after 250 cycles at 45 °C.

Keywords: NMC811, silicon-graphite, oxygen release, cutoff potential, prelithiation



Introduction

Lithium-ion batteries consisting of a silicon-based anode and a layered lithium nickel manganese
cobalt oxide Li(NixMn,Co,)O,-based cathode offer the potential of high cell-level energy densities
>300 Wh kg!.!> However, the realization of these theoretical values continues to pose a significant
challenge. The two major obstacles include (i) the ongoing consumption of active lithium and electrolyte
constituents caused by side reactions at the silicon/electrolyte interface, and (ii) the limitation of the
end-of-charge potential of the NMC811 cathode due to side reactions occurring at high voltages, such
as the release of lattice oxygen, electrolyte oxidation, surface film formation, and transition metal

dissolution, which lead to subsequent capacity fading.*

The interest in silicon-based anodes originates from their high theoretical capacity of 3579 mAh g''s;
and their relatively low mean delithiation potential of ~0.4 V vs. Li*/Li.!® Although the potential is
higher compared to graphite (0.1-0.2 V vs. Li*/Li) it is still considerably lower than alternative high
capacity anode materials, e.g., tin or tin oxide, which have mean delithiation potentials of
1.1-1.3 V vs. Li*/Li and thus offer much lower energy densities.!'> However, the high capacity of
silicon correlates with large volumetric changes during (de-)lithiation of the particles, which result in
perpetual side reactions at the silicon/electrolyte interface and cause an ongoing loss of active lithium
and electrolyte constituents upon cycling.!*!> In accordance with Obrovac et al.,'® the molar volume
occupied by lithium in these binary alloys follows Vegard’s law, which leads to a continuous volume
expansion of the alloy with an increasing capacity utilization, i.e., with an increasing x in Li,Si. To
balance these properties, a capacitively oversized silicon-based anode offers a trade-off between a higher
specific capacity compared to graphite and a restricted volume expansion due to a limited lithiation and
thus a smaller change in the average state-of-charge.!”° Yet, for commercial cells this approach requires
a careful evaluation of the resulting energy density, because the additional silicon also increases the

inactive coating volume, the electrolyte demand and the irreversible capacity.!®*!

On the cathode side, layered lithium nickel manganese cobalt oxides Li(NixMnyCo,)O; are among
the most promising active materials because of their high specific capacity and good cycling stability.?

Their sloped voltage profile results in a gradual increase of the specific capacity with an increasing end-



of-charge potential.*® Yet, it is not possible to use the full theoretical specific capacity of
~275 mAh g'nmc because of structural instabilities and side reactions occurring once a certain amount
of lithium is extracted from the layered oxide.”*-?” Therefore, two approaches are commonly pursued
to maximize the utilization of the theoretical capacity of Li(NixMnyCo,)O, cathodes, including (i) an

increase of the Ni content in these compositions,®?

and (ii) an optimization of the end-of-charge
potential.?>% Noh et al.?® reported an increasing first cycle capacity of the layered oxides with increasing
Ni content from 163 mAh g'nuc for LiNip33Mny33C003302 (NMC111) to 203 mAh g'lxme for
LiNig sMno.1Co.1O2 (NMC811) at 0.1 h'! and an end-of-charge potential of 4.3 V vs. Li*/Li. However,

283132 and inferior thermal

it was also shown that the layered oxides reveal a lower capacity retention
stability®®3* for compositions with higher Ni contents. Further, Jungetal.® demonstrated that
graphite/NMC811 full-cells provide a stable cycling performance only at end-of-charge voltages as low
as 4.0 V, because the NMC811 undergoes phase transitions at high voltages which are accompanied by
the release of surface-near lattice oxygen within the first cycles. In accordance with these results, earlier
studies already reported that the subsequent formation of a spinel-like layer at the particle surface
increases the cell polarization and ultimately leads to accelerated capacity fading.*-3¢ As silicon-based
anodes usually have a higher mean potential compared to graphite, it is thus important to evaluate the

NMCB811 cathodes at a given cell voltage by taking into account the anode potential in order to assess

the practically achievable energy density and durability of this promising lithium-ion cell chemistry.

In the present work, we investigate the impact of the upper cell cutoff voltage on the cycling stability
and the electrode polarization of SiG/NMCS811 full-cells over 250 cycles at 45 °C. Hence, we first
benchmark the NMC811 cathodes in coin-cells against lithium metal anodes by applying upper cutoff
potentials between 4.0 and 4.6 V vs. Li*/Li. Further, we evaluate the gas evolution of the NMC811
cathode using on-line electrochemical mass spectrometry. Next, we investigate SiG//NMC811 full-cells,
utilizing a capacitively oversized SiG anode, with respect to their cycling stability and electrode
polarization at different C-rates. Using a gold-wire micro-reference electrode we monitor the potentials
and the impedance growth of the individual electrodes as a function of the cycle number and the upper
cell cutoff voltage. Finally, we prelithiate SiG anodes in half-cells against lithium metal and evaluate

the resulting cycling stability and electrode potential evolution in SiG//NMCS811 full-cells.
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Experimental
Electrode preparation.— The calendared NMCS811 cathodes used in this study consisted of a
94:2:3:1 wt% mixture of LiNiosMno.1C0o.102 (NMC811) active material, PVdF binder (Solvay, France),
SFG 6L, and C65 conductive carbon (both Timcal / Imerys Graphite & Carbon, Switzerland), which
was casted onto an aluminum foil current collector. The NMC811 mass loading was adjusted to
~12.5 mgnme cm?, corresponding to a nominal areal capacity of ~2.0 mAh cm? (160 mAh g'xmc) at an
upper cutoff potential of 4.1 V vs. Li*/Li. The theoretical specific capacity of 275 mAh g'xmc is only

achieved at higher potentials of about 4.8 V vs. Li*/Li.

The silicon-graphite (SiG) anodes consisted of a 70:23:5:2 wt% mixture of silicon nanoparticles
(Wacker Chemie AG, Germany), KS6L (Imerys Graphite and Carbon, Switzerland), poly(acrylic acid)
binder (Mw = 250’000 g mol!, Sigma-Aldrich, Germany), and C65 conductive carbon (Timcal / Imerys
Graphite & Carbon, Switzerland), which was casted onto a copper foil current collector. The combined
mass loading of silicon and graphite was ~3.7 mgsic cm™, which provided a practical first cycle
delithiation capacity of ~7.0 mAh cm at a current density of 0.5 mA ¢cm™and a lower cutoff potential

of 0.01 vs. Li*/Li.

All electrode sheets were prepared by the Volkswagen Varta Microbattery (VW-VM)
Forschungsgesellschaft mbH, following a proprietary ink procedure with either water (for SiG anodes)
or N-methylpyrrolidone (NMP) (for NMC811 cathodes) as solvent. Prior to cycling, electrode discs of
11 mm in diameter (~0.94 cm?) were punched out of the sheets and were dried at 120 °C for at least
12 h under vacuum in a glass oven (Biichi, Switzerland), before being transferred into an Ar atmosphere

MBraun glovebox (H20 and O, concentration <0.1 ppm) without exposure to ambient atmosphere.

Half-cell measurements.— Electrochemical characterization of the NMC811 cathodes as well as
the electrochemical prelithiation of the SiG anodes were performed in CR2032 coin-cells (Hohsen,
Japan) with a lithium metal foil (450 um thickness, 13 mm diameter, Rockwood Lithium, USA) acting
as counter and reference electrode, respectively. The cells were assembled by sandwiching two porous
glass fiber separators (250 pm thickness, 16 mm diameter, VWR, USA) soaked with 100 uL electrolyte

between a lithium metal foil and either an NMC811 electrode (~2.0 mAh cm™?, 11 mm diameter) or
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SiG electrode (~7.0 mAh cm?, 11 mm diameter). As electrolyte, a mixture of 1M LiPFs in

fluoroethylene carbonate:ethyl methyl carbonate (FEC:EMC, 20:80 vol%) (BASF, Germany) was used.

Full-cell and impedance measurements.— Electrochemical and impedance characterization of the
SiG//NMCS811 full-cells was performed in Swagelok®-type T-cells (Swagelok, Germany), featuring a
lithiated gold-wire micro-reference electrode as described in detail by Solchenbach et al.’” The cells
were assembled by sandwiching two porous glass fiber separators (250 um thickness, 11 mm diameter,
VWR, USA) soaked with 60 pL electrolyte between a SiG anode (~7.0 mAh cm?, 11 mm diameter) and
an NMC811 cathode (~2.0 mAh cm?, 11 mm diameter). For the full-cells, the same electrolyte was used

as for the half-cell measurements, viz., 1 M LiPFs in FEC:EMC (20:80 vol%).

Battery cycling.— The electrode polarization and cycling stability of the Li/NMC811 half-cells
and SiG//NMC811 full-cells were evaluated by means of constant current constant voltage (CCCV)
cycling. Hence, the lower cutoff voltage was kept constant at 2.8 Vi across all measurements, whereas
the upper (charge) cutoff voltage was varied between 4.0 and 4.6 V vs. Li*/Li for the half-cells and 4.0
and 4.4 V. for the full-cells. The voltage was controlled between the cathode and the anode, therefore,
furtheron the individual electrode potentials vs. Li*/Li are abbreviated by Vi, whereas the cell voltage
is described by V. Initially, two formation cycles were performed at low current density
(~0.2 mA cm?, 0.1 h'!). Consecutive cycling was performed in sequences of 48 cycles at 1.0 h'!
(~2.0 mA cm?) and 2 slow cycles at 0.1 h'! (~0.2 mA cm™). The C-rate was adjusted in accordance with
the upper cutoff voltage, resulting in 1.0 h"' current densities between 2.0-2.5 mA cm?. All
measurements were performed in a climate chamber (Binder, Germany) at 45 °C (£0.5 °C) using a

battery cycler (Series 4000, Maccor, USA).

Electrochemical impedance spectroscopy (EIS).— Impedance measurements were performed
every 50 cycles during the 2™ slow intermediate cycle at 0.1 h'!, using the Swagelok®-type T-cell setup
described above. Hence, the SiG//NMC811 full-cells were charged to a cell voltage of 3.7 Vi and then
relaxed at open potential for 2 hours. Afterwards, potentiostatic electrochemical impedance

spectroscopy (PEIS) was measured in the frequency range of 100 kHz — 50 mHz, using a perturbation



of 15 mV. All impedance measurements were performed in a climate chamber (Binder, Germany) at

45 °C (£0.5 °C) using multi-channel potentiostat VMP3 (BioLogic, France).

On-line electrochemical mass spectrometry (OEMS).— In order to monitor the gases that are
evolved during the repeated lithiation of the NMC811 cathodes at 45 °C, operando gas analysis was
performed by means of on-line electrochemical mass spectrometry (OEMS). The measurements were
conducted in a custom cell hardware (~10.5 ml head space volume) that was described in detail by
Tsiouvaras et al.>® Hence, two glass fiber separators (22 mm diameter, VWR, USA, dried for 3 days at
300°C under vacuum in a glass oven) soaked with 250 uL of the above described electrolyte were
sandwiched between a porous NMCS811 working electrode and a partially delithiated LigosFePO4
counter and reference electrode (~3.2 mAh cm?, 17 mm, Custom Cells, Germany). Porous NMC811
cathodes were previously prepared by coating an ink, consisting of a 94:3:3 wt% mixture of
NMC811:PVdF (Kynar, Arkema, France):C65 (Timcal, Switzerland) in NMP (Sigma-Aldrich,
Germany), onto porous woven wire mesh (#500 Mesh SS316 Grade, The Mesh Company, UK). The
areal capacity of the resulting electrodes with a diameter of 15 mm amounted to ~2.2 mAh cm™ (based
on the theoretical value of 275 mAh g'lxmc). All electrodes were dried at least for 24 h at 120 °C under

vacuum in a glass oven (Biichi, Switzerland).

The OEMS measurements were carried out at 45 °C in a climatic chamber (Binder, Germany).
Following a 4 h OCV step for background stabilization to ensure decent baseline extrapolation, a
galvanostatic formation procedure with a Biologic potentiostat VMP3 (BioLogic, France) between 3.0
and 4.6 V vs. Li*/Li (-0.45 — 1.15 V cell voltage) was conducted to delithiate (i.e., charge) the NMC811
cathodes with a current rate of 0.1 h! and subsequently re-lithiate them at 0.2 h™'. The mass signals were
quantified using a calibration gas containing H», CO, O, and CO (2000 ppm in Ar, Westfalen AG,

Germany).



Results and Discussion

Cycling stability and on-line gas evolution analysis of NMC811 cathodes at 45 °C.— Figure 1
shows the specific discharge capacities of Li/NMC811 half-cells for different upper (charge) cutoff
potentials (4.0, 4.2, 4.4, and 4.6 V1;) and a constant lower cutoff potential of 2.8 Vy; at (a) 0.1 h™! and
(b) at 1.0 h™!, which were obtained from CCCV cycling at 45 °C. Selected cycles and the corresponding
capacity retention at different current densities are summarized in Table 1. As expected, the 2™ cycle
discharge capacities at 0.1 h' increase with the upper cutoff potential from 144, 183, 216 to
226 mAh g!. Taking into account the respective mean discharge voltages, these capacities translate into
specific discharge energies of 500, 652, 782, and 825 mWh g'numc. Although the discharge capacity of
NMCS811 is larger compared to other LiNi,Mn,Co,0O, materials with lower Ni contents (x < 0.8), the
energy density does not increase proportionally because of its flatter potential profile.?® Thus, (i) to meet
the target value of 700-800 mWh g'cam for the specific energy for future cathode active materials
(CAM) in automotive applications'?® and (ii) to compete against state-of-the-art NMC622 cathodes,
which provide an initial specific energy of ~685 mWh glcam in NMC622//graphite cells (at 0.1 h',
40 °C, and an upper cutoff potential of ~4.4 V1;),>° an end-of-charge potential of at least 4.3-4.4 V; is

required for NMC811.

Nonetheless, there exists a trade-off between the initial capacity of NMC811 and its capacity
retention upon cycling which results in a higher capacity fading with increasing upper cutoff potential.
While at 4.0 and 4.2 Vi, high capacity retentions of ~99% and ~95% are realized after 250 cycles with
a C-rate of 0.1 h™', at 4.4 and 4.6 Vy; the fading becomes more severe, resulting in notably lower capacity
retentions of ~85% and ~76% during the same period (compare Table I). Further, at higher upper cutoff
potentials a strong dependence of the capacity fading on the applied current density can be observed by
comparing Figure 1(a) and (b), which results in accelerated fading rates at higher currents. For example,
at 4.0 Vi, the capacity retention approaches >99% at either current density, whereas at 4.6 Vy; the fading
is significantly higher after 250 cycles at 1.0 h'!, resulting in a capacity retention of ~51% at 1.0 h'!
compared to ~76% after 250 cycles at 0.1 h'!. As a result, the cycling performance of NMC811 cathodes
is governed by at least two degradation phenomena, which differ in their extent and rate-dependence.

The first phenomenon shows only minor dependence on the applied current density and results loss of
8



reversible capacity even at low rates. This is usually attributed to the structural instability of Ni-rich
NMC cathodes, leading either to cation mixing between Ni and Li cations in Li layers® or transition
metal dissolution, e.g., of manganese, at potentials >4.6 Vi, as reported by Wandt et al.?® In contrast,
the second phenomenon results in a strong polarization of the NMC811 active material upon discharge,
which accelerates capacity fading at higher rates (here: 1.0 h''), but the capacity can be partially
recovered at lower rates (here: 0.1 h'!). This degradation can be associated with the structural transition
from hexagonal to hexagonal (H2—H3),***! which was shown to coincide with the release of lattice

oxygen and subsequent formation of a surface-near spinel-like or rock-salt type layer.%*
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Figure 1. Specific discharge capacity of Li/NMC811 coin-cells (~12.5 mgnmc em?) (a) at 0.1 h™! and (b) at 1.0 h'! as a function
of the cycle number in 1 M LiPFs FEC:EMC (20:80 vol%) electrolyte, operated at different upper cutoff potentials (4.0, 4.2,
4.4, and 4.6 V vs. Li*/Li) and a constant lower cutoff potential of 2.8 V vs. Li*/Li, using CCCV cycling at 45 °C. Two
formation cycles were performed at 0.1 h'!, then repeated sequences of 48 cycles at 1.0 h™! and 2 cycles at 0.1 h'!. The error
bars represent the standard deviation of at least two independent repeat measurements.

Recently, Li et al.’*® demonstrated by in-situ XRD measurements of NMC811 that the H2—H3
transition coincides with a rapid shrinkage of the c-parameter. Building up on this, Jung et al.® proposed
that this decrease likely stems from a decreasing repulsion of the oxygen layers, which is caused by the
oxidation of the oxygen anions. Eventually, this reaction leads to the release of lattice oxygen, which

they showed for different LiNi.MnyCo,O, materials, including NMCS811, by means of on-line



electrochemical mass spectrometry (OEMS). Further, the authors concluded that due to the limited
diffusion length of oxygen anions in the bulk NMC particles, which was formerly reported by
Strehle et al.,** the oxygen release and subsequent formation of a spinel-like or rock-salt type layer is

restricted to the surface-near region, while the bulk structure stays intact, which was reported

analogously for various layered oxides.36434

Table 1. Specific discharge capacity and capacity retention of Li//NMC811 coin-cells at 0.1 h™' and 1.0 h™!, respectively, in
dependence on the upper cutoff potential at 45 °C. The data were extracted from the cycling data shown in Figure 1 and
represent the average of at least two independent repeat measurements. The error ranges represent the standard deviations of at
least two independent repeat measurements.

Cutoff Capacity @ 0.1 h"'/mAhg! Capacity Capacity @ 1.0 h"' / mAh g! Capacity
potentials 2M cycle 250" cycle retention / % 5% cycle 245% cycle retention / %
2.8-4.0 Vi 144+ 0.7 143+ 0.9 99 +0.1 125+ 1.4 125+ 1.5 100 £ 0.0
2.8-4.2 Vii 183+ 0.0 174 £ 0.1 95+0.1 166 £ 0.1 154+ 0.7 93+0.4
2.8-4.4 Vii 216+ 0.6 185+ 0.0 85+0.1 202 £ 0.6 149 + 1.8 74+1.2
2.8-4.6 VLi 226 +£0.3 173 £4.0 76 £ 1.7 209 +0.2 106 + 3.9 51+18

To determine the onset of the release of lattice oxygen from the here investigated active material
Figure 2 shows (a) the voltage profile of a mesh-coated NMC811 cathode during the first galvanostatic
charge/discharge at 0.1 h''/0.2 h"' against a partially delithiated LioosFePOs electrode. The
corresponding (b) integral gas evolution and (c) gas evolution rate of oxygen (O,, m/z = 32, marine),
carbon dioxide (CO», m/z = 44, blue), and carbon monoxide (CO, m/z = 28, brown) are also depicted.
A small activation peak can be observed in the voltage profile of the NMC811 within the first few
minutes which results from the initial removal of surface contaminants that likely originate from the

storage of the active material.*’

Yet, almost no gas evolution can be observed within the first 8 hours
except for a slow, almost linear increase of the CO2 mass signal (blue line). Originally, this feature has
been related to the electrochemical oxidation of carbonate impurities at the NMC particle surface,*®
whereas recently, Jung et al.*° proposed based on measurements with a '*C-labelled ethylene carbonate
(EC) electrolyte that the initial CO, formation most likely stems from the oxidation of electrolyte
impurities. The oxidation of the impurities leads to a nearly quantitative release of CO., even though no
O, release is detected yet. In contrast, at about 4.25 Vi, viz., once the NMCS811 state-of-charge exceeds
80% (referring to a total specific capacity of 275 mAh g 'nmc), a distinct increase of the oxygen signal

(marine line) can be observed in Figure 2(b). During the same period, a rapid increase in the CO, and

CO can be detected, indicating the oxidative decomposition of electrolyte constituents. This rapid
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change in the gas evolution rates can be rationalized by the onset of a fundamentally different oxidation
mechanism. While the first part was dominated by the oxidation of impurities, minor electrochemical
electrolyte decomposition, and likely the thermal decomposition of fluoroethylene carbonate (FEC),*#
at potentials above 4.25 V1, reactive oxygen is released from the NMCS811 active material which leads
to a chemical oxidation of the alkyl carbonate electrolyte. Again, we would like to highlight that this
phenomenon is not due to electrochemical oxidation of the electrolyte, because similar experiments by
Jung et al.,*® with 1 M LiPFs in EC:EMC in presence of either C65 or LNMO revealed no electrolyte
decomposition at potentials below 5.0 Vi; but instead related to chemical oxidation. By operando

emission spectroscopy, Wandt et al.>

recently proved that singlet oxygen is evolved upon delithation
exceeding roughly 80% state-of-charge for layered transition metal oxides as NMCs. For NMC811 the

evolution of this highly reactive oxygen species is especially critical for battery aging as this state-of-

charge is reached at a lower charging potential due to the flatter potential profile with higher Ni content.
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Figure 2. Gas evolution during the first galvanostatic charge/discharge of a NMCS811 cathode (~2.2 mAhcm?) at
0.1 h'1/0.2 h'!. (a) NMC811 potential calculated from the Lio.osFePO4/NMC811 cell voltage as a function of time. (b) Integral
gas evolution and (c) gas evolution rate of oxygen (O2, m/z = 32, marine line), carbon dioxide (CO2, m/z = 44, blue line), and
carbon monoxide (CO, m/z =28, brown line) as a function of time. Electrolyte: 1 M LiPFs in FEC:EMC (20:80 vol%),
temperature: 45 °C. The OEMS data are smoothed, baseline corrected and converted into units of pmol g-'xmc. The results
were confirmed by three independent repeat measurements.
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Although the structural transformation of the NMCS811 also results in a permanent loss of reversible
capacity, the formation of the oxygen-depleted layer additionally impedes the diffusion of Li* ions and
increases the charge-transfer resistance. This results in an increase of the electrode’s overpotential and
further lowers the reversible capacity at higher C-rates. Because the thickness growth of this layer
strongly depends on the upper cutoff potential and thus impacts the cycling stability and rate capability
of NMC811,%73° we focus our analysis on the implications for the realizable capacity and the aging

behavior of the SiG//NMCR811 full-cells.
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Figure 3. (a, b) Specific discharge capacity of SiG//NMC811 Swagelok®-type T-cells (a) at 0.1 h'!, (b) at 1.0 h'!, and (c) the
corresponding end-of-charge electrode potentials of the NMC811 cathode (solid symbols) and the SiG anode (hollow symbols)
monitored by a lithiated gold-wire micro-reference electrode as a function of the cycle number in 1 M LiPFs
FEC:EMC (20:80 vol%) electrolyte, operated at different upper cell cutoff voltages (4.0, 4.2, and 4.4 Vcen) and a constant lower
cell cutoff voltage of 2.8 Ve, using CCCV cycling at 45 °C. Two formation cycles were performed at 0.1 h*!, then repeated
sequences of 48 cycles at 1.0 h'! and 2 cycles at 0.1 h'l. The error bars represent the standard deviation of at least two
independent repeat measurements.
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Cycling performance of SiG/NMC811 full-cells at different upper cutoff voltages.— Figure 3
shows the cycling stability of SiG//NMCS811 full-cells (a) at 0.1 h'! and (b) at 1.0 h'!, obtained from
CCCYV cycling between a constant lower cutoff voltage of 2.8 Vi and different upper cutoff voltages
0f 4.0, 4.2, and 4.4 V.. at 45 °C. Analogous to the half-cell measurements, the second cycle discharge
capacities increase with increasing upper cutoff voltage from 116, 153 to 169 mAh g'xmc
(see Table II), which corresponds to areal capacities of 1.5, 1.9, and 2.1 mAh cm?, respectively.
Considering a reversible SiG anode capacity of about 7.0 mAh cm (see Figure 6), this translates into
a balancing (n:p) ratio of 4.7-3.3, depending on the upper cutoff voltage. In other words, the reversible
capacity of the NMC811 cathode accounts only for 21-30% of the reversible capacity of the SiG anode.
Since silicon-based electrodes usually reveal a higher coulombic efficiency and less capacity fading
when their capacity and thus the volumetric changes are restricted,'®?® the lower anode capacity
utilization is expected to improve the cycling stability of the SiG/NMC811 full-cells. Yet, according to
Figure 3(a) all cells show a rapid capacity decay upon continued cycling at 45 °C that largely exceeds
the fading observed in the half-cell measurements shown in Figure 1. After 250 cycles, the residual
capacities of the full-cells amount to 39, 55, and 58 mAh g'xmc at 0.1 hl, thus corresponding to similar
capacity retentions of 34-36% (compare Table II). In contrast, at higher rates shown in Figure 3(b) the
fading notably increases at higher upper cutoff voltages of 4.4 V.., leading to a lower capacity retention
of 19% compared to 28-29% at 4.0 and 4.2 V., respectively. As recently pointed out by Klett et al.,>!
these differences in the capacity retention at different C-rates suggest that at 4.0 and 4.2 Ve the cycling
stability is mostly governed by the loss of active lithium from the NMC811 cathode caused by perpetual
side reactions at the SiG anode, whereas at 4.4 Vi the cycling stability is increasingly influenced by an
additional electrode polarization, which has only minor impact at low current density but increasingly
impedes the cell performance at higher current densities.

Because the SiG//NMCS811 full-cells were controlled by the cell voltage, the evolution of the
individual electrode potentials (V vs. Li*/Li) plays a major role in understanding the discrepancy of the
cycling stability at different upper cutoff voltages. Figure 4 shows the cell voltage of a SiG//NMC full-
cell (marine line) and the corresponding electrode potentials of the SiG anode (dotted blue line) and the
NMC811 cathode (dashed brown line), respectively, which were monitored by a lithiated gold-wire
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micro-reference electrode and confirmed by an independent measurement with a lithium metal reference
electrode (data not shown). As a result of the capacitively oversized SiG anode and the high average
lithiation potential of silicon,>!” the SiG anode potential remains at values above 0.16 Vi; even at the
end of charge, which in turn leads to a shift of the NMCS811 potential by the same extent towards more
positive potentials. Considering an upper cutoff voltage of 4.4 V.., this translates into an end-of-charge
potential of ~4.56 V; for the NMC811 cathode, i.e., the electrode operates well above the onset of the
oxygen release and subsequent formation of the resistive spinel-like layer at the NMC811 particle

surface, as demonstrated by Figure 2.

Table II. Specific charge/discharge capacity, coulombic efficiency and capacity retention of SiG//NMC811 Swagelok®-type
T-cells of selected cycles at 0.1 and 1.0 h!, respectively, in dependence on the upper cell cutoff voltage at 45 °C. The data were
extracted from the cycling data shown in Figure 3 and represent the average of at least two independent repeat measurements.

Cutoff voltages
Units 2.8-4.0 Vel 2.8-4.2 Veell 2.8-4.4 Vel

15t charge-discharge cycle

Charge capacity mAh g''nme 180+ 1.2 222+0.7 241+0.3
Discharge capacity mAh g'nme 121+0.3 157+1.3 174+ 1.6
Irreversible capacity loss mAh g''nme 59+1.5 64+0.7 67+19
Coulombic efficiency % 67 £0.6 71+£04 72+£0.7
Capacity @ 0.1 h!

2" cycle discharge mAh g'nme 116 0.2 153+ 1.1 169+ 1.3
250 cycle discharge mAh g''nme 39+0.8 55+0.1 58+1.2
Capacity retention % 34+0.6 36+0.0 34+04
Capacity @ 1.0 h!

5%" cycle discharge mAh g'xme 108 £ 0.9 142 £0.1 156 £0.2
245%™ cycle discharge mAh g''nme 32+0.1 40 +0.1 30+04
Capacity retention % 29+0.2 28 £0.1 19+0.2

To monitor the evolution of the individual electrode potentials, Figure 3(c) shows the end-of-charge
potentials of the SiG anode (lower panel) and the NMC811 cathode (upper panel) as a function of the
cycle number. An eventual potential drift of the lithiated gold-wire micro-reference electrode was
mitigated by periodic re-lithiation after every 50 cycles (prior to impedance measurements).
Accordingly, the end-of-charge potential of the SiG anode reveals a rapid increase up to ~0.2 Vy; within
the first 10 cycles independent of the upper cell cutoff voltage. This can be ascribed to the higher average
lithiation potential of amorphous silicon compared to the uncycled crystalline silicon particles.”? In
addition, the large capacity excess of the SiG anode relative to the capacity-limiting NMC811 cathode
results on average in a low degree of lithiation and thus a higher average SiG anode potential. Upon

cycling, the electrode potential increases further because of the loss of active lithium, which translates
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into a minor but continuous increase of the end-of-charge potential to 0.22 V. At an upper cutoff
voltage of 4.4 Vi (marine symbols) the potential shift is even larger, which likely stems from increased
side reactions at the SiG anode, which are caused at higher NMC811 potentials as will be discussed in

the next section.

The comparatively high end-of-charge potential of ~0.2 Vy; of the SiG anode has three important
implications for SiG//NMCS811 lithium-ion batteries: (i) It results in an upward shift of the NMC811
cathode potential, which constantly operates at least ~200 mV above the controlled cell voltage and thus
may cause a concern both in terms of durability and safety. (ii) It lowers the effective energy density
compared to conventional graphite electrodes, which are operated on average at about 100-150 mV
lower potentials.® (iii) It results in an operation of the SiG anodes at low degrees of lithiation (here
between 0 and 31% SOC), which was previously shown to be less favorable compared to an operation

at higher degrees of lithiation (e.g., 60-90% SOC) both in terms of cycling stability and coulombic

efficiency.'*!®
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Figure 4. Cell voltage of a SiG/NMC811 Swagelok®-type T-cell (marine line, left panel) and electrode potentials of the
NMCS11 cathode (brown dashed line, left panel) and the SiG anode (blue dotted line, right panel) as a function of the areal
capacity during the first charge/discharge cycle, obtained from CCCV cycling between 2.8 and 4.4 Ve at 0.1 h! and 45 °C.
The electrode potentials were monitored by a lithiated gold-wire micro-reference electrode. The brown and the blue shaded
areas indicate the oxidative and the reductive stability limit of the carbonate-based electrolyte.
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Impedance growth of SiG//NMC811 full-cells at different upper cutoff voltages.— To confirm the
the higher electrode impedance at cutoff potentials above 4.25 Vi, impedance spectroscopy of the
SiG//NMCS811 full-cells was measured every 50 cycles during the charge of the second intermediate
0.1 h'! cycle at 3.7 Veen after 120 min at open circuit potential. The gold-wire micro-reference electrode
setup allows to separate the impedance contributions of anode and cathode, whereby the sum of both
electrodes equals the overall full-cell impedance.’” Figure 5(a) shows the Nyquist plot of representative
impedance responses of the NMCS811 cathodes after 150 cycles at different upper cell cutoff voltages.
Accordingly, the impedance is characterized by a large distorted semicircle in the interfacial impedance
frequency range (1 kHz— 1 Hz), which consists of the pore resistance Ry, and the charge-transfer
resistance R, at the NMC811/electrolyte interface. The offset along the Z’-axis reflects the high
frequency resistance Rypg which remains almost constant upon cycling. In contrast, the smaller
distorted feature at frequencies above 1 kHz occurring in the cells cycled to 4.2 and 4.4 Vo likely
originates from a contact resistance that is caused by HF-induced degradation of the aluminum current
collector, as described by Gaberscek et al.>® Further, a linear slope at low frequencies (< 1 Hz) can be
observed for the cells at 4.0 and 4.2 Vi, which corresponds to the Warburg diffusion Z;;,. Because the
impedance in the present study was only measured in non-blocking conditions,> it is not possible to
adequately distinguish the individual impedance contribution, thus, we will furtheron only consider the
low frequency resistance R g which describes the sum of Rypg, Reontact> Rpore and R, Yet, we would
like to emphasize that the dominating feature that is increasing upon cycling is the large semicircle

comprising the pore resistance and the charge-transfer resistance at the NMC81 1/electrolyte interface.

Figure 5(b) and (c) summarize the low frequency resistances R;rr of the SiG anode and the
NMC811 cathode as a function of the cycle number and the applied upper cutoff voltage at 45 °C. The
R, pr Were obtained by fitting of the Nyquist impedance spectra using a serial connection of a resistor,
two RQ-elements (i.e., a resistor and constant phase element in parallel) and a Warburg element Zy,,
whereby R;pr equals the sum of the three resistors.® As can be seen, both the SiG anode and the
NMCS811 reveal a continuous impedance growth upon cycling. Yet, their growth rates differ notably in

dependence on the upper cell cutoff voltage. The SiG anode impedance increases from 3-4 Q cm? during
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the second cycle to 20, 45, and 80 Q cm? after 250 cycles at an upper cutoff voltage of 4.0, 4.2, and
4.4 Ve, respectively. The moderate increase of the growth rate between 4.0 and 4.2 Veen can be
explained by the higher charge throughput and thus a higher amount of electrolyte decomposition
products in the SiG anode.? In contrast, the larger increase of the anode impedance at an upper cell cutoff
voltage of 4.4 Ve indicates the presence of an additional degradation mechanism which likely
originates from cross-diffusion of oxidation products, resulting from parasitic reactions occurring at the

NMCS811 cathode at high potentials.?>%¢7
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Figure 5. (a) Nyquist plot of the NMC811 cathode impedance exemplarily shown for the 150" charge/discharge cycle. Spectra
were recorded at 45 °C from the SiG/NMC811 Swagelok®-type T-cells shown in Figure 3 which were cycled at different
upper cell cutoff voltages, including 2.8-4.0 Vcen (brown), 2.8-4.2 Veen (blue), and 2.8-4.4 Veen (marine). Potentiostatic
impedance spectroscopy was measured with a perturbation of 15 mV and a frequency range of 100 kHz — 50 mHz after
charging the cells to 3.7 Vcen and holding them at open circuit potential for 120 min. (b, ¢) Evolution of the lower frequency
resistance (RLrr) of (b) the SiG anode and (c) the NMC811 cathode in dependence on the upper cell cutoff voltage as a function
of the cycle number.

17



On the cathode side, the cells which were cycled at 4.0 and 4.2 Vi show a very similar increase of
the NMC811 impedance from 6-8 to 20-25 Q cm? after 250 cycles. In contrast, the cells with an upper
cutoff voltage of 4.4 Vi reveal a significant jump up to 74 Q cm? during the same period. To explain
this discrete voltage-dependent impedance growth, three mechanisms need to be distinguished that lead
to an increase of the low frequency resistance R, of the investigated NMC811 cathodes and also affect
the SiG anode: (i) At lower cutoff voltages, i.c., at 4.0 and 4.2 V., respectively, the small increase in
the impedance can be partially attributed to low electrochemical oxidation rates that occur at potentials
below 5.0 Vi, especially at elevated temperatures. These may add up to a significant extent of oxidative
charge and oxidation products during long-term cycling and thus may contribute to long-term impedance
growth.”®%° Nonetheless, we think that the electrochemical oxidation is not the dominating mechanism,
because the Tafel-slope kinetics would suggest a linear increase, which contradicts the strong impedance

growth at an upper cutoff voltage of 4.4 Veen. Further, Jung et al.*

recently demonstrated that the
intrinsic oxidative stability of an LP57 electrolyte (1 M LiPFs in EC:EMC, 30:70 wt%) on either
LNipsMn; 504 or pure C65 conductive carbon was rather high at room temperature. Instead, (ii)
Kim et al.*’ recently reported that the thermal instability of FEC in LiPFs-based electrolytes at elevated
temperatures (here: 45 °C) may lead to a defluorination of FEC by PFs and subsequent formation of
vinylene carbonate (VC) and HF. These products cause parasitic reactions, including the oxidation of
VC and dissolution of transition metal from the NMCS811 cathode, and thus contribute to a further
increase of the charge-transfer resistance R;.®! While the first two phenomena occur across all
investigated upper cutoff voltages and evidently result in a comparatively ‘small’ impedance increase
of factor ~2 after 250 cycles at 45 °C, an additional mechanism is required to account for the rapid
growth of the impedance between 4.2 and 4.4 V., leading to an almost 10-fold increase during the

same period as shown in Figure 5(c). Jung et al.*

proposed the chemical electrolyte oxidation caused
by the release of lattice oxygen and formation of an oxygen-depleted layer at the surface of the NMC811
particles as an alternative pathway, which agrees well with the significant increase of the low frequency
resistance Ry pg once the cell voltage exceeds a certain value between 4.2 and 4.4 V.. This process has
two negative implications for the resistance at the NMC81 1/electrolyte interface, including (i) the

formation of a resistive spinel-like layer at the NMC811 particle surface as well as (ii) a subsequent
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accumulation of reaction products from the electrolyte oxidation. In accordance with Figure 5(b), the
oxidation products may also diffuse from the cathode to the SiG anode, as reported recently by
Metzger et al.,? and result in additional parasitic reactions which further increase the anode impedance.
As a corollary, the rate of the anode impedance growth also correlates with the amount of side reactions
occurring at the NMCS811 cathode. Moreover, silicon-based electrodes are particularly prone to cross-
diffusional degradation, because of the usually much larger surface area compared to graphite and the
volumetric changes upon (de-)lithiation which result in a poor passivation of the silicon/electrolyte

interface caused by repeated cracking and renewal of the SEI, in particular at elevated temperatures.

Our results from impedance spectroscopy and gas analysis demonstrate unanimously that
NMCB811 cathodes reveal a high sensitivity toward the upper cutoff voltage. Once the cathode exceeds
~80% state-of-charge, corresponding here to an electrode potential of ~4.25 Vy;, reactive oxygen is
released from the NMC lattice which results in the formation of an oxygen depleted layer and chemical
electrolyte oxidation at the cathode surface, thus leading to a significant impedance growth. In full-cells
consisting of SiG anodes and NMCS811 cathodes, this problem becomes even more severe, because the
comparatively positive anode potential results in an upward shift of the NMCS811 cathode of up to
~200 mV to more positive potentials. Therefore, SiG/NMCS811 full-cells that were cycled to upper
cutoff voltages of 4.4 V. indicate a much lower capacity retention at higher current densities. To cope

with this challenge, various strategies were deployed by researchers aiming on a stabilization of the

162 63,64

NMCS811 surface, including core-shell®* and concentration gradient materials,** with nickel contents

>75% and <56% in the particle center and the surface, respectively. In addition, surface coatings of

alumina®-%® and LiMn,O4%” as well as aluminum doping®®*°

were shown to improve the cycling stability
of Ni-rich NMC cathodes. However, we think that these strategies are only successful as long as the
release of oxygen is prevented by limited diffusion of the oxygen anions through a thick shell. Once the
NMC particles start to break due to the repeated volumetric stress upon (de-)lithiation, as recently

reported by Janek and co-workers, oxygen release may occur at the sites of fractures, thus leading to an

additional impedance growth.”
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Influence of prelithiation of SiG anodes on the cycling stability of SiG//NMC811 full-cells.— In
the present study, we investigate the prelithiation of the SiG anode as an alternative route to mitigate the
release of oxygen from NMCS811 cathodes in SiG/NMCS811 full-cells. Prelithiation of anodes is
thermodynamically more complex compared to cathode materials, because a more reactive lithium
source is required and the lithiated active materials are usually more reactive and harder to control.”!
Yet this approach offers several advantages, including (i) a lower average anode potential, (ii) a
mitigation of the irreversible capacity loss during formation, and (iii) a reservoir of active lithium to
compensate ongoing side reactions at the silicon-electrolyte interface upon cycling.?"’>”7* Since the goal
of our present study is to evaluate the influence of prelithiation of SiG anodes on the end-of-charge
potential of the NMC811 cathode, we applied electrochemical prelithiation of the SiG anodes against
lithium metal counter electrodes. On a lab-scale, this offers a convenient method to quantify accurately
the amount of reversibly prelithiated lithium in the anode active materials. Figure 6(a) shows potential
profiles of SiG anodes during the first lithiation/delithiation using different end-of-lithiation potentials
(200, 110, 100 and 10 mVy;). The flat potential profile during the first cycle is characteristic for the
lithiation of the initially crystalline silicon particles and leads to large changes of the areal capacity even
if the potential differs only by few mV.?° For that reason, the prelithiation of silicon-based electrodes is
usually defined by a constant capacity rather than a potential-limit. To understand how much lithium
was inserted into the SiG anodes and which fraction of it is available furtheron as active lithium,
Figure 6(b) summarizes the prelithiation capacity as well as the reversible delithiation capacity of the
SiG anodes as a function of the end-of-lithiation potential. Accordingly, a lithiation to 200 mVy;
corresponds to an insertion of ~0.4 mAh cm? into the SiG anodes, whereby ~0.2 mAh cm™ are
consumed by irreversible processes, e.g., SEI formation, and ~0.2 mAh cm? (~53%) can be extracted
reversibly. Further lithiation to 110 and 100 mVy; results in an increase of the coulombic efficiency up
to 80-82%, as the SEI losses are compensated by an increasing lithiation capacity of ~2.9 and
~5.8 mAh cm™, respectively. Full lithiation of the SiG anode to 10.3 mAh cm is realized by applying
an end-of-lithiation potential of about 10 mVy;.. However, the coulombic efficiency decreases again to
68% due to the immobilization of lithium in the silicon active material across the thick SiG coating and

increased side reactions caused by the reactivity of the highly lithiated LixSi phases.”” Nonetheless,
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because the active lithium of the NMC811 cathode also needs to be accommodated by the SiG anode
during the first charge of the SiG//NMC811 full-cells, which amounts up to 3.0 mAh cm? (see Figure 4)
depending on the prelithiation and the upper cutoff voltage, we selected 100 mVy,, i.e., ~5.8 mAh cm?,
as the maximum prelithitiation capacity to maintain a safety margin of at least ~15%
(=3.0 + 5.8 mAh cm? divided by 10.3 mAh cm; compare Figure 6) and thus avoid lithium plating at
the SiG anode. In the following, the cells are always labelled by their prelithiation capacity, viz., 0.4

(blue), 2.9 (marine), and 5.8 mAh cm? (green).
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Figure 6. (a) SiG electrode potential as a function of the areal capacity during the first lithiation/delithiation in
Li//SiG coin-cells (~3.7 mgsic cm?), obtained from galvanostatic cycling at 0.5 mA cm? and 45°C in 1M LiPFs
FEC:EMC (20:80 vol%) electrolyte using different lower cutoff potentials (200, 110, 100, and 10 mV vs. Li*/Li) and a constant
upper cutoff potential of 1.25V vs. Li*/Li. (b) Areal prelithiation capacity (solid) and reversible delithiation capacity
(patterned) as a function of the lower cutoff potential during electrochemical prelithiation against lithium metal counter
electrodes.
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Figure 7 shows the areal discharge capacity of SiG/NMCS811 full-cells (a) at 0.1 h! and (b) at
1.0 h'', as well as (c) the corresponding end-of-charge potentials of the SiG anode and the NMC811
cathode, respectively, which were operated at cell cutoff voltages between 2.8 and 4.1 V. As expected,
the SiG//NMCS811 full-cells with a pristine SiG anode (brown) reveal a similar cycling stability as the
full-cells shown in Figure 3, which were operated at upper cutoff voltages of 4.0 and 4.2 Ve,
respectively. During the second cycle at 0.1 h™!, they realized a discharge capacity of 1.83 mAh cm™ but
showed a continuous decay to 0.68 mAh cm? after 250 cycles at 45 °C, which corresponds to a capacity
retention of 37% (146 — 54 mAh g'l\mc). A prelithiation capacity of ~0.4 mAh cm? in the SiG anode
(blue) lifts the initial discharge capacity by almost the same amount, resulting in a second cycle
discharge capacity of 2.18 mAh cm? (174 mAh g'numc), because less lithium is consumed from the
NMCS811 cathode for the SEI formation and thus still contributes the reversible capacity. However, the
higher utilization of the SiG anode also resulted in an increased loss of active lithium, which is reflected
by a stronger capacity fade within the first 100 cycles, when compared to the pristine SiG anode. Further
prelithiation with ~2.9 mAh cm™ (marine) resulted in an even higher initial discharge capacity of
2.38 mAh cm? (191 mAh g'nmc) in the SiG//NMC811 full-cells. Although this capacity remained fairly
stable during the first 50 cycles, an abrupt decay can be observed thereafter, which can be rationalized
by considering that any lithium loss is only compensated until the reservoir in the SiG anode is depleted.
Nonetheless, Figure 7(c) shows that the higher lithium content in the anode also resulted in a shift of
the end-of-charge potential towards more negative potentials of 0.14-0.16 Vi compared to the 0.16-
0.22 Vi, obtained from the pristine SiG anode. As a corollary, the NMC811 is also operated at a ~60 mV
lower end-of-charge potential. Moreover, the relatively stable end-of-charge potential of the SiG anode
upon prolonged cycling indicates that a large fraction of the prelithiated lithium remains trapped in the
anode and does not contribute to the compensation of the active lithium loss. As the impedance of the
SiG anode increases upon cycling, the amount of the immobilized lithium likely also increases. In other
words, the amount of reversibly accessible lithium is effectively lower as indicated by the first cycle

delithiation capacity of the Li/SiG half-cells shown in Figure 6.
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Figure 7. (a, b) Areal discharge capacity of SiG/NMC811 Swagelok®-type T-cells (a) at 0.1 h'!, (b) at 1.0 h'!, and (c) the
corresponding end-of-charge electrode potentials of the NMC811 cathode (solid symbols) and the SiG anode (hollow symbols)
monitored by a lithium metal reference electrode as a function of the cycle number in 1 M LiPFs FEC:EMC (20:80 vol%)
electrolyte, operated with differently prelithiated SiG anodes (pristine, 0.4, 2.9, and 5.8 mAh ¢cm%; compare Figure 6) between
cell cutoff voltages of 2.8-4.1 Vel (or 4.2 Veen, see dark green symbols) using CCCV cycling at 45 °C. The procedure was the
same as for the cells in Figure 3, including two formation cycles were performed at 0.1 h!, then repeated sequences of 48 cycles
at 1.0 h"! and 2 cycles at 0.1 h'l. The error bars represent the standard deviation of at least two independent repeat
measurements. The orange dashed area indicates the NMC811 cathode potential of 4.25 Vi; above which oxygen was released
during the OEMS measurements shown in Figure 2.

A further prelithiation with ~5.8 mAh cm™ (green) resulted in a slightly lower second cycle
discharge capacity of 2.26 mAh cm™, which is caused by the reduced end-of-charge potential of the
NMCS811. Afterwards, a fairly stable cycling is observed over 250 cycles at 45 °C due to the larger
lithium reservoir, yielding a residual capacity of 1.98 mAh cm? at 0.1 h'! and 1.69 mAh cm? at 1.0 h'!,

respectively. Remarkably, the high capacity retention is not only accomplished at 0.1 h'

(182 — 158 mAh g''nmc, ~87%) but also at higher C-rate of 1.0 h'! (168 — 133 mAh g'nmc, ~80%).
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This can be explained by the end-of-charge potentials shown in Figure 7(c). While in presence of the
pristine or moderately prelithiated SiG anode (i.e., 0.4 and 2.9 mAh cm?), the NMCS811 is still
repeatedly operated above the critical potential of 4.25 Vi, a higher prelithiation of the SiG anode with
5.8 mAh cm resulted in a shift of the anode potential profile towards lower values. As a corollary, the
NMCS11 is operated a lower end-of-charge potentials which mitigates the release of lattice oxygen from
the active material and subsequent growth of the resistive spinel-like layer at the NMC811 particle
surface. Thus, prelithiation of the SiG anode does not only allow to compensate the loss of active lithium
for a limited number of cycles but also maintains the rate capability of the NMC811 cathode by reducing
its end-of-charge potential and thus making it less susceptible to the release of oxygen upon voltage
slippage over prolonged cycling. Furthermore, the lower end-of-charge potential of the NMC811
cathode even allows to increase the upper cell cutoff voltage from 4.1 to 4.2 Ve, while still avoiding
the critical potential region above ~4.25 Vii. SiG//NMCS811 full-cells which were operated between 2.8
and 4.2 Ve with a SiG anode prelithiated to a reversible capacity of ~5.8 mAh cm? (dark green)
provided a second cycle discharge capacity of 2.54 mAh cm? and residual capacity as high as
2.2 mAh cm?at 0.1 h''after 250 cycles at 45 °C (217 — 187 mAh g 'nmic, ~86%). As expected, a similar
retention of 75% (201 — 152 mAh g 'xmc) was also obtained at a higher C-rate of 1.0 h''. However, the
low potential of the SiG anode shown in Figure 7(c) also demonstrates a limitation of this approach.
Once the state-of-charge of the anode becomes too high, its potential approaches 0 V vs. Li*/Li and thus

enables lithium plating which in turn increases the amount of side reactions and raises safety concerns.

As a corollary, our results demonstrate that the prelithiation of a capacitively oversized SiG anode
offers an attractive approach to obtain high areal capacities and a fairly stable cycling in SiG//NMCS811
full-cells, while mitigating the release of lattice oxygen by reducing the end-of-charge potential of the
NMC811 cathode. However, for commercially-sensible electrodes it is also important to evaluate the
impact of the oversized anode on the effective energy density of the cell as well as the risk of lithium
plating at high degrees of prelithiation. In addition, we would like to emphasize that the focus of the
present study was mostly on the evolution of the electrode potentials and the resulting cycling stability
at different C-rates. To evaluate whether the use of SiG/NMC811 lithium-ion batteries indeed allows

to realize the required specific energy target of 300-350 Wh kg on a cell-level we encourage researchers
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to provide more information concerning the electrolyte consumption and the mass contributions from
both the anode and the electrode coating. In fact, the practical gain compared to graphite-based
electrodes will likely be in the order of less than 30%!%!! because of the still higher irreversible capacity
and the higher electrolyte demand of silicon-based full-cells. Thus, closing the gap to the specific energy
target will require combined strategies which include an optimization of the NMC811 cathode to allow
an operation at higher potentials, and thus higher state-of-charge, as well as an optimization of the

SiG anode by stabilization of the silicon/electrolyte interface and possibly by prelithiation.

Conclusions

In the present study, we investigated silicon-graphite/NMC811 full-cells, utilizing a capacitively
oversized SiG anode, with respect to their cycling stability at different C-rates over 250 cycles at 45 °C.
Based on half-cell measurements against lithium metal electrodes and gas evolution analysis by means
of on-line electrochemical mass spectrometry we demonstrated that NMC811 cathodes are very
sensitive to the end-of-charge potential. Our results showed that at potentials above ~4.25 V vs. Li'/Li,
viz., at about 80% state-of-charge, oxygen is released from the NMC811 lattice, which resulted in (i) a
chemical oxidation of the electrolyte and (ii) the formation of a resistive surface layer at the NMCS811
particles, causing in a strong electrode polarization and reduced capacity retention at higher current
densities. SiG//NMC811 full-cells are particularly prone to this aging mechanism even at relatively low
cell cutoff voltages, because the comparatively high lithiation potential of the SiG anode results in an
upward shift of the end-of-charge potential of the NMC811 cathode. Using a lithiated gold-wire micro-
reference electrode we demonstrated that the resulting oxygen release did not only cause a distinct
increase of the impedance growth at the NMC81 1 cathode but also at the SiG anode, which we explained
by the cross-diffusion of electrolyte decomposition products resulting from the chemical oxidation of
electrolyte compounds at the NMC811 cathode. Therefore, the capacity retention of both half and full-
cells was notably decreased once the oxygen release occurred at the NMC811 cathode at potentials
above ~4.25V vs. Li*/Li. To cope with the challenge, we demonstrated that prelithiation of the
capacitively oversized SiG anodes is an effective approach to mitigate the rapid impedance growth of
the SiG//NMCS811 full-cells by lowering the average anode potential and thus reducing the effective

end-of-charge potential of the NMC811 cathode at a given cell cutoff voltage. Further, the excess of
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active lithium, which was introduced by the prelithiation, additionally improved the capacity retention
by compensating the ongoing side reactions at the silicon/electrolyte interface and even allowed to
increase the upper cell voltage which resulted in residual capacities of >180 mAh g 'xwmc after 250 cycles
at 45 °C. Thus, our results demonstrated that the prelithiation of capacitively oversized silicon-based
anodes offers an additional lever for combined strategies to improve the practical specific energy of

future lithium-ion batteries.
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3 Results

3.3.2 Lithium Oxalate as Capacity and Cycle-Life Enhancer for

Silicon-based Full-Cells

This section presents the article “Lithium Oxalate as Capacity and Cycle-Life
Enhancer in LNMO/Graphite and LNMO/SiG Full Cells”,222 which was published in
February 2018 in the Journal of The Electrochemical Society. It is an open access
article distributed under the terms of the Creative Commons Attribution 4.0
License. The main research work was done by Sophie Solchenbach, who is also the
first author of the paper. The permanent web-link to the article is
http://dx.doi.org/10.1149/2.0611803jes.

In accordance with the previous sections, the irreversible capacity loss of silicon-
based anodes remains a huge challenge. Different approaches were pursued to
increase the lithium inventory in lithium-ion full-cells, however, most of them are
ex situ and require the addition of further steps to the manufacturing process, which
slows down the production and increases costs.227.233.234 Moreover, the handling of
lithiated anodes is much more difficult compared to lithiated cathodes, because of
their higher reactivity.18> For that reason, the following article deals with a method
to increase the lithium inventory in situ by using lithium oxalate as a sacrificial salt
in combination with a lithium nickel manganese oxide (LNMO) cathode.?22228 [n
contrast to alternative approaches reported in the literature, which involve the
synthesis of an overlithiated LNMO active material,?23 lithium oxalate can be added
directly during the ink procedure of the cathode coating which greatly improves the
handling and flexibility of the manufacturing process. Furthermore, among the
sacrificial salts lithium oxalate is especially attractive for lithium-ion batteries
because its oxidative decomposition causes no unwanted side products but releases
only lithium and CO2, which was even shown to have a beneficial effect on the solid-

electrolyte-interphase of silicon-based electrodes.23>

First, we investigated the electrochemical oxidation of lithium oxalate to CO2, which
occurs around 4.7 V vs. Li*/Li and lies well within the plateaus of the Ni2*/Ni3* and
Ni3+/Ni** redox couples. The resulting gas evolution was quantified by means of
on-line electrochemical mass spectrometry (OEMS). Using half-cells, we then tested
the influence of the addition of 2.5 or 5 wt% lithium oxalate to the LNMO cathodes,
which increased the theoretical specific capacity of the first charge by about 10%
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3.3 Evaluation of New Strategies to Realize Practical Silicon-Based Anodes

or 20%. To investigate the effect of the increased lithium inventory on the cycling
stability of lithium-ion full-cells, the LNMO cathodes were combined either with
graphite anodes or with the same SiG anodes which were also used in our previous
work102 (see Section 3.1.1). Usually, silicon-based anodes are operated with a
fluoroethylene carbonate (FEC)-containing electrolyte solution, which is known to
significantly improve the cycling stability.10317> For that reason, we also
investigated the consumption rates of FEC and COz as well as the resulting cycle life
of the SiG//LNMO full-cells in dependence on the concentrations of the two

additives.

This study generated three important insights about the use of lithium oxalate in
combination with LNMO cathodes for SiG anodes: (i) The addition of 2.5 or 5 wt%
lithium oxalate to LNMO improves the initial capacity (up to ~11%) of full-cells
featuring a graphite anode and reduces their capacity fade over 300 cycles (from
19% to 12% or 8%, respectively). For SiG anodes, this effect is even larger, resulting
in a notably increased capacity retention after 250 cycles (45% instead of 20%),
even in the presence of an FEC-containing electrolyte. (ii) CO2 is an effective SEI-
forming additive that indicates a synergistic effect with FEC on the lifetime of
silicon-based full-cells. The removal of one of the two additives leads to a reduction
of the cycle life. (iii) Similar to a sacrificial salt,228 the addition of lithium oxalate
offers a convenient method to introduce a defined amount of lithium and COz into a
lithium-ion battery without the addition of further manufacturing steps. However,
depending on the cell housing and the amount of CO2, the pressure build-up during

the first charge needs to be evaluated carefully.
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Lithium Oxalate as Capacity and Cycle-Life Enhancer in
LNMO/Graphite and LNMO/SiG Full Cells
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In the present study. we explore the use of lithium oxalate as a “sacrificial salt” in combination with lithium nickel manganese spinel
(LNMO) cathodes. By online electrochemical mass spectrometry (OEMS), we demonstrate that the oxidation of lithium oxalate to
CO; (corresponding to 525 mAh/g) occurs quantitatively around 4.7 V vs. Li/Li*. LNMO/graphite cells containing 2.5 or 5 wt%
lithium oxalate show an up to ~11% higher initial discharge capacity and less capacity fade over 300 cycles (12% and 8% vs. 19%)
compared to cells without lithium oxalate. In LNMO/SiG full-cells with an FEC-containing electrolyte solution, lithium oxalate leads
to a better capacity retention (45% vs 20% after 250 cycles) and a higher coulombic efficiency throughout cycling (~1%) compared
to cells without lithium oxalate. When CO; from lithium oxalate oxidation is removed after formation, a similar capacity fading as
in LNMO/SiG cells without lithium oxalate is observed. Hence, we attribute the improved cycling performance to the presence of
CO; in the cells. Further analysis (e.g., FEC consumption by '’ F-NMR) indicate that CO; is an effective SEI-forming additive for
SiG anodes, and that a combination of FEC and CO; has a synergistic effect on the lifetime of full-cells with SiG anodes.
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Lithium nickel manganese spinel (LiNigsMn; 504, LNMO) is a
promising cathode material for high energy lithium ion batteries due
to its high operating potential around 4.7 V vs. Li/Li", its high rate
capability, structural stability and the absence of cobalt. However, its
lower specific capacity (146 mAh/g; xmo) compared to layered oxide
materials (e.g. lithium nickel manganese cobalt oxide (NMC), spe-
cific capacity 150-250 mAh/gxuc)’ is regarded as a major drawback.
In full-cells, the practically achievable capacity of LNMO is even
lower, as the formation of the solid-electrolyte interphase (SEI) on
the graphite anode consumes active lithium. For many layered oxide
cathodes, however, the first cycle irreversible capacity of the cathode
is similar to the capacity needed for SEI formation (~20 mAh/gnmc).
and hence the practical discharge capacity of the cathode and the re-
maining active lithium are more or less balanced again.>* In contrast,
the first cycle irreversible capacity of LNMO (~6 mAh/g;nmo) is
much lower than the capacity needed for SEI formation. This leads
to a mismatch between active lithium and practical cathode capacity,
i.e., there is not enough active lithium available to fully discharge the
LNMO cathode during subsequent cycling.

In cells with silicon-based anodes, active lithium losses on the
anode are even higher compared to graphite, as the expansion of the
silicon particles during the first lithiation leads to a continuous ex-
posure of fresh, unpassivated silicon surface.* On this new surface,
electrolyte reduction occurs instantaneously, which reduces the total
lithium reservoir in the cell. Therefore, different ideas to increase the
amount of active lithium in lithium ion full-cells have been suggested,
for example via prelithiation of silicon anodes with metallic lithium.>
Recently, Gabrielli et al.’ successfully used LNMO that had been
chemically overlithiated to compensate for the initial lithium loss in
LNMO/silicon-carbon full cells. Alternatively, Shanmukaraj et al.!”
proposed “sacrificial salts” as an additional source of lithium ions: A
lithium salt is incorporated in the active material/carbon black matrix
of the cathode. During the initial charge, the anion of the sacrificial
salt is oxidized yielding mostly gaseous products, while the corre-
sponding lithium cation is intercalated into the graphite anode; the
gas can then be removed after formation. Lithium oxalate has a high
specific charge capacity of 525 mAh/g (based on Li,C,04 — 2 Lit +
2e” 4+ 2 COy,), but was disregarded as a sacrificial salt for typical 4 V
cell chemistries due to its high oxidation potential around 4.6-4.7 V

*Electrochemical Society Student Member.
**Elcctrochemical Socicty Fellow.
“E-mail: sophie.solchenbach@tum.de

vs. Li/Li*.!"° However, this potential matches well with the charg-
ing plateau of LNMO. Additionally, lithium oxalate releases only
CO, during oxidation, which is considered to improve the interfacial
stability of graphite as well as of lithium metal anodes.''!> Strehle
et al.!% showed that the presence of CO; can suppress the formation
of soluble lithium alkoxides and the follow-up electrolyte transesteri-
fication reactions. CO, can act further as a scavenger for detrimental
trace water and protons.!” Recently, Krause et al.'® demonstrated that
CO,; is also an effective additive for silicon-based cells, increasing
their capacity retention and coulombic efficiency.

In the present study, we use lithium oxalate as a capacity enhancer
in LNMO/graphite and LNMOV/silicon-graphite (SiG) full cells. First,
we investigate the electrochemical oxidation of lithium oxalate and the
resulting gas evolution by online electrochemical mass spectrometry
(OEMS) in order to quantify its decomposition reaction and poten-
tial. As a next step, we test the addition of 2.5 or 5 wt% of lithium
oxalate to LNMO composite electrodes in half cells, which increases
the theoretical capacity of the initial charge by about 10% or 20%,
respectively. To investigate the effect of the increased lithium inven-
tory in full-cells, we cycle LNMO composite electrodes containing
0, 2.5, or 5 wt% lithium oxalate in full-cells against graphite anodes.
We further test LNMO composite electrodes with 0 or 5 wt% lithium
oxalate with silicon-graphite electrodes (SiG, 35 wt% silicon, 45 wt%
graphite) in an electrolyte solution containing fluoroethylene carbon-
ate (FEC). This additive is known to improve the cycling stability
of silicon-based electrodes'®>5 and is commonly employed for cell
chemistries containing silicon. As the LNMO/SiG cells with lithium
oxalate showed less capacity fade and a higher coulombic efficiency
throughout cycling than their counterparts without lithium oxalate,
we investigate the effect of CO, on cycling performance and FEC
consumption in LNMO/SiG cells. Lastly, we discuss the opportuni-
ties and challenges associated with the use of lithium oxalate as a
sacrificial salt in LNMO/graphite and LNMO/SiG cells.

Experimental

Lithium oxalate/carbon black electrode preparation.—2 g Com-
mercial lithium oxalate (99% purity, average particle size ~40 pm,
Alfa Aesar, United States) was ballmilled with zirconia balls
(¥ 3 mm, 30 g) at 400 rpm for 1 h without solvent (dry), then for 1.5 h
in 2 mL N-methyl pyrrolidone (NMP, anhydrous, Sigma-Aldrich,
United States) until an average particle size of 0.2 um was reached.
The particle sizes before and after ballmilling were quantified by
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Table 1. Electrode composition and properties of cathodes and anodes used for LNMOY/Li half-cells and LNMO/graphite and LNMOY/SIG full-cells.
Theoretical capacities for LNMO, lithium oxalate (LO), graphite, and silicon were taken as 146 mAh/g;Nnvo, 525 mAh/gLo, 372 mAh/ggraphite,
and 3579 mAh/gg;. Practical 1%t charge/discharge capacities for LNMO and graphite electrodes were determined at a C-rate of 0.1 h~! in lithium
half-cells, while the practical capacities for SiG electrodes were taken from Ref. 25. For simplicity, all cathode capacities are given per gram of
LNMO, neglecting the weight of lithium oxalate. Mass loadings refer to LNMO for the cathode and graphite or graphite+silicon for the anode.

Areal capacities are based on practical 1% charge/discharge capacities.

Electrode/cell properties Units LNMO + 2.5 wt% LO +5wt% LO graphite SiG
LNMO wt% 90.0 87.80 85.72 - -
Lithium oxalate wt% - 2.44 4.76 - -
Graphite wt% - - - 95.0 45.0
Silicon wt% - - - - 35.0
Carbon black (C65) wt% 5.0 4.88 476 - -
PVDF wt% 5.0 4.88 4.76 5.0 -
Carbon fibers wt% - - - - 9.0
LiPAA wt% - - - - 11.0
Theoretical 1% charge capacity mAh/g 146 161 (146 + 15) 175 (146 + 29) 372 1420
Practical 1% charge capacity mAh/g 145 160 173 353 1466
Practical 1% discharge capacity mAh/g 140 140 140 332 1265
LNMO / lithium half cells

LNMO mass loading mg/cm? 10.8 £0.1 11.2£0.1 13.1+£0.1 - -

1% charge areal capacity mAh/cm? 1.6 £ 0.0 1.8+ 0.0 23400 - -

18 discharge areal capacity mAh/cm? 1.5+£0.0 1.6 £ 0.0 1.8+0.0 - -
LNMO / graphite full-cells

LNMO / graphite mass loading mg/cm? 114+ 04 11.1+0.1 13.14+0.1 6.8+ 09 -

18t charge areal capacity mAh/cm? 1.7£0.1 1.8 £0.0 23+00 24+£03 -

1% discharge areal capacity mAh/cm? 1.6 £0.1 1.5 £0.0 1.8 +0.0 23+£03 -
LNMO / SiG full-cells

LNMO / SiG mass loading mg/cm? 157+ 1.8 11.3£0.1 155+ 1.7 - 1.9+03
1% charge areal capacity mAh/cm? 23+£03 1.8 £0.0 27403 - 28 +04
18 discharge areal capacity mAh/cm? 22+£03 1.6 £0.0 22+£02 - 24+£04

dynamic light scattering (LA-950, Horiba, Japan) with NMP as dis-
persion media. To investigate the oxidation of lithium oxalate and the
associated gas evolution, lithium oxalate/carbon black electrodes were
prepared by mixing 200 mg ballmilled lithium oxalate with 200 mg
Super C65 (Timcal, Imerys, Switzerland) and 3.2 g NMP, and dispers-
ing the mixture with an ultrasonication horn. Polyvinylene difluoride
(PVDEF, Kynar HSV 900, Arkema, France) was dissolved in NMP at
a weight ratio of 1:9, and then 490 mg of this PVDF solution was
added to the lithium oxalate / carbon dispersion, followed by mixing
in a planetary mixer (Thinky mixer, 2000 rpm, 5 min) to create a
homogeneous ink. The resulting ink was coated onto Celgard trilayer
separator foil (polypropylene (PP)-polyethylene (PE)-polypropylene
(PP), C480, Celgard, United States) using a Mayer rod technique
(100 pvm wire thickness), and dried at 50°C for 6 hours. Afterwards,
electrodes with a diameter of 15 mm were punched out, dried under
dynamic vacuum at 95°C for at least 12 h, and then transferred into an
argon-filled glove box (MBraun, Germany) without exposure to air.
The final electrodes had a weight composition of 45:45:10 (lithium
oxalate:carbon:PVDF) and a lithium oxalate loading of 0.4 mg/cm?.

Lithium oxalate/LNMO electrode preparation.—Lithium man-
ganese nickel spinel electrodes (LiMn; sNij 504, LNMO, 0.9 rnZBET/g,
BASF SE, Germany) with 2.5 or 5 wt% lithium oxalate were prepared
by first dispersing C65 carbon and lithium oxalate (1:1 by weight) in
NMP with an ultrasonication horn as described above. LNMO, PVDF
and C65 were added to the dispersion according to the compositional
ratios given in Table I. The compositions were chosen in order to
keep a fixed weight ratio of LNMO:C65:PVDF of 90:5:5 in all elec-
trodes once all lithium oxalate would be oxidized. NMP was added to
yield a solid content of 40%, and the slurry was mixed in a planetary
mixer (2000 rpm, 15 min). LNMO electrodes without lithium oxalate
were prepared by combining LNMO, C65, and PVDF in ratios ac-
cording to Table I (using the same mixing procedure). The slurries
were then coated onto aluminum foil (15 wm, MTI, United states)
using a gap bar (300 jum wet film thickness, ~11-13 mg; ypo/cm?).

To match the higher areal capacities of the SiG electrodes, additional
LNMO coatings with 0 and 5 wt% lithium oxalate were prepared with
a wet film thickness of 450 pm (~14-16 mg; xymo/cm?). For OEMS
measurements with LNMO or LNMO + 5 wt% lithium oxalate elec-
trodes, the corresponding slurries were coated onto perforated alu-
minum foil (Microgrid Al 25, Dexmet, United States; ~25 pum thick-
ness). All LNMO coatings were dried at 50°C for 6 h in a convection
oven. Electrodes with a diameter of 14 mm were punched out and
compressed with 150 MPa, which resulted in electrode thicknesses
~55 wm and ~75 pm, respectively, and a porosity of 35%.

Graphite and silion-graphite (SiG) electrode preparation.—
Graphite electrodes were prepared by mixing graphite (T311, BET
surface area 5 m?/g, SGL Carbon, Germany) and PVDF according to
the ratio given in Table I with NMP in a planetary mixer (2000 rpm,
10 min). The ink (50% solid content) was coated onto copper foil
(MTI, United States) using a 150 jum gap bar and dried at 50°C for
6 h in a convection oven. Silicon-graphite electrodes were prepared
from silicon nanoparticles (~200 nm, Wacker Chemie AG, Germany),
graphite, vapor grown carbon fibers (VCGF-H, Showa Denko, Japan)
and lithium poly(acrylate) (LiPAA, Sigma-Aldrich, Germany) by a
ballmilling routine as described in Wetjen et al.> Graphite and SiG
coatings were punched into 15 mm electrodes. The final loadings and
compositions for all electrodes are given in Table I. Prior to cell as-
sembly, all electrodes were dried under dynamic vacuum at 120°C
for at least 12 h and then transferred into an argon-filled glove box
(MBraun, Germany) without exposure to air.

Cell assembly and cycling.—2032 coin cells were assembled in an
Ar-filled glove box (MBraun, H,0, O, < 0.1 ppm) with LNMO (with
or without lithium oxalate) as cathodes (@ 14 mm) and either graphite
or SiG electrodes as anodes (@ 15 mm). Individual anodes and cath-
odes were paired in a such a way that the anode/cathode areal capacity
balancing for all cells was ~1.2-1.3 (based on their practical 1% dis-
charge capacity, see Table I), in order to accommodate any excess
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lithium from the lithium oxalate oxidation. The electrodes were sepa-
rated by 2 glass fiber separators (Whatman, @ 16 mm) and wetted with
80 L LP57 electrolyte solution (30 wt% ethylene carbonate (EC),
70 wt% ethyl methyl carbonate (EMC), 1 M lithium hexafluorophos-
phate (LiPF), Selectilyte, BASF SE) or 80 pL LP57 + 5 wt% flu-
oroethylene carbonate (FEC, BASF SE). LNMO/graphite cells were
cycled galvanostatically between 3.5-4.8 V at 1C (~1.7 mA/cm?) af-
ter 2 formation cycles at a rate of C/10. LNMO/SiG cells were cycled
galvanostatically between 4.0-4.8 V at C/2 (~1.1 mA/cm?) after 3
formation cycles at a rate of C/10. The lower cutoff voltage of 4.0 V
was chosen, as Si-based cells have shown better cycling stability when
high anode potentials were omitted.?! Note that due to the lower po-
tential of silicon during its first lithiation, the upper cutoff voltage
was set to 4.9 V in the first cycle of the LNMO/SIG cells. For both
cell chemistries, a constant voltage (CV) step was performed with
a current limit of C/20 after each galvanostatic charging step. All
cells were cycled with a battery cycler (Series 4000, Maccor, USA,
coulombic efficiency accuracy ~300 ppm?®) in a climate chamber
(Binder, Germany) at 25°C. Specific capacities and coulombic effi-
ciencies are given as the average of two duplicate cells, whereas error
bars represent the deviation of these cells from the average. Note that
the Maccor coulombic efficiency accuracy is not included in the error
bars, because the focus of this study lies on comparing different cell
configurations and not on an exact estimate of the cells’ lifetime.

On-line electrochemical mass spectrometry (OEMS).—The cell
design of the on-line electrochemical mass spectrometry (OEMS)
system has been described in previous publications.”” To study the
oxidation of lithium oxalate, a lithium oxalate / carbon black electrode
was charged galvanostatically vs. a lithium metal counter electrode
(@ 17 mm, 450 pwm thickness, Rockwood Lithium, United States)
with a nominal rate of C/10 (~0.02 mA/cm?, based on the theoretical
capacity of 525 mAh/g for lithium oxalate). To avoid reactions of
CO, with the lithium anode, a sealed 2-compartment setup®® where
the cathode and anode compartment are separated by an aluminum-
sealed lithium-ion conductive glass ceramics (LICGC, Ohara Corp.,
Japan) was used, with a glass fiber separator soaked with 250 WL LP57
in the lithium anode compartment, and a Celgard trilayer separator
(H2013) soaked with 80 j.LL LP57 in the lithium oxalate/carbon black
cathode compartment, respectively.

OEMS measurements on LNMO/SiG full-cells were performed in
1-compartment OEMS cells (i.e., without barrier between anode and
cathode compartment) using LNMO electrodes (~11.4 mg; xpo/cm?)
without or with 5 wt% lithium oxalate coated onto perforated alu-
minum foil as cathodes in combination with SiG anodes, and us-
ing 150 pL of electrolyte solution (LP57 pure or with 5 wt% FEC)
and two Celgard separators (H2013, @ 28 mm). To eliminate the
effect of the SiG electrode, we also performed an OEMS measure-
ment using the same cathode, separator and electrolyte solution, but a
@ 15 mm delithiated LiFePO, electrode (LFP, 3.5 mAh/cm?, Custom
Cells, Itzehoe) as anode. Prior to the OEMS measurement, the LFP
electrode was cycled once at a rate of C/10 vs. a lithium metal elec-
trode between 2 V and 4 V, and then electrochemically delithiated
to a lithium content of 0.15 by a galvanostatic charge at C/10 with a
capacity cutoff at 3 mAh/cm?. The cell was then disassembled inside
an Ar-filled glove box and the LFP electrode directly transferred to
the OEMS cell. All OEMS experiments were performed in a climate
chamber (Binder, Germany) at 25°C.

FEC quantification by NMR.—The consumption of fluoroethy-
lene carbonate (FEC) during cycling of LNMO/SiG cells with and
without lithium oxalate was investigated by '"F-NMR of the recov-
ered electrolyte solutions from full-cells. To this purpose, LNMO/SiG
full-cells with or without lithium oxalate and LP57 + 5 wt% FEC
were cycled as described above, and carefully disassembled after 50
cycles or 250 cycles. One of the glass fiber separators was removed
and immersed into 700 L deuterated dimethyl sulfoxide (DMSO-d6,
anhydrous, Sigma-Aldrich, USA). The solutions were then filled into
air-tight NMR tubes and ’F-NMR spectra were measured on a Bruker
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Ascend 400 (400 MHz). As the obtained F-NMR spectra show only
peaks that can either be ascribed to PFs~ or FEC, and assuming that
changes in the PFs~ concentration in the electrolyte solution during
cycling are negligible, the PF¢~ anion can be used as an internal
standard.?? The amount of FEC remaining in the electrolyte solution
can thus be determined by the ratio of PFs~ and FEC peak integrals.
A more detailed description of this method can be found in a recent
publication by Jung et al.?

Results

Electrochemical characterization of lithium oxalate/carbon and
lithium oxalate/LNMO electrodes.—To investigate the electrochem-
ical oxidation of lithium oxalate within the potential window of an
LNMO cathode, we first tried to understand the electrochemical ox-
idation of lithium oxalate by itself, i.e., in the absence of any active
material. Therefore, we fabricated model electrodes that contain only
lithium oxalate in a conductive carbon matrix, similar to the ones used
by Meini et al.,”>** who studied the anodic decomposition of lithium
salts (Li,O,, Li,COs3, LiOH, and Li,0). Figure la shows the potential
during the galvanostatic charge of an electrode consisting of 45 wt%
sub-micron lithium oxalate, 45 wt% carbon black and 10 wt% binder,
with a nominal rate of C/10 (based on its theoretical decomposition
capacity of 525 mAh/g, o; see reaction 1 below). The potential pro-
file shows a flat plateau around 4.7 V vs. Li/Li* until ~90% of the
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Figure 1. a) Potential vs. specific capacity during the oxidation of a lithium
oxalate/carbon electrode with a nominal rate of C/10 in LP57 (EC:EMC 3:7 by
weight, 1 M LiPFg) at 25°C. The black dashed vertical line corresponds to the
theoretical specific oxidation capacity of lithium oxalate (525 mAh/g o: see
reaction 1). b) Gas evolution during the electrochemical oxidation of lithium
oxalate either normalized to the mass of lithium oxalate (left y-axis) or ref-
erenced to the theoretical amount predicted by reaction 1 (right y-axis). The
gray dashed line marks the theoretically expected 1e=/CO; slope.
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theoretical capacity (~470 mAh/g; ) is reached, from which point
on the potential rises continuously. The concomitant gas evolution,
as measured by on-line electrochemical mass spectrometry (OEMS)
during this first charge, is shown Figure 1b. Here it is important to
note that this experiment was conducted in a sealed 2-compartment
cell,?® so that there are no contributions to the measured gas evolution
from the lithium metal counter electrode nor any consumption of the
gas evolved at the working electrode by the lithium metal electrode.
During charge, a linear increase of the CO, (m/z = 44) concentration
in the cell headspace is observed (pink line in Figure 1b), indicating
a constant gas evolution of CO,. Carbon monoxide (m/z = 28, green
line) and particularly oxygen (m/z = 32, blue line) are only detected
in negligible trace amounts throughout the entire measurement. The
slope of the CO, evolution vs. charge during the bulk oxidation of
lithium oxalate is close to the 1 e7/CO, line (gray dashed line in
Figure 1b), suggesting a 1-electron process. As the CO, evolution
from electrolyte oxidation is negligible at potentials < 5 V vs. Li/Li*™
on a carbon black electrode at room temperature,*! we can attribute
the CO, evolution entirely to the oxidation of lithium oxalate. Once
the theoretical charging capacity of Li,C,0, has been reached (black
dashed line in Figure 1), the CO; evolution slows down. This indicates
that lithium oxalate is quantitatively oxidized around 4.7 V vs. Li/Li*
according to reaction 1:%2

Li,C,04 — 2Li" 4 2e~ 4+ 2CO, 1

The slight deviation downwards from the 1 e~/CO, line can be
explained by two effects: i) the lithium oxalate used here contains
about 1% Li,CO3 as impurity, whose oxidation also gives CO,, butin
a > 2 e~/CO, process;” and ii) about 2.5% of the total CO, remain
dissolved in the electrolyte solution and are thus not detectable by
OEMS (for details see Discussion section of this paper).

The oxidation potential of 4.7 V vs. Li/Li* for lithium oxalate lies
well within the plateaus of the Ni>*/Ni** and Ni**/Ni** redox cou-
ple of high-voltage lithium nickel manganese spinel (LiNiysMn; 5O,
LNMO) at 4.7 V and 4.75 V vs. Li/Li*, respectively.? In the fol-
lowing, we explore the use of lithium oxalate as a sacrificial salt
in combination with LNMO cathodes. Figure 2a shows the first
charge/discharge profile of a LNMO cathode vs. Li at C/10 with
0 wt% (black line), 2.5 wt% (purple line) or 5 wt% lithium oxalate
(pink line) added to the cathode slurry during electrode fabrication.
The ratios of LNMO to binder and conductive carbon were kept con-
stant in all electrode compositions (see Table I). During charge, the
LNMO cathode without lithium oxalate (black lines in Figure 2a)
can be delithiated to a capacity of 145 mAh/g; nmo, Which is essen-
tially identical with the theoretical capacity of 146 mAh/g xmo (black
dashed line in Figure 2). LNMO cathodes with 2.5 wt% lithium oxalate
(purple lines in Figure 2a) deliver ~160 mAh/g; nmo charge capacity,
which also comes close to the theoretically expected 161 mAh/g nmo
for these electrodes based on the combined capacity of LNMO and
lithium oxalate (see Table I and purple dashed line in Figure 2). Ac-
cordingly, the charge capacity of the cathode with 5% lithium oxalate
(pink lines in Figure 2) is about 173 mAh/g;xmo (theoretical capac-
ity: 175 mAh/g xmo, see pink dashed line). Note that all capacities
are given per gram of LNMO, neglecting the weight of the lithium
oxalate, as the latter is virtually completely oxidized to CO, and
Li*-ions during the first charge. Considering the potential profiles, one
can see that the transition between the Ni**/Ni** and the Ni**/Ni**
plateaus is gradually shifted toward higher specific capacities with
increasing lithium oxalate content. This indicates that a large frac-
tion (but not all) of the lithium oxalate is already oxidized during the
Ni>*/Ni** plateau. The subsequent discharge is equally long for all
three electrode compositions, i.c., amounting to the same first dis-
charge capacity of 140 mAh/g nmo (see Table I). Furthermore, the
charge/discharge capacities as well as the potential profiles of the sec-
ond cycle at C/10 are identical for the three different compositions
(see Figure 2b). Theoretically, the oxidation of all lithium oxalate
will increase the LNMO electrode porosity from ~35% to ~38% or
~40% for electrodes containing 2.5 wt% or 5 wt% lithium oxalate,
respectively. However, based on the capacities and potential profiles
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Figure 2. a) First charge/discharge and b) second charge/discharge of LNMO
electrodes with 0 wt% (black line), 2.5 wt% (purple line) and 5 wt% (pink line)
lithium oxalate in the composite cathode vs. Li metal in LP57 at a rate of C/10
between 3.5-4.9 V at 25°C. The dashed lines mark the respective theoretical
first charge capacities listed in Table I. For LNMO loadings, see Table 1.

obtained during the second cycle (see Figure 2b), we can conclude
that the effect of this porosity change is only minor, and the oxidation
of lithium oxalate within the cathode has not altered the subsequent
electrochemical behavior.

The effect of lithium oxalate in LNMO/graphite full cells.—In the
above shown LNMOY/Li half-cells, the anode consisted of a massive
lithium reservoir, meaning that at least with regards to the availability
of active lithium, the LNMO cathode could be fully relithiated in all
cases. However, in full-cells with a graphite anode, the amount of
active lithium in the cell is limited, and the relithiation capacity of the
cathode depends on the amount of lithium still available, i.e., lithium
that has not been consumed for SEI formation. Therefore, we expect
higher discharge capacities for cathode compositions that have shown
higher capacities in their first charge in LNMO/graphite cells, i.e., for
those cells which have a higher lithium oxalate content in the cath-
ode. Figure 3a shows the discharge capacities (closed symbols) and
1** cycle charge capacities (open symbols) for LNMO/graphite full-
cells with different lithium oxalate contents (0, 2.5, and 5 wt%) in the
LNMO cathode for two formation cycles at C/10 and further cycling
at 1C (all at 25°C). The areal capacity of the graphite anodes was kept
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Figure 3. a) Specific discharge (closed symbols) and 1%t cycle specific charge
(open symbols) capacities, b) coulombic efficiencies and ¢) charge end point
slippage of LNMO/graphite cells with 0 wt% (black squares), 2.5 wt% (dark
blue triangles) and 5 wt% (light blue circles) lithium oxalate in the cathode
composite during cycling in LP57 at 1C between 3.5-4.8 V and 25°C. The
first two cycles were performed at C/10. All symbols represent the average
of two replicate cells, whereas error bars represent the deviation between the
replicates. The LNMO and graphite loadings are given in Table 1.

constant in order to have a comparable first cycle irreversible capac-
ity for all cells. Similar to the LNMOY/Li half cells, the first charge
capacity is 146 mAh/gixmo, 159 mAh/giamo, and 173 mAh/gixvo
for cells with 0, 2.5, and 5 wt% lithium oxalate in the cathode (closed
symbols in Figure 3a). The discharge capacity is now however differ-
ent for the three compositions: while the cells without lithium oxalate
reach a first cycle discharge capacity of 125 mAh/g;nwvo. the cells
with 2.5 wt% lithium oxalate have a first cycle discharge capacity of
138 mAh/g; nmo», which means that the first irreversible capacity of
these different cells is in both cases ~21 mAh/g; xmo. The cells with
5 wt% lithium oxalate have a first cycle discharge capacity of around
139 mAbh/g; nmo. Assuming a similar irreversible capacity as for the
cells with 0 wt% and 2.5 wt% lithium oxalate, one would expect a
discharge capacity of around 152 mAh/ g nmo; however, this is above
the practical reversible capacity of LNMO of 140 mAh/g (as shown in
Figure 2). The additional lithium (corresponding to ~12 mAh/gixmo)
thus remains as a reservoir in the graphite anode.

During the subsequent cycles at 1C, the difference in discharge
capacity between the three different cathode compositions is retained
up to 300 cycles. Interestingly, the cells with lithium oxalate also
show better capacity retention: While cells without lithium oxalate
drop about 19% in capacity between cycle 3 (i.e., the first cycle at 1C)
and cycle 300, the cells with 2.5 and 5 wt% lithium oxalate lose only
about 12% and 8% capacity, respectively. These cells also show anim-
proved average coulombic efficiency between cycles 3—-300 of 99.88%
(2.5 wt% lithium oxalate) and 99.92% (5 wt% lithium oxalate), com-
pared to 99.81% for cells without lithium oxalate (see Figure 3b). This
phenomenon could be explained by i) the additional lithium reservoir
and its effect on the graphite potential at the end of discharge, and/or,
ii) by the effect of CO, as an SEI-forming additive. In the cells with
5 wt% lithium oxalate, some lithium remains in the graphite after
formation. Hu et al.* have shown that LNMO/graphite cells show
an improved cycling behavior as long as the cells contain an excess
of active lithium (added in their case as metallic lithium or by ex-
situ pre-lithiation of the graphite anode). However, the amount of
additional lithium in our case is much lower compared to Hu et al.*
(~10% vs. ~100% of the initial LNMO capacity) and should there-
fore only affect the very first cycles (i.e., until the additional capacity
of ~12 mAh/g has been consumed). Still, if lithium is remaining in
the graphite anode at the end of a discharge, the maximum graphite
potential is lower compared to cells with less or without lithium ox-
alate. It has been shown that enhanced gas evolution related to SEI
damage can occur when graphite is polarized to high potentials (>1.2
V vs. Li/LiT).% Although a precise determination of the anode po-
tential without a reference electrode is hardly possible, we can use
following approximation: If we assume a maximum potential of 4.7
V vs. Li/Li* for LNMO at the end of discharge and consider that the
difference between cathode and anode potential has to be at least 3.5
V (which is our lower cutoff penalty), the graphite potential is limited
to a maximum of 1.2 V vs. Li/Li*; hence, SEI damage should be
avoided. Furthermore, the observed improvements in cycling stability
of cells with 2.5 wt% lithium oxalate cannot be explained by different
maximum potentials for graphite, as in this case, no lithium is re-
maining in the graphite and the upper cutoff potential during graphite
delithiation should be very similar to cells without lithium oxalate.

Consequently, this brings us back to the effect of CO, as an SEI
additive. In general, SEI instability and the consequent active lithium
loss is regarded as a major fading mechanism in LNMO/graphite
cells.>*3¢ Pritzl et al.”’ recently showed that the cycling stability of
LNMO/graphite cells can be improved by very small amounts of VC,
an effective SEI former; however, if the amount of VC gets too large,
the competitive oxidation of VC on LNMO counteracts its beneficial
effect on the anode.’’® CO, has long been known to improve SEI
properties on both lithium metal'*!> and graphite.'>!** Xiong et al.
found that almost all CO, generated on the cathode can be consumed
on the graphite anode in commercial-scale NMC422/graphite full-
cells, given that no other strong SEI-forming additives are present.*
Krause et al. showed that CO, can have a similar effect on the cy-
cling stability of graphite electrodes in EC-free electrolyte solutions as
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VC.'® Recently, our group demonstrated that CO, can stop the trans-
esterification reactions occurring from alkoxides generated through
the reduction of linear carbonates.'® Furthermore, the CO,~ radical
from the reduction of CO, on graphite can actas an H,O/H* scavenger,
yielding lithium formate and lithium carbonate as SEI products.'’
As protons are a possible product of electrolyte oxidation,?® this ef-
fect would be especially relevant for high-voltage lithium ion cell
chemistries like the LNMO/graphite system.

Sloop et al.*' suggested that the reduction of CO, could lead to
lithium oxalate formation at the anode, which could dissolve and be
re-oxidized at the cathode, generating a shuttling current followed by
self-discharge. To assess whether the presence of CO, indeed leads to
enhanced side reactions, we calculated the charge end point slippage
(the cumulative irreversible charge capacity, i.e., the charge capacity
of each cycle subtracted by the previous discharge, summed up over all
cycles), which is an indicator for oxidative or shuttling side reactions.*?
The charge end point slippage for LNMO/graphite cells with 0, 2.5,
or 5 wt% lithium oxalate is shown in Figure 3c. As a CO,/oxalate
shuttle mechanism would contribute to the charge capacity but not the
discharge capacity, cells with lithium oxalate should show a higher
charge end point slippage compared to cells which do not contain
lithium oxalate or CO,. However, it becomes clear from Figure 3¢
that the charge end point slippage for cells with lithium oxalate is
lower compared to cells without lithium oxalate. Hence, under the
present conditions, the CO,/oxalate shuttle effect is either negligible
or nonexistent and does not contribute to the side reactions in the cell.
This is in agreement with Xiong et al.,*** who showed that there is no
re-generation of CO, from a lithium oxalate/CO, shuttle detectable in
NMC422/graphite cells.

The effect of lithium oxalate in LNMO/SiG full cells.—The use
of a sacrificial salt to compensate for SEI losses is even more relevant
if LNMO cathodes are combined with silicon or silicon/graphite an-
odes, which typically have much higher SEI losses due to i) the high
specific surface area of the nanometer-sized silicon particles, and, ii)
the expansion of the silicon particles during their lithiation, creating
fresh surface area in every cycle that triggers further SEI growth.
Hence, we investigate the use of lithium oxalate as capacity enhancer
in combination with silicon/graphite (SiG) electrodes containing
35 wt% nano-Si and 45 wt% graphite. These electrodes, which have
been investigated in more detail in a previous study by our group,?
show a typical first cycle coulombic efficiency of ~85%. Therefore,
we combine them with LNMO cathodes containing 5 wt% lithium
oxalate, as the amount of lithium oxalate in these electrodes should
largely compensate the irreversible loss during the first cycle. As
electrolyte solution, we use LP57 + 5 wt% fluoroethylene carbonate
(FEC), as this additive is known to improve the capacity retention of
silicon-based electrodes.'”% The capacity retention and the coulom-
bic efficiency of the LNMO/SiG cells with 5 wt% (green symbols)
and without lithium oxalate (black symbols) in the cathode are shown
in Figures 4a and 4b, respectively. The first charge capacities are
145 mAh/g; nmo for cells without lithium oxalate and 173 mAh/g; nmo
for cells with 5 wt% lithium oxalate (open symbols), similar to the
corresponding cells with graphite anodes. The first discharge capac-
ities of 128 mAh/gnmo for cells with 5 wt% lithium oxalate and
109 mAh/g nmo Without lithium oxalate are however lower compared
to the corresponding LNMO/graphite cells. This was expected due
to the higher irreversible capacity of the SiG anodes. It is to note
that the first cycle irreversible capacity of cells with 5% lithium ox-
alate is slightly higher compared to the cells without lithium oxalate
(45 mAh/ginmo vs. 36 mAh/g; nwvo); this effect can be explained as
the 20% larger charge capacity results in a ~17% higher degree of
lithiation (considering the balancing factor of ~1.3) The stronger ex-
pansion of the silicon particles creates more fresh surface and requires
a higher irreversible capacity to passivate the selfsame.

During cycling, all SiG-based cells show a much stronger capacity
fade compared to the LNMO/graphite cells (Figure 3). Yet, also for the
LNMOY/SiG system, the cells with lithium oxalate show a more stable
cycling behavior and a higher coulombic efficiency compared to their
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Figure 4. a) Specific discharge (closed symbols) and 1% cycle charge (open
symbols) capacities and b) coulombic efficiencies of LNMO/SiG cells with
0 wt% (black and gray squares) or 5 wt% (green and orange circles) lithium
oxalate in the cathode matrix during cycling in LP57 + 5 wt% FEC at C/2 and
25°C between 4.0—4.8 V. The first three cycles were performed at C/10. Cells
represented by black and green symbols (“not opened”) were then cycled at
C/2. Cells represented by gray and orange symbols (“opened after formation™)
were reopened after the third cycle inside an Ar-filled glove box and both
electrodes of each cell were transferred to a new cell with fresh separators and
electrolyte solution. Cycling was then continued at C/2. All symbols represent
the average of two replicate cells, whereas error bars represent the deviation
between the replicates. The LNMO and SiG loadings are given in Table L.

counterparts without lithium oxalate. While this difference was rather
small in the LNMO/graphite cells, in the case of the LNMO/SiG
cells, the average coulombic efficiency is almost 1% point higher
during the first 50 cycles for cells containing 5 wt% lithium oxalate
(black vs. green symbols in Figure 4b). At the same time, the capacity
retention after 250 cycles is ~45% for cells with 5 wt% lithium
oxalate and only ~20% for cells without lithium oxalate (referenced
to the discharge capacity of cycle 4, i.e., the first cycle at C/2). Again,
this effect could be attributed to either the additional lithium, or the
CO, present in the cell. Markevich et al.?! reported that the cycling
stability of silicon is improved if complete delithiation is omitted; and
similar to LNMO/graphite cells, LNMO/Si cells show a stable cycling
performance if a sufficiently large lithium reservoir is available.**
However, in both cell types used here (i.e., LNMO/SIiG with and
without lithium oxalate), the discharge capacity is always at least
20 mAh/g; nmo lower than the maximum relithiation capacity of the
LNMO cathode, which means that the potential of the LNMO cathode
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is still around ~4.7 V when the cells reaches the lower cutoff voltage
(compare the half-cell potentials from Figure 2). As the lower cell
cutoff is limited to 4.0 V, this corresponds to a maximum voltage of
~0.7 V at the anode for both cells, where structural damage due to
complete delithiation is unlikely.

In the LNMO/graphite cells, we have attributed the clearly im-
proved cycling performance of cells with lithium oxalate to the effect
of CO, as an SEI-forming additive. In contrast, in the LNMO/SiG
cells there is already an SEI-forming additive (namely FEC), yet the
differences between cells with and without lithium oxalate are much
more pronounced for SiG anodes. In order to understand whether the
additional lithium or CO, leads to the improved capacity retention,
we repeated the cycling experiments with SiG anodes and LNMO
cathodes containing either O or 5 wt% of lithium oxalate. This time,
however, we stopped the cells after formation (i.e., after the initial 3
cycles at C/10) in the discharged state and disassembled them inside
an Ar-filled glove box. The electrodes were then reassembled in new
coin cells with fresh electrolyte solution and separators. In this way,
all CO, was removed from the void space in the cell body and from
the electrolyte solution, while the amount of active lithium was not
altered. The gray and orange symbols in Figure 4 show the capacity
retention and coulombic efficiency of these reassembled cells. The
capacities of the first three cycles of both cell types look identical to
Figure 4, as expected. After reassembly, the performance of the cells
without lithium oxalate (gray symbols in Figure 4a) is slightly worse
than the same cells which had not been opened (black symbols in
Figure 4a), which can be attributed to a partial re-dissolution of the
SEI in the fresh electrolyte solution. The minor differences however
indicate that the reassembly procedure did not alter the cell perfor-
mance substantially. The cells with lithium oxalate (orange symbols in
Figure 4a) show the same discharge capacity directly after reassembly
as before the reopening procedure, which also indicates that they were
not damaged during the reassembly. However, from cycle 20 onwards,
these cells show a much stronger capacity decrease compared to the
cells with lithium oxalate that had not been opened (green symbols in
Figure 4a). From cycle 10 on (i.e., almost directly after the reassem-
bly), the coulombic efficiency of the reassembled cells with lithium
oxalate (orange symbols in Figure 4b) starts to decline, while it is
continuously rising in the cells with lithium oxalate that have not been
opened (green symbols in Figure 4b). Around cycle 50, the coulom-
bic efficiency of the reassembled cells with lithium oxalate (orange
symbols) has reached the level of the cells without lithium oxalate
(black and gray symbols). Apparently, the removal of CO, leads to
an increase in irreversible reactions, which lowers the coulombic ef-
ficiency and depletes the active lithium, ultimately causing a drop in
capacity.

FEC consumption in LNMO/SiG full cells with and without
lithium oxalate.—To understand to which extent CO, participates in
SEI formation when FEC is present, we conducted a post-mortem
analysis of the electrolyte solution of aged LNMO/SiG cells with-
out lithium oxalate and with 5 wt% lithium oxalate after 50 and 250
cycles, quantifying the amount of residual FEC by F-NMR (for
more details see Jung et al.”2). The upper x-axis of Figure 5 shows
the amount of residual FEC found in the electrolyte solution. As
more remaining FEC is found in the cells with lithium oxalate (green
symbols) compared to their counterparts without lithium oxalate that
underwent the same number of cycles (black symbols), it is apparent
that the FEC consumption per cycle for cells containing both FEC
and lithium oxalate is lower. Previous studies have shown that the
amount of consumed FEC correlates linearly with the cumulative ir-
reversible discharge capacity (i.e., the sum of the differences between
discharge and charge capacity over a certain amount of cycles),?
which has recently also been demonstrated for SiG anodes with identi-
cal composition.? Therefore, the cumulative irreversible discharge ca-
pacity for each of the analyzed cells is shown on the y-axis of Figure 5,
while the amount of consumed FEC in jumol is shown on the lower
x-axis. The dashed lines show different e~ /FEC ratios, among them
the empirically found 4 e™/FEC (= 0.107 mAh;,/jxmol) relationship
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Figure 5. Cumulative irreversible discharge capacity vs. remaining FEC (up-
per x-axis) and consumed FEC (lower x-axis) in LNMO/SiG cells with 5 wt%
(green circles) or 0 wt% lithium oxalate (black squares) in the cathode com-
posite during cycling in LP57 + 5 wt% FEC at C/2 and 25°C between
4.0-4.7 V after 50 cycles (open symbols) or 250 cycles (closed symbols).
The two identical symbols represent results from two replicate cells.

observed by Jung et al.”? The offset of the e™/FEC ratios on the y-axis
in Figure 5 can be explained by considering the following: As the
lower cell cutoff potential is restricted to 4.0 V, the potential of the
SiG anode is limited to a maximum of ~0.7 V vs. Li/Li* (assuming a
maximum cathode potential of 4.7 V vs Li/Li*). At this potential, only
about 85% of all lithium is extracted from the SiG electrode during
discharge,” leading to an apparently higher irreversible capacity for
the first cycle, which is however not related to FEC consumption.

It is to note that in contrast to References 22 and 25, in the present
study the silicon-based anode is not the capacity-limiting electrode,
and side reactions occurring at the LNMO cathode may not be negli-
gible, which makes an analysis of the cumulative irreversible capacity
less obvious. Still, the cells without lithium oxalate (black symbols)
lie reasonably close to the previously found 4 e™/FEC linear correla-
tion, which holds also true for the cells with 5 wt% lithium oxalate
after 50 cycles (open green circles). After 250 cycles, however, the
irreversible capacity is about 1 mAh higher (or the FEC consumption
is 10 wmol lower) than the 4 e=/FEC correlation for cells with 5 wt%
lithium oxalate (closed green circles in Figure 5). This indicates that
there is an additional process related to the irreversible discharge ca-
pacity, which does not consume FEC. It is likely that this additional
process is the electrochemical reduction of CO, on the SiG anode, as
this reaction would contribute to the cumulative irreversible capacity,
but not the FEC consumption.

Consumption of carbon dioxide in LNMO/SIG full cells.—To
investigate the consumption of CO, on the SiG anode, we performed
1-compartment OEMS measurements on the first cycle of LNMO/SiG
full-cells. If a significant amount of the CO, from lithium oxalate
oxidation were to be consumed on the SiG anode during this first
formation cycle, the overall CO, evolution should be lower than ex-
pected for the essentially complete lithium oxalate oxidation in the
first cycle. As a benchmark for the maximum CO, evolution that can
be practically achieved from our LNMO/lithium oxalate cathodes, we
also measured a LNMO electrode containing 5 wt% lithium oxalate
vs. an oversized delithiated LFP electrode. Due to the high potential
of the LFP (~3.4 V vs. Li/Li*), we do not expect any reductive con-
sumption of CO, in this system. The yellow line in Figure 6a shows
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Figure 6. a) Potential profile and b) CO, evolution during the first
charge/discharge cycle of an LNMO/SiG cell with 0 wt% lithium oxalate
in LP57 4+ 5 wt% FEC (black lines), an LNMO/SiG cell with 5 wt% lithium
oxalate in LP57 (red lines), an LNMO/SiG cell with 5 wt% lithium oxalate
in LP57 + 5 wt% FEC (green lines), and an LNMO/LFP cell with 5 wt%
lithium oxalate in LP57 (yellow lines). Cycling was done at C/S and 25°C in
a 1-compartment OEMS cell.

the potential profile of an LNMO/LFP cell with 5 wt% lithium ox-
alate (the cell potential was converted to the Li/Li* scale by adding
3.42 V, the equilibrium potential of LFP*'), whereas the yellow line
in Figure 6b shows the corresponding CO, evolution. The first charge
capacity (174 mAh/g; xvo) in the LNMO/LFP + 5 wt% lithium ox-
alate OEMS cell is similar to the capacity achieved in LNMO half
cells containing 5 wt% lithium oxalate vs. lithium (compare Figure
2). The CO; evolution in the LNMO/LFP + 5 wt% lithium oxalate
OEMS cell rises to 1.02 mmol/g; xmo, Which corresponds to ~95%
of the theoretical amount of CO, based on conversion of all lithium
oxalate (see right y-axis in Figure 6b). The deviation from 100% is
likely due to Li,CO3 impurities as well as partial dissolution of CO,
in the electrolyte solution, as discussed previously.

As a next step, we repeated this experiment but replaced the LFP
counter electrode with a SiG anode, while the cathode (LNMO +
5 wt% lithium oxalate) and the electrolyte solution (LP57 + 5 wt%
FEC) remained identical (green lines in Figures 6a and 6b). With
the SiG anode, the total CO, evolution was significantly lowered to
0.83 mmol/g; nmo (~77% of the theoretical CO,). In the absence of
FEC (i.e., in pure LP57), the total CO, evolution of the LNMO/SiG
cells with 5 wt% lithium oxalate (red lines in Figures 6a and 6b) is
further decreased to 0.73 mmol/g; xmo, 1.€., to ~68% of the theoretical
CO,. These results indicate that a significant amount of the practically
available CO, (~19% for cell with LP57 + 5 wt% FEC or ~28% for
cells with LP57) is already reduced in the first cycle of LNMO/SiG
cells. To evaluate whether the apparently lower CO, consumption in
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FEC-containing vs. FEC-free electrolyte solutions may not simply be
due to the additional release of CO, by the reduction of FEC,*?40
we also investigated an LNMO/SiG cell without lithium oxalate in
LP57 + 5 wt% FEC by OEMS (black lines in Figures 6a and 6b).
While a minor extent of CO, is formed in this case, it amounts to only
0.03 mmol/g; nmo, Which is small compared to the ~0.10 mmol/g; xmo
difference between the lithium oxalate containing LNMO/SiG cells
with and without FEC. These observations are consistent with the
findings by Krause et al.,'® who showed that CO, dosed to cells
with silicon anodes gets consumed at the silicon anode, and that its
consumption rate is reduced in the presence of FEC.

In contrast to FEC, where the consumed amount can be easily
determined by "YF-NMR, a quantification of the remaining CO, after
extended cycling is not easily possible from the coin cells used in this
study. However, Krause et al.'® showed that once all added CO, is
consumed, Si alloy-based cells suffer from a severe drop in coulom-
bic efficiency and capacity retention, analogously to what both Jung
et al.”? and Petibon et al.”* demonstrated for the complete consump-
tion of FEC from Si-based cells. Additionally, also the significantly
different coulombic efficiencies from LNMO/SiG cells where CO,
was either left in the cells (green symbols in Figure 4) or purposely
removed (orange symbols in Figure 4) indicate that a drop in coulom-
bic efficiency can be expected at the point where all CO, is depleted.
Therefore, we repeated the cycling experiment from Figure 4 with
LNMO/SiG cells containing different amounts of lithium oxalate
(namely 0, 2.5, and 5 wt%) in pure LP57, i.e., without FEC in the
electrolyte solution. Furthermore, with this experiment we investi-
gate the effectiveness of CO, by itself as an SEI-forming additive
for silicon-based anodes. Figure 7 shows the capacity retention for
LNMOY/SIG cells with LP57 and 0, 2.5, and 5 wt% lithium oxalate in
the LNMO cathode. The initial charge/discharge capacities for cells
with 0 wt% and 5 wt% lithium oxalate are similar to the cells with the
same electrodes in FEC-containing electrolyte solution (see Figure 4),
namely 145/110 mAh/g; nvo and 173/123 mAh/g; nmo, respectively,
whereas the first cycle charge/discharge capacity of cells with 2.5 wt%
lithium oxalate lies in between these two (160/112 mAh/g; nmo). Dur-
ing cycling, the cells with 0 wt% lithium oxalate decline dramatically
in capacity, while their coulombic efficiency drops to <90% (black
symbols). After 100 cycles, there is essentially zero capacity left in
these cells. Comparing the cells without lithium oxalate (i.e., with-
out CO,) from Figure 4 and Figure 7 (both black symbols), once
again illustrates how important SEI-forming additives like FEC are
for silicon-based anodes to achieve a minimum of stable cycling.

The LNMO/SIG cells with pure LP57 and 5 wt% lithium
oxalate (red spheres in Figure 7), however, show initially a
much improved cycling stability and a coulombic efficiency of
around 99.5%, which is much higher than the ~98.5% of the
cells with FEC but without lithium oxalate (i.c., without CO,;
black symbols in Figure 4) and essentially identical with that of
the cells with FEC and 5 wt% lithium oxalate (i.e., with CO,;
green symbols in Figure 4). This comparison clearly demon-
strates that CO, forms an even more effective SEI than FEC. The
cells with 2.5 wt% lithium oxalate (brown triangles in Figure 7)
show a ~9 mAbh/g lower capacity compared to their counterparts
with 5 wt% lithium oxalate, which we ascribe to the lower amount
of additionally available active lithium in the former. However, their
coulombic efficiencies in the first tens of cycles are essentially identi-
cal due to the presence of CO,. Around cycle 36 and 89, respectively,
the cells with 2.5 wt% and 5 wt% lithium oxalate show a distinct
decline in coulombic efficiency from ~99.5% to ~94% (for cells
with 2.5 wt% lithium oxalate) or 97% (for cells with 5 wt% lithium
oxalate), which in both cases is followed by a rapid decay in capacity.

In analogy to the rapid capacity fade and coulombic efficiency
loss which was observed for silicon electrodes in FEC containing
electrolye (without CO,) once all FEC was being consumed,’>** and
the observations made by Krause et al.,' it is very likely that it is
the complete consumption of CO, which leads to the onset of the
decline in coulombic efficiency around cycle 36 and 89 in cells with
lithium oxalate (i.e., with CO,) in the FEC-free electrolyte solution
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Figure 7. Specific charge (closed symbols) and discharge (open symbols) ca-
pacities (upper panel) and coulombic efficiencies (lower panel) of LNMO/SiC
cells with 0 wt% (black squares), 2.5 wt% (brown triangles), and 5 wt% (red
circles) lithium oxalate in the cathode composite during cycling in pure LP57
at C/2 and 25°C between 4.0-4.8 V. The first three cycles were performed
at C/10. All symbols represent the average of two replicate cells, whereas
error bars represent the deviation between the replicates. The LNMO and SiG
loadings are given in Table I.

(see Figure 7). Under this assumption, we can examine whether there
is a similar correlation between consumed CO, and cumulative irre-
versible capacity as we had done for FEC-containing electrolyte so-
lution (see Figure 5), by taking the cumulative irreversible discharge
capacity after cycle 36 (for cells with 2.5 wt% lithium oxalate) and
cycle 89 (for cells with 5 wt% lithium oxalate) and the total theoretical
amount of CO, that was available from lithium oxalate oxidation (see
reaction 1) in these cells. Note that due to the ~30% lower loading
of the LNMO electrodes with 2.5 wt% lithium oxalate (see Table I),
the total theoretical amount of CO, in these cells is not 50% of the
amount in the cells with 5 wt% lithium oxalate, but somewhat lower.
The resulting correlation is shown in Figure 8; interestingly, the points
lie close to a 2 e~/CO; linear slope, whereas the often assumed reduc-
tion of CO, to carbonate and CO (acc. to: 2 CO, 4+ 2 ¢” — CO3>~ +
CO)** as well as the reduction of CO, to oxalate (acc. to: 2 CO, +
2e — C,0472)*=! both would correspond to 1 e~/CO,. Apparently,
a more complex reduction mechanism is taking place. One possi-
ble pathway is the formation of formate anions from CO, and protic
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Figure 8. Cumulative irreversible discharge capacity vs. consumed CO; in
LNMOY/SIG cells with 5 wt% (red circles) or 2.5 wt% lithium oxalate (brown
triangles) in the cathode composite during cycling in LP57 at C/2 and 25°C
between 4.0-4.7 V after 36 cycles (2.5 wt% lithium oxalate) or 89 cycles (5
wt% lithium oxalate). These data are derived from Figure 7.

species (i.e., protons from trace HF or electrolyte oxidation products),
which would correspond to a total of 2 e~/CO, (acc. to: CO, + 2 ¢ +
H* — HCOO").*’*! Furthermore, it may be possible that a fraction
of the cumulative irreversible capacity is related to decomposition
reactions of the electrolyte solvent. A more detailed analysis of the
possible reduction reactions of CO, on lithium ion battery anodes is
currently under investigation.'”

In the LNMO/SIG cells with pure LP57 and 5 wt% lithium oxalate
(red spheres in Figure 7) as well as in the reassembled LNMO/SiG
cells with 5 wt% lithium oxalate, i.e., after the removal of CO, (or-
ange spheres in Figure 4), we have observed a rapid drop in coulombic
efficiency (to a less pronounced degree also in capacity) at the point
where no CO, was left. However, such a coulombic efficiency drop is
not observable for the cells with 5 wt% lithium oxalate with LP57 +
5 wt% FEC (green spheres in Figure 4). To our current understanding,
this would indicate that CO, has not been completely consumed in
these cells even after 250 cycles. To estimate the amount of remain-
ing CO, in these cells, we again consider the irreversible capacity
vs. FEC consumption relationship shown in Figure 5. As previously
discussed, the irreversible capacity for the cells with 5 wt% lithium
oxalate is higher compared to the experimentally found 4 e~/FEC
(= 0.107 mAh/jumolgrc) line (green circles in Figure 5). If we as-
sume that this additional irreversible capacity (~1 mAh) is associated
with the reduction of CO,, we can use the empirically found correla-
tion of 2 e~/CO, (= 0.0536 mAh/pmolcp,) from Figure 8 to estimate
that ~18.6 pmol of CO, have been consumed after 250 cycles. The
fact that this amount is still lower than the available amount of CO,
(28.2 umol) suggests that CO; is still remaining in these cells after
250 cycles, which would explain why no rapid coulombic efficiency
drop has occurred until this point for the cells with 5 wt% lithium
oxalate in FEC-containing electrolyte solution (green circles in Fig-
ure 4). For the same cells after 50 cycles, the irreversible capacity lies
close to the 4 e /FEC line, which means that an assessment of the
CO, consumption through the irreversible capacity cannot be under-
taken. We believe that due to both the low consumption of FEC after
50 cycles as well as the low irreversible capacity, a definitive correla-
tion cannot be made. Nevertheless, it is possible that a fraction of the
irreversible capacity is used for the reduction of CO,; the large differ-
ences in coulombic efficiency between cells with and without lithium
oxalate (see Figure 4) as well as the results from OEMS measurements
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(see Figure 6) suggest that CO, is modifying the SEI already during
early cycles.

Discussion

Implications for the deliverable capacity of LNMO / SiG cells.—
Besides the continuous loss of active lithium, the lifetime of cells
with Si-based anodes is largely dependent on the amount of SEI-
forming additives available.!®?>2*25 The experiments in the present
study have shown that LNMO/SiG cells with lithium oxalate show
a better capacity retention and coulombic efficiency compared to
their counterparts without lithium oxalate even in the presence of
FEC, and that the co-reduction of CO, and FEC occurs simulta-
neously. However, the question remains how “efficient” the combi-
nation of FEC and CO, is in terms of additive consumption and
active lithium loss. To elucidate this, Figure 9a shows the cumula-
tive delivered discharge capacity, i.e., the sum of discharge capacities
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Figure 9. Cumulative delivered discharge capacity a) per cumulative irre-
versible discharge capacity. and. b) per pmol of additives (FEC4+CO,) for
LNMOYSiG cells without lithium oxalate and LP57 + 5 wt% FEC (gray bars).
cells with 5 wt% lithium oxalate and LP57 + 5 wt% FEC (green bars), and
cells with 2.5 or 5 wt% lithium oxalate and LP57 (red bars). The solid bars
represent the delivered capacity after 50 (36 for cells without FEC) cycles.
while the dashed bars represent the delivered capacity after 250 (89 for cells
without FEC) cycles. Bars represent the average result from two replicate cells,
whereas error bars represent the deviation between the replicates.

over all cycles up to a certain point, per cumulative irreversible dis-
charge capacity for cells with only FEC (gray bars), only CO, (red
bars) or both additives (green bars). While for cells containing FEC,
the data after 50 and 250 cycles (gray solid and dashed bars) are
shown, we plotted the data from cycle 36 and 89 for cells with-
out FEC and only CO,, as these are the cycles for which there is
strong evidence that all CO, has been consumed. Comparing only
FEC- or only CO,-containing cells (gray and red bars in Figure 9a)
, it becomes clear that CO, improves the delivered capacity per irre-
versible capacity. The largest impact, however, has the combination
of FEC and CO, (green bars in Figure 9a), which leads to a doubling
of the delivered capacity per irreversible capacity after 50 and 250
cycles compared to FEC by itself.

Figure 9b shows the cumulative delivered discharge capacity per
jwmol of consumed additive (i.e., the sum of CO, and FEC), for the
same points as in Figure 9a. To estimate the amount of CO, con-
sumed in the LNMO/SiG cells with both lithium oxalate and FEC,
we used the above described approximation based on the additional
irreversible capacity. From Figure 9b, it is apparent that the combi-
nation of CO, and FEC (green bars) in LNMO/SiG cells leads to an
improved additive efficiency (i.e., delivered capacity per mol of ad-
ditive) compared to the use of single additives (gray and red bars).
This effect is especially pronounced during the early stage of cycling
(<50 cycles), where the additive efficiency for cells with lithium ox-
alate and FEC is more than two times higher compared to the cells
with only FEC (13.1 mAh/pmol vs 5.9 mAh/jumol, respectively).
Interestingly, the additive efficiency of only FEC cells (gray bars) is
similar to only CO, cells (red bars), whereas the delivered capacity
per irreversible capacity is clearly lower for cells containing only FEC
than for only CO; cells (gray and red bars in Figure 9a). However,
this agrees with the lower number of electrons required for the re-
duction of CO; in contrast to FEC (compare Figure 5 and Figure 8).
For all cells, the additive efficiency grows for a higher number of
cycles, which fits well to the observation that coulombic efficiencies
also tend to increase during cycling as long as FEC and/or CO, have
not been consumed (see Figure 4 and Figure 7 as well as Reference
25). In the case of graphite anodes (see Figure 3), this is related to
the formation of a gradually more passivating and thicker SEI; in the
case of silicon anodes, the additional effect leading to an improvement
of the coulombic efficiency is the fact that as the capacity fades, the
state-of-charge change per cycle becomes lower, which causes less
volume expansion/contraction and thus less and less SEI rupture.

Implications for the energy density of LNMO/graphite cells.—
To consider the effect of lithium oxalate on commercial-scale cells,
we take a step back to the LNMO/graphite cells that were shown
in Figure 3. Figure 10 shows the specific energy density (using the
charge-averaged discharge voltage) during cycle 5 and cycle 300 of
the LNMO/graphite cells with different amounts of lithium oxalate
from Figure 3 at 1C discharge. The addition of 2.5 wt% lithium
oxalate increases the initial (5" cycle) cathode specific energy density
from 555 Wh/kginmo to 600 Whikginmo: the addition of 5 wt%
lithium oxalate does not improve the energy density much further in
the 5" cycle (to 615 Wh/kg; numo). These values are ~5-10% lower
than the energy density of NMC622/graphite cells cycled at the same
conditions to 4.4 V, the highest possible cutoff potential which still
shows stable performance.’®> After 300 cycles, the cathode specific
energy density of the LNMO/graphite cells without lithium oxalate
drops to 453 Wh/kginmo (=82% energy density retention), while
~16% higher specific energies of 527 Wh/kginmo (=88% energy
density retention) are observed for cells with 2.5 wt% lithium oxalate;
at the higher level of 5 wt% lithium oxalate, the specific energies of
555 Whikg; nmo are ~23% higher than without oxalate and the energy
density retention is 90%. These energy retentions are very comparable
to that of the above mentioned NMC622/graphite cells.”> While the
lithium oxalate containing LNMO/graphite cells do have a ~5-10%
lower energy density, they are an interesting option for cobalt-free
lithium ion battery cells, which may become critical in the future due
to the rising cost and geographic concentration of cobalt.”5*
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Figure 10. Cathode specific energy density during 1 C discharge of
LNMO/graphite cells with 0 wt% (black bars), 2.5 wt% (dark blue bars),
and 5 wt% lithium oxalate (light blue bars) at cycle 5 (solid bars) and cycle
300 (dashed bars) at 25" C. Bars represent the average result from two replicate
cells, whereas error bars represent the deviation between the replicates. The
data are based on Figure 3.

Assuming all electrodes used here have the same initial poros-
ity of 35%, the specific volume of electrode (including voids) per
gram LNMO increases from 0.44 cm’/gixmo to 0.46 cm’/gnmo
or 0.48 cm’/g;xmo by adding 2.5 wt% or 5 wt% lithium oxalate,
respectively (calculated from electrode compositions given in Table I
and bulk densities of 4.4 g/cm?® for LNMO, 1.8 g/cm® for PVDF,
2.2 g/cm’® for C65 and 2.1 g/cm? for lithium oxalate).® Accordingly,
the oxidation of lithium oxalate leads to a porosity increase from 35%
to 38% in the electrodes with 2.5 wt% and to 40% in the electrodes
with 5 wt% lithium oxalate. The resulting volumetric energy density,
here defined as energy per entire electrode volume including voids,
is around 1272 Wh/Lgjecirode at cycle 5 for cells without lithium ox-
alate and rises about 3% to 1315 Wh/Ljccrode for cells containing
2.5 wt% lithium oxalate. Cells with 5 wt% lithium oxalate deliver
only 1291 Wh/Lgjecirode at cycle 5, as the higher porosity now counter-
acts the slight increase in gravimetric energy density. This effect can
be avoided if electrodes with lithium oxalate are calendered to initial
porosities of 32% (2.5 wt% lithium oxalate) or 30% (5 wt% lithium
oxalate). In this way, the porosity reaches 35% after lithium oxalate
oxidation for all electrodes, and the resulting volumetric energy densi-
ties at cycle 5 for electrodes containing 0, 2.5 or 5 wt% lithium oxalate
are 1272 Wh/Lejecirodes 1376 Wh/Leieerrode OF 1412 Wh/Ljecirode -

Gas evolution in large-format cells.—As for LNMO/graphite
cells, the use of more than 2.5 wt% lithium oxalate shows the biggest
improvement factor and perhaps is the best compromise between the
amount of electrode additive and specific energy retention. Therefore,
the following considerations are all based on electrodes containing
2.5 wt% lithium oxalate. The CO, evolution from the oxidation of
lithium oxalate during formation could be an issue in commercial-
scale cells due to swelling (in pouch cells) or pressure buildup (in
hard-case cells). This is largely related to the fact that in commercial-
scale cells, the ratio of active materials to electrolyte solution and
void volume is typically ~10 times higher compared to the lab-scale
cells used here.’’® Strehle et al.'® recently showed that under these
conditions, the majority of CO, released from VC reduction would
remain dissolved in the electrolyte solution instead of being released
into the gas headspace of the cell. This is illustrated by first estimating
the amount of dissolved CO, by Henry’s law 2:

PCOy(gas) NCo, (el
Ky Ve CeiHnco, el

[2]
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Table II. Expected pressure buildup for coin or 18650 cells or
volume expansion for pouch cells as well as the fraction of CO,
dissolved in the electrolyte solution for a cathode electrode with
2.5 wt% lithium oxalate at room temperature (25°C) and a
surrounding pressure of 1 bar. Note that CO, consumption at the
anode is not taken into account here.

2023 coin pouch 18650
cell cell cell

Cell type (2.6 mAh) (180 mAh) (3 Ah)
Cell headspace Vs [mL] 0.5 - 1
Electrolyte solution V¢ [mL] 0.08 0.75 7.6
Cathode material [g] 0.017 0.9 204
Total CO2 nco(otal) [Ivmol] 9.3 460 10 400
Fraction of CO3 in the 30.3 17.9 95.4
electrolyte solution [%]
Pressure buildup Ap [MPa] 0.032 - 1.19
Volume expansion AV [mL] - 9.3 -

where ncoper is the amount of CO, dissolved in the liquid electrolyte
solution, V. is the volume of the electrolyte solution, c, is the total
molar concentration of the electrolyte solution (i.e., solvent and salt)
and Ky is the Henry constant of CO; in the electrolyte solution in units
of pressure. Combining this with the ideal gas law and the assumption
that V¢ ca + nconeny & Ve ces the fraction of CO, dissolved in the
electrolyte solution can now be given as 3:

NCo,e) Ve RTeg
neoyotal)  VerRTCel 4 Vigas K

(3]

where ncongoran 1S the total amount of CO, present in the system and
Vs 1s the volume of the cell’s gas headspace. Assuming a constant
gas volume, as would be the case for a hard-case cell, the pressure
buildup can be expressed as 4:
A KuRT 4]
= N ) ——
P COxttotah VelRTCel + VgasKH
On the other hand, in soft pouch cells, gas evolution would typically
lead to expansion (or bulging) of the cell. This volume expansion at a
given pressure can be calculated by 5:

p Ku

To assess how much pressure buildup or volume expansion would
actually occur in a commercial-scale cell containing 2.5 wt% lithium
oxalate in the cathode electrode, we use a similar approximation for
a commercial-scale 3 Ah cell as shown in ref. 16, where the weight
for cathode active material and electrolyte solution were taken from
Wagner et al.’” Furthermore, we also calculate the expected volume
expansion for a 180 mAh pouch cell containing ~ 0.75 mL electrolyte
solution as used by Xia et al.,’® assuming a constant pressure of 1 bar
in the cell. In both cases, the composite cathode is approximated to
consist of 96% active material and 2.5 wt% lithium oxalate. For com-
parison, the 2032-type coin cells used in this study are also included
in this assessment.

Table II summarizes the expected pressure buildup and volume
expansion for the respective cells. The pressure increase in coin cells
islow (~0.03 MPa), due to the relatively large void space compared to
electrolyte solution and cathode active material volume. In a 180 mAh
pouch cell, the estimated gas evolution would be ~9.3 mL at 1 bar,
which is about 5 times larger than the gas evolution normally expected
for these cells during formation.® The pressure buildup in the hard
case 18650 cell is ~1.2 MPa; this causes that 95% of the CO, remains
dissolved in the electrolyte solution. However, the oxidation of lithium
oxalate is completed after the first charge, which means that the gas
evolution will stop thercafter. As many commercial-scale cells are
vented during or after formation, the high pressure/volume increase
is only a matter of the very first cycles. We have further not con-
sidered the consumption of CO, on the graphite or silicon/graphite

AV = RT( 5]
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anode: Strehle et al.'® showed that up to 40 wmol (~1 mL) CO,
can be consumed per square meter graphite surface area during the
first formation cycle, which agrees well with previous reports by
Xiong et al.** The graphite electrodes used in the present study have
a specific surface area of 0.034 mpy2/cMyeom?, hence 40 mol/mps 2
would correspond to a CO, consumption of 1.4 umol/cmgeomz, which
is about ~20% of the evolved CO, (6 umol/cmgmmz). As long as the
ratio of lithium oxalate to graphite or the specific surface area of the
graphite do not change drastically, the same fraction of CO, would
also be consumed during formation in other cell formats. For silicon-
based anodes, the previous OEMS measurements have shown that the
CO, consumption of SiG anodes during the first charge can be about
19-28% of the theoretically available CO, (see Figure 6). Assuming
a consumption of 25% CO; in the first cycle, the volume expansion in
pouch cells would be decreased to ~6.5 mL, while the pressure rise
in 18650 cells would be limited to ~0.89 MPa. Although a venting of
some of the excess gas is probably still required in this case, a com-
plete removal of CO, after formation is not desirable, as the amount
of CO, within the cell should remain high during cycling to benefit
from its properties as an SEI-forming additive, as was shown here and
in Reference 18.

Conclusions

In this paper, we assessed the use of lithium oxalate as a “sac-
rificial salt”, i.e., a lithium ion donor, in combination with LNMO
cathodes. We have shown that the incorporation of 2.5 wt% or 5 wt%
lithium oxalate into the cathode electrode increases the first cycle
charge capacity by about 10% and 20%, respectively, without affect-
ing the electrochemical performance of the cathode during subsequent
cycles. The effect of lithium oxalate and CO, released from its oxida-
tion was investigated in LNMO/graphite and LNMO/silicon-graphite
(SiG) cells. The former showed increased initial capacity according
to the increased pool of active lithium, as well as a higher coulombic
efficieny and capacity retention, when lithium oxalate was added to
the cathode matrix. For LNMO/SIG cells, a significantly improved
cycling stability and coulombic efficiency was found for cells con-
taining lithium oxalate and FEC compared to cells with only FEC but
no lithium oxalate, which we ascribe to the beneficial effect of CO,
on the cycling stability of silicon-based anodes.

By OEMS measurements and analysis of the cumulative irre-
versible discharge capacity, we can conclude that CO, and FEC
are simultaneously reduced, following and overall ~4 e~/FEC and
~2 e~/CO, process. Furthermore, the combination of these two addi-
tives is more efficient in terms of deliverable capacity per irreversible
capacity and per mol of consumed additive than either of them alone.
In this context, the use of lithium oxalate in the cathode matrix is not
limited to its use as a “sacrificial salt” in the original sense, but also
displays an easy and controllable way to introduce defined amounts
of CO, into lithium ion cells with graphite or silicon-based anodes.
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3.3 Evaluation of New Strategies to Realize Practical Silicon-Based Anodes

3.3.3 DiFEC as Electrolyte Additive for Silicon Electrodes

This section presents the article “Evaluating EC, FEC, and DIiFEC as Electrolyte
Constituents for Silicon-Graphite Electrodes: Reduction Mechanism and
Consumption”.236 At the time of the submission of this PhD thesis, the article has not
yet been submitted for publication. This study was presented on international
conferences, for example at the 2315t Meeting of The Electrochemical Society in New
Orleans, Louisiana (May 28 - Jun 1, 2017), Abstr. #213.

This article deals with the evaluation of a fluorinated EC-derivate as electrolyte
additive for the stabilization of the silicon/electrolyte interface. The SEI on silicon
faces several challenges that exceed the requirements of conventional graphite
electrodes. Besides (i) a high electrical resistivity to avoid further reduction of
electrolyte compounds and (ii) a selective permeability for lithium ions to allow fast
(de-)lithiation kinetics,®#4 the SEI on silicon also needs to be able (iii) to sustain the
large mechanical stresses arising from the continuous volumetric changes during
(de-)lithiation.208 If the latter condition is not given, side reactions at the
silicon/electrolyte interface result in an ongoing electrolyte decomposition and a
gradual loss of cyclable lithium from the positive electrode.?37 As a result, silicon-
based electrodes typically reveal a lower coulombic efficiency and a notably
reduced cycle life in lithium-ion full-cells compared to graphite.112173 While the
reduction of ethylene carbonate (EC) was shown to yield a stable SEI on graphite,
allowing a high coulombic efficiency above 99.9%,238 a poor cycling performance
has been reported for silicon-based electrodes with EC.23° In contrast,
fluoroethylene carbonate (FEC) has been demonstrated to substantially improve
the coulombic efficiency and capacity retention of silicon electrodes.240-242 The
origin of this beneficial effect has been related to the different reduction mechanism
of the FEC molecule which yields in the formation of a more flexible and kinetically
stable SEI.103,243

In this article, we evaluated di-fluoroethylene carbonate (DiFEC) as an alternative
electrolyte additive for silicon-based electrodes. Considering the beneficial effect of
FEC on the cycling performance of silicon electrodes, we aimed to enhance the
properties of the electrolyte additive and reduce the electrolyte consumption rate
by addition of a second fluorine atom. First, we investigated the reductive

decomposition of the differently fluorinated EC-derivatives by differential capacity
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3 Results

analysis of reductive scans in half-cells and the concomitant gas evolution by on-
line electrochemical mass spectrometry (OEMS). Further, we evaluated the cycling
performance and polarization of the SiG anodes against capacitively oversized
LiFePO4 positive electrodes and quantified the consumption of the different

additives upon cycling by post mortem 1°F-NMR analysis.102.103

This study generated three important insights about the use of di-fluoroethylene
carbonate (DiFEC) as electrolyte additive for SiG anodes: (i) DiFEC has a very
similar reductive behavior on SiG anodes like the widely used fluoroethylene
carbonate (FEC), which involves a more positive reduction potential than ethylene
carbonate (EC), the release of CO2, and the consumption of a total of four electrons
per (Di)FEC molecule. (ii) SiG anodes cycled in the presence of DiFEC and an excess
of cyclable lithium showed a 7%-points higher capacity retention after
100 charge/discharge cycles compared to FEC. However, an in-depth analysis
revealed that the total charge+discharge capacity exchanged by silicon per
consumed mole of (Di)FEC is the same. As a corollary, the higher reversible capacity
was obtained at the expense of a higher irreversible capacity, which suggests that
DIiFEC does not offer an advantage in terms of the SEI stability in silicon-based
lithium-ion batteries. Nonetheless, (iii) SiG anodes cycled in the presence of DiFEC
indicated a reduced loss of interparticle contact pressure within the first 60 cycles
when compared to FEC. Although this phenomenon is still subject to further
investigations, it indicates that there is room to further improve the mechanical

properties of the SEI on silicon active materials.

Author contributions

M.W. and G.H. prepared the SiG electrodes, performed the electrochemical testing
and did the 19F-NMR analysis. M.W. and D.P. conducted the impedance
measurements. G.H. and S.S. performed the OEMS gas analysis and did the data
treatment. M.\W. analyzed the data. M.W. wrote the manuscript. All authors

discussed the results and commented on the manuscript.

144



Evaluating EC, FEC, and DiFEC as Electrolyte Constituents
for Silicon-Graphite Electrodes: Reduction Mechanism and
Consumption

Morten Wetjen,”" Gloria Hong,” Sophie Solchenbach,” Daniel Pritzl,”
and Hubert A. Gasteiger ™

Chair of Technical Electrochemistry, Department of Chemistry and Catalysis Research
Center, Technische Universitidt Miinchen, D-85748 Garching, Germany

* Electrochemical Society Student Member
** Electrochemical Society Member
# E-mail: morten.wetjen@tum.de



Abstract

In silicon-based lithium-ion batteries, electrolyte additives play a crucial role in the kinetic
stabilization of the silicon/electrolyte interface. In the present study, we investigate di-fluoroethylene
carbonate (DiIFEC) as an alternative additive to the widely used fluoroethylene carbonate (FEC). Using
1 M LiPFs in EC:EMC (30:70 wt%) as base electrolyte, we add either 5 wt% FEC or DiFEC to evaluate
their effect on the electrochemistry of silicon-graphite (SiG) electrodes with 35 wt% silicon
nanoparticles. First, we investigate the reductive behavior of the fluorinated EC-derivates at the
silicon/electrolyte interface by means of differential capacity analysis and electrochemical impedance
spectroscopy. Using on-line electrochemical mass spectrometry (OEMS), we then examine the gas
evolution during repeated (de-)lithiation of the SiG electrodes and derive the reduction mechanisms for
EC, FEC, and DiFEC. Further, we evaluate the impact of the fluorinated EC-derivatives on the cycling
stability and the polarization of the SiG electrodes by means of galvanostatic cycling in pseudo full-
cells with capacitively oversized LiFePO, cathodes. Using post-mortem '"F-NMR spectroscopy, we
finally quantify the consumption of FEC and DiFEC upon cycling and compare their efficacy with

respect to commercial lithium-ion batteries.

Keywords: Silicon-graphite electrode, electrolyte additive, DIFEC, FEC, EC



Introduction

Silicon-based lithium-ion batteries offer the potential of high cell-level energy densities above
300 Wh kg''.""> However, the realization of these theoretical values continues to pose a significant
challenge. The repeated alloying/dealloying of ~3.75 Li atoms per Si atom causes large volumetric
changes by up to +280%, leading to mechanical degradation of the solid-electrolyte-interphase (SEI) as
well as to severe morphological changes of the silicon particles.>* As a result, the SEI on silicon faces
several challenges that exceed the requirements of state-of-the-art graphite-based electrodes. Besides (i)
a low electrical conductivity to avoid further reduction of electrolyte constituents and (ii) a sufficiently
high but selective permeability for Li ions to allow fast (de-)lithiation kinetics,>® the SEI on silicon
additionally needs to be able (iii) to sustain the large mechanical stress arising from the repeated volume
changes during (de-)lithiation.” If the latter condition is not given, side reactions at the silicon/electrolyte
interface result in an ongoing consumption of active lithium®® and decomposition of electrolyte
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constituents.'®'? Therefore, silicon electrodes typically reveal a lower coulombic efficiency and a

notably reduced cycle life in lithium-ion full-cells when compared to graphite. '

The electrolyte plays a crucial role in the formation of the SEI at the negative electrode.'* While the
reduction of ethylene carbonate (EC) was shown to form a stable SEI on graphite electrodes allowing
high coulombic efficiency above 99.9%,'> a poor passivation has been reported for silicon electrodes
due to an insufficient mechanical stability.!® In contrast, fluoroethylene carbonate (FEC) has been
demonstrated to substantially improve the coulombic efficiency and capacity retention of silicon
electrodes.!’”* The origin of this beneficial effect has been related to the different reduction mechanism
of the FEC molecule yielding in the formation of a more flexible and kinetically stable SEI. As reported
by Shkrob et al.,?° the reduction of EC follows a ring-opening and subsequent formation of a radical
anion, whereas the FEC reduction causes the cleavage of two C-O bonds leading to a concerted
defluorination and decarboxylation which results in a highly cross-linked network with elastomeric
properties. In addition, several groups demonstrated by XPS analysis an increased LiF and Li,O content
as well as a fluoride modification of the silicon oxide layer at the silicon surface, which is believed to

further improve the kinetic stability of the SEI1.2!-3
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Recently, Jung et al.!? and Petibon et al.>* showed independently by post-mortem 'F-NMR analysis
and gas chromatography, respectively, that the partial replacement of organic carbonates by FEC
suppresses the reduction of EC and thus improves the cycling stability of silicon electrodes. However,
once the molar quantity of FEC was depleted from the electrolyte, the cells suffered a strong polarization
and rapid capacity decay. Thus, the lifetime of silicon-based lithium-ion batteries is directly related to
the FEC consumption rate at the silicon surface as well as the molar quantity of FEC in the electrolyte.'?
Since the electrolyte volume in commercial lithium-ion batteries is very low (~5 pL cm), the main

lever to improve the cycle life of silicon electrodes is therefore to decrease the FEC consumption rate,

i.e., by mitigating the side reactions at the silicon/electrolyte interface.
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Scheme 1. Chemical structures of the electrolyte constituents that were investigated in this study: Ethylene carbonate (EC)
fluoroethylene carbonate (FEC), and di-fluoroethylene carbonate (DiFEC).

In the present study, we evaluate di-fluoroethylene carbonate (DiFEC) as an electrolyte additive for
silicon electrodes. Considering the beneficial effect of FEC on the cycling stability, we seek to enhance
the additive’s properties and reduce its consumption rate by introduction of a second fluorine atom (see
Scheme 1). In 2013, Markevich et al.?! investigated silicon thin-film electrodes in mixtures of FEC or
DiFEC with DMC, demonstrating a superior cycling stability compared to EC or PC-based electrolytes.

Later, Yariv et al.?

evaluated the effect of the temperature and the electrolyte constituents, including
DIiFEC, on carbon negative electrodes. More recently, several groups analyzed DiFEC with respect to
its oxidative decomposition in graphite/NMC cells.?*® In contrast, here we focus on the reduction
mechanism and the consumption of fluorinated EC-derivates on silicon-graphite (SiG) electrodes with

35 wt% silicon nanoparticles and a delithiation capacity of 1.7-1.8 mAh cm™. Hence, we prepared three

electrolytes, consisting of (i) 1 M LiPFs in EC:EMC (30:70 wt%) — also referred to as LP57,



(i1) 5 wt% FEC in LP57, and (iii) 5 wt% DIiFEC in LP57. First, we investigate the reductive
decomposition of the fluorinated EC-derivatives using differential capacity analysis of Li//SiG
half-cells, and the concomitant gas evolution by means of on-line electrochemical mass spectrometry
(OEMS). Based on these results, we summarize the reduction mechanisms of EC, FEC, and DiFEC to
discuss the role of the fluorine substituents. Next, we investigate the cycling stability and polarization
of SiG electrodes in pseudo full-cells featuring a capacitively oversized LiFePOs cathode.'? Finally, we
evaluate the consumption of FEC and DiFEC using post-mortem °F-NMR spectroscopy'® and derive

implications for their efficacy in commercial lithium-ion batteries.

Experimental

Silicon-graphite (SiG) electrode preparation.— SiG electrodes, consisting of 35 wt% silicon
nanoparticles (~200 nm dimensions, Wacker Chemie AG, Germany), 45 wt% graphite (~20 um, T311,
SGL Carbon, Germany), 10 wt% vapor grown carbon fibers (VGCF-H, Showa Denko, Japan), and
10 wt% lithium poly(acrylate) binder (LiPAA) were prepared through an aqueous ink procedure.'? The
LiPAA was prepared by diluting a 35 wt% poly(acrylic acid) solution (PAA, MW = 250,000 g mol™!,
Sigma-Aldrich, Germany) with deionized water and neutralizing it with lithium hydroxide (Sigma-
Aldrich, Germany) to a pH-value of ~8.!* All electrodes were dried for 12 h at 120 °C under vacuum in
a glass oven (Biichi, Switzerland) before being transferred into an Ar atmosphere glovebox (H,O and
0, concentration <0.1 ppm, MBraun, Germany). The electrode mass loading was adjusted to
~1.4 mgeiccirode cm2, which corresponds to a theoretical capacity of 1.9-2.0 mAh cm™. This value was
also used to define the C-rate, i.e., 1 h™' equals ~2 mA cm™. Practically, first cycle delithation capacities

of 1.7-1.8 mAh cm? (~1280 mAh g''¢)) were obtained at 0.1 h'.3

Electrolytes.— Three different electrolytes were prepared: (i) 1 M LiPFs in ethylene carbonate:
ethyl methyl carbonate (EC:EMC, 30:70 wt%) (BASF, Germany) — also referred to as LP57; (ii) 5 wt%
FEC (BASF, Germany) in LP57; and (iii) 5 wt% DiFEC (HSC Corporation, China) in LP57. The water
content of these electrolytes was determined by Karl-Fischer titration, revealing sufficiently low values

of <5 ppm for LP57 and 5 wt% FEC in LP57, as well as < 20 ppm for 5 wt% DiFEC in LP57.



Test cell assembly.— Electrochemical characterization was performed in coin-cells (CR2032,
Hohsen, Japan) and Swagelok®-type T-cells (Swagelok, Germany). The cells were assembled by
sandwiching two electrolyte-soaked glass fiber separators (thickness 250 um, VWR, USA) between a
SiG anode and a capacitively oversized LiFePOs (LFP) cathode (3.5 mAhcm?, Custom cells,
Germany).'? For the investigation of the electrolyte decomposition, the LFP was exchanged by a lithium
metal electrode (~450 pm thickness, Rockwood Lithium, USA) to reliably determine the
SiG electrode potential during the entire first reductive scan. Because of the different electrode areas in
coin-cells (1.54 cm?) and T-cells (0.94 cm?), the electrolyte amounts differed slightly between

~84 pL cm? and ~64 pL cm, respectively, but always largely exceeded commercial cells (~5 pL cm?).

Reductive decomposition of electrolyte constituents.— The reductive decomposition and SEI
formation behavior of the different electrolytes was investigated by galvanostatic polarization of Li//SiG
coin-cells between the open-circuit potential (~2.6 V vs. Li"/Li) and a lithiation cutoff potential of
0.01 V vs. Li*/Li, using a C-rate of 0.02 h''. All measurements were performed in a climate chamber

(Binder, Germany) at 25 °C using a battery cycler (Series 4000, Maccor, USA).

Electrochemical impedance spectroscopy.— The impedance of SiG electrodes in the different
electrolytes was investigated using a lithiated gold-wire micro-reference electrode in a T-cell.?” First, a
galvanostatic reductive scan was performed at 0.1 h™' from open-circuit potential to 0.01 V vs. Li*/Li,
which was followed by a 5 h rest period at close to ~100% state-of-charge (SOC). At the end of the rest
period, impedance spectroscopy was conducted using a frequency range of 100 kHz — 100 mHz and a
current perturbation of 0.8 mA. All measurements were performed in a climate chamber (Binder,

Germany) at 25 °C using a multi-channel potentiostat VMP3 (BioLogic, France).

On-line electrochemical mass spectrometry (OEMS).— In order to quantify the gases that are
evolved during the (de-)lithiation of SiG electrodes in the different electrolytes, a gas evolution analysis
was performed by means of on-line electrochemical mass spectrometry (OEMS). The measurements
were conducted in a custom cell hardware (~9.5 ml head space volume), using two Celgard separators
(@26 mm, Celgard® 2325, Celgard, USA) and 130 uL of the above described electrolytes.*

SiG electrodes were prepared by coating the above described ink onto porous woven wire mesh (#500
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Mesh SS316 Grade, The Mesh Company, UK). A standard graphite electrode with 95 wt% graphite
(T311, SGL Carbon GmbH, Germany) and 5 wt% PVdF (Kynar, Arkema, France) was prepared
analogously as a reference. The capacity of the resulting electrodes with a diameter of 14 mm amounted
to ~2.45 mAh cm. Partially delithiated LipoFePOs (Custom Cells, Germany) was used as counter
electrode (@ 15 mm, ~3.2 mAh cm™). All electrodes were dried for 3 days at 120 °C under vacuum in a

glass oven (Biichi, Switzerland).

The OEMS measurements were carried out at 25 °C in a climate chamber (Binder, Germany).
Following a 4 h OCV step for background stabilization to ensure decent baseline extrapolation, a
galvanostatic formation procedure with a Series G300 potentiostat (Gamry, USA) between 0.01 and
1.25 V vs. Li*/Li (3.44 — 2.2 V cell voltage) was conducted with a C-rate of 0.1 h! in the first lithiation,
and 0.2 h'! during the subsequent two charge/discharge cycles. A constant voltage step was entered at
the end of each lithiation at 0.01 V vs. Li*/Li with a time limit of 1 h. The mass signals were quantified

using a calibration gas containing H», CO, O, and CO, (2000 ppm in Ar, Westfalen AG, Germany).

Battery cycling.— Cycling stability and polarization of SiG electrodes in the different electrolytes
was investigated by galvanostatic cycling of SiG/LFP coin-cells. The SiG cutoff potentials of
0.01 V vs. Li"/Li during lithiation and 1.25 V vs. Li"/Li during delithiation were controlled by the cell
voltage (3.44-2.2 V), using the stable potential of the oversized LFP cathode (~3.45 V vs. Li*/Li) as a
reference.!? In addition, 10 min rest periods were entered at the end of each lithiation and delithiation.
Initially, two formation cycles were performed at 0.1 h', while in consecutive cycles the C-rate was
increased to 0.33 h'!. All measurements were performed in a climate chamber (Binder, Germany) at

25 °C using a battery cycler (Series 4000, Maccor, USA).

Electrolyte consumption.— Consumption of FEC and DiFEC during galvanostatic cycling was
investigated by post-mortem '’F-NMR spectroscopy of fresh and cycled electrolytes. Hence, SiG//LFP
coin-cells were disassembled after 100 cycles and the electrolyte-soaked glass fiber separators were
dipped into deuterated dimethyl sulfoxide (DMSO-d6 anhydrous, Sigma-Aldrich, USA). The solutions
were then filled into air-tight NMR tubes and '’F-NMR spectroscopy was measured at room temperature

using a Bruker Ascend 400. The resulting '’F-NMR spectra show only peaks that can either be ascribed
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to PFs or (Di)FEC.! Considering that the large concentration of PFs in the electrolyte remains fairly
constant at the given conditions, changes in the ratio of the PFs and (Di)FEC peak integrals can be used

to monitor the consumption of (Di)FEC after 100 cycles.

Results and Discussion

Reductive decomposition and initial SEI formation of EC, FEC, and DiFEC.— Figure 1a shows
the differential capacity curves of the first reductive scan in Li//SiG coin-cells with different electrolytes:
LP57 (blue), 5 wt% FEC in LP57 (brown), and 5 wt% DiFEC in LP57 (marine). The onset for the DiFEC
reduction occurs at more positive potentials (~1.7 V vs. Li*/Li) compared to FEC (~1.3 V vs. Li*/Li). In
addition, the capacity resulting from the reduction of DiFEC (~2.15 pAh), which is represented by the
peak area, is ~2.3 times larger compared to FEC (~0.93 pAh). This indicates a higher consumption of
lithium and likely also DiFEC molecules during the initial SEI formation. As expected, no EC reduction

(~0.8 V vs. Li*/Li) can be observed for the FEC- and DiFEC-containing electrolytes.!®!
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Figure 1. (a) Differential capacity curves of the first galvanostatic reductive scan at 0.02 h'! (lithiation of silicon and graphite)
in Li//SiG coin-cells with different electrolytes: LP57 (blue), 5 wt% FEC in LP57 (brown), and 5 wt% DiFEC in LP57 (marine).
(b) Impedance response of SiG electrodes at close to 100% SOC after the first galvanostatic lithiation to 0.01 V vs. Li*/Li and
a 5 h rest period, obtained by a lithiated gold-wire micro-reference electrode in a SiG//LFP T-cell. The high-frequency
resistance (HFR) was subtracted from Z’; perturbation: 0.8 mA; frequency range: 100 kHz — 100 mHz.



To characterize the initial SEI layer of the different electrolytes on the SiG electrode, impedance
spectroscopy was performed at the end of the first lithiation at close to 100% SOC. The gold-wire micro-
reference electrode setup allows to separate the impedance contributions of anode and cathode, whereby
Figure 1b only depicts the impedance responses of the SiG electrodes.” The high-frequency resistance
was subtracted because it remains very similar across the measurements (~4 Q cm?) and small
differences mainly result from the cell setup. For all investigated electrolytes, the SiG electrodes show
a distorted semi-circle with a maximum frequency between 82 and 876 Hz, followed by a linear
Warburg diffusion slope in the low frequency region. The semi-circle mainly represents the interfacial
resistance at the electrode/electrolyte interface, comprising both the surface film (SEI) resistance and
the charge-transfer resistance. Although it is not possible to separate the individual contributions at this
SOC, all electrolytes show a reasonable interfacial resistance of less than 10  cm?, which is similar to
graphite electrodes after one formation cycle with vinylene carbonate.*? Yet, a direct comparison of the
here investigated electrolytes reveals that the interfacial resistance of 5 wt% DiFEC in LP57 (~8 Q cm?)
is notably larger compared to LP57 or 5 wt% FEC in LP57 (~2 Q cm? each). This agrees well with the
~2.3 times larger capacity resulting from the reductive decomposition of DiFEC. As a result, more

DiFEC is required to obtain a similar initial passivation of the active materials as with EC or FEC.

Gas evolution of EC, FEC, and DiFEC on SiG electrodes.— The gas evolution of the different
electrolytes on SiG electrodes during galvanostatic (de-)lithiation was investigated by on-line
electrochemical mass spectrometry (OEMS). Figure 2a shows the SiG electrode potential, while (b)
and (c) depict the BET surface area-normalized integral gas evolution of CO, (m/z =44) and C;H,4
(m/z = 25) for all investigated electrolytes, including LP57 (blue), 5 wt% FEC in LP57 (brown), and
5 wt% DiFEC in LP57 (marine). In addition, a reference measurement with a graphite electrode was
conducted in LP57 (grey dotted line). For all measurements, the integral gas evolution was calculated
by considering the molar gas volume of 24.5 L mol™!' at 25 °C/1 bar, the head space volume of 9.5 mL
of the OEMS cell as well as the proportional BET surface area of all electronically conducting electrode
constituents (silicon 40 m?ger g7, graphite 5 m?ger ¢!, VGCF-H 13 m?ger g!). During the first lithiation
of the SiG electrodes, both the FEC- and DiFEC-containing electrolyte evolve large quantities of CO»

(see Figure 2b). In contrast, the delithiation reveals only minor additional CO, evolution and the
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following re-lithiations even indicate a temporary decrease of the CO; concentration in the cell
headspace. The latter likely originates from CO; reduction on freshly exposed silicon surface during
particle expansion.’>3* Consequently, the integral gas evolution of CO, is mainly determined by the first
lithiation (see vertical dashed black line). As expected, the DiFEC-containing electrolyte generates more
CO; (~34 umolcor m2ger) compared to FEC (~14 pmolco, m2ger), indicating a ~2.4 times higher
additive consumption which agrees well with the ~2.3 times higher reduction capacity calculated from
Figure 1a. Without any additive, LP57 shows only a small temporary increase of the CO, mass trace
(~1 umolco> m?ger) on the SiG electrode within the first two hours which rapidly decreases to zero
thereafter. This phenomenon can be ascribed to the hydrolysis of EC which is catalyzed by OH" traces
originating from the reduction of trace water.>* However, the small amount of CO; is consumed swiftly
at the surface of the SiG electrode, once the potential decreases further. As expected, the reference

measurement of the graphite electrode in LP57 also shows hardly any CO; evolution.3%%
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Figure 2. Gas evolution during 2.5 charge/discharge cycles at 0.1 h™' and 0.2 h', respectively, of SiG electrodes and a graphite
electrode in different electrolytes: (a) SiG electrode potential (black line). (b, ¢) Integral gas evolution of carbon dioxide (CO2,
m/z = 44) and ethylene (C2Hs, m/z = 25) as a function of time, obtained from SiG electrodes in LP57 (blue), 5 wt% FEC in
LP57 (brown) or 5 wt% DIiFEC in LP57 (marine), and from a graphite electrode in LP57 (grey dotted line). The OEMS data
are smoothed, baseline corrected and converted into units of ppm.
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Figure 2¢ shows the integral gas evolution of C,Ha. Interestingly, it exhibits an almost inverse
behavior compared to the CO; mass trace. While the FEC- and DiFEC-containing electrolyte reveal no
C>H4 evolution, LP57 shows a distinct increase both for the graphite and the SiG electrode. The C;Hy
evolution profile, however, differs considerably for the active materials. The graphite electrode shows
a discrete increase of the C,Hs signal up to 5.8 pmolcons m™ger within the first minutes of lithiation
followed by a fairly stable concentration during subsequent cycles.3®3® In contrast, the SiG electrode
shows an ongoing C>H, evolution up to 5.8 pmolcons m?ger during the first lithiation, which continues
throughout the following reductive half-cycles. We summarize the characteristics for the two types of
active materials as follows: (i) A similar quantity of C;H4 per BET surface area is evolved during the
first lithiation.!? (ii) The gas evolution at silicon and graphite occurs at a considerably different rate,
whereby the disparity of the different gas evolution rates over time can be ascribed to the different
volume changes of silicon and graphite active materials during (de-)lithiation. While the Li,Si alloy
expands by up to +280% during lithiation, graphite experiences a comparatively small volume change
of +10% during the intercalation of lithium.* As EC is known to insufficiently passivate silicon due to
its poor stability toward the mechanical deformation upon cycling,? it is repeatedly decomposed on
freshly exposed silicon surface, thus resulting in an ongoing evolution of C;Hy up to ~13 pumolcons m2ger

after the third lithiation.

Reduction mechanisms of fluorinated EC-derivatives on SiG electrodes.— Scheme 2 summarizes
our results from the gas analysis which extent previously reported reduction mechanisms of EC and
FEC to SiG electrodes,'® and additionally allow us to propose a mechanism for the reductive
decomposition of DIiFEC. Accordingly, the prevalent pathway for the reduction of EC is the ring-
opening by fission of a single C-O bond, followed by the formation of the *CH,CH,OCO,Li radical.?’
Subsequent radical recombination leads to the formation of lithium ethylene dicarbonate (LEDC), which
coincides with the elimination of C,H4.373° In contrast, for the reduction of FEC on SiG electrodes the
first electron transfer likely occurs at the carbonyl atom, thus leading to a ring-opening and formation
of the *CO,CH,CHFOLi radical.!®?* Subsequent elimination of CO, and LiF results in the formation of
the mesomeric-stabilized vinoxyl radical (*CH,CHO), which was first predicted by Balbuena and co-

workers*** through ab-initio modelling. Later, Shkrob et al.’ experimentally confirmed the presence
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of the vinoxyl radical by in-situ EPR spectroscopy. In the same study, it was also shown that the vinoxyl
radical can initiate a chain reaction that causes further FEC decomposition and radical polymerization
by abstracting another hydrogen atom from FEC. Further defluorination within the resulting polymer
leads to additional radicals that migrate and recombine to produce a highly cross-linked network with
elastomeric properties. Therefore, we can conclude that despite the structural similarity of EC and FEC,
the possibility to eliminate fluoride and to subsequently form the vinoxyl radical leads to a considerably
different reduction mechanism for FEC that evolves CO: instead of C,Ha. In addition, the cross-linked
polymer network with elastomeric properties whose formation is facilitated by the defluorination likely
results in the superior mechanical stability of the SEI layer toward repeated volume changes during
cycling of the SiG electrodes. In agreement with the former work by Jung et al.!® and Martinez et al.,*!
our results from "YF-NMR analysis — which will be discussed in detail later — further indicate that in total
four electrons are consumed per reduced FEC molecule. Therefore, further reduction of the vinoxyl
radical described in Scheme 2 and formation of the final reduction products requires a sequential
transfer of three more electrons. Although the identification of the resulting SEI compounds exceeds the
methods deployed in the present work, it is known from other studies based on XPS and TOF-SIMS
analysis, that the reduction of FEC on Li,Si results not only in the formation of a polymeric network,*
but also in a fluoride modification of the silicon oxide overlayer covering the silicon particles? as well
as the deposition of inorganic lithium species, including LiF, Li,CO3, and Li,O.?>3!
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Scheme 2. Mechanisms of the first electron transfer for the reductive decomposition of EC, FEC, and DiFEC on SiG electrodes
in agreement with the literature (EC?” and FEC'?) and proposed for DiFEC based on the present work.

12



Transferring this knowledge to DiFEC and complementing it with our results from the gas evolution
and F-NMR analysis indicates that the reduction of DiFEC on SiG electrodes is similar to that of FEC,
thus differing considerably from EC. Accordingly, the reduction of DiFEC occurs at more positive
potentials compared to EC and even FEC, which is most likely caused by the additional electronegative
effect of the second fluorine substituent and the increased positive partial charge at the carbonyl atom.

Purushotham et al.*?

calculated the frontier molecular orbital energies (in eV) for propylene carbonate
(PC), FEC, and DiFEC. They reported notably lower-lying LUMOs for FEC (-0.641 eV) and DiFEC
(-0.659 eV) compared to the non-fluorinated cyclic carbonate (here: PC, -0.599 eV), which supports the
earlier reduction onset. As proposed in Scheme 2, we expect the first electron transfer to DiFEC to occur
at the carbonyl atom, thus leading to the fission of two C-O bonds. Subsequently, this results in a
defluorination (-LiF), the release of carbon dioxide (-CO»), and the concomitant formation of a
mesomeric-stabilized vinoxyl radical *(CFHCHO). In contrast to FEC, this radical is still fluorinated,
which has two important implications for the resulting SEI: (i) As the cross-linking of the polymeric
network was associated with the defluorination and subsequent recombination of radical species,?’ we
expect the SEI originating from DiFEC to have a higher degree of cross-linking, and thus a higher
mechanical stability. (ii) Although our ’F-NMR analysis indicates that the reductive decomposition of
DiFEC requires — similar to FEC — in total four electrons,'® further defluorination of the vinoxyl radical

results in an SEI with a higher relative LiF content compared to FEC,* thus altering the electrochemical

properties of the SiG electrodes, as will be discussed in a later section.

Trans-esterification of asymmetric linear carbonates on SiG electrodes.— In addition to ongoing
side reactions at the silicon/electrolyte interface, the insufficient passivation of the EC decomposition
products on silicon likely also leads to changes in the LP57 bulk electrolyte. Strehle et al.** demonstrated
for an LP57 electrolyte that during the reduction of EMC on SLP30 graphite electrodes, lithium
alkoxide-type species (LiOR) are evolved which are accompanied by the release of carbon monoxide
(CO). In accordance with the reaction mechanism shown in Scheme 3, these highly reactive LiOR
species act as nucleophiles and attack the carbonyl atom of the linear carbonate (EMC), resulting in a
conversion of the co-solvent into two symmetric linear carbonates, here dimethyl carbonate (DMC) and

diethyl carbonate (DEC), in a stoichiometric 50:25:25 equilibrium.*** This ester exchange reaction,
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also described as trans-esterification, leads to a decrease of the EMC-related mass traces (m/z = 29, 45,
59, and 77),* but at the same time an increase due to the formation of DMC and DEC, which can be

monitored at the unique mass traces m/z = 62 (DMC) and m/z = 63 (DEC).
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Figure 3. Development of the Iss-normalized mass traces of (a) DMC (m/z=62), and (b) DEC (m/z = 63) during 2.5
charge/discharge cycles at 0.1 h'' and 0.2 h', respectively, evaluated from the same OEMS measurement as shown in Figure 2,
using a SiG electrode in LP57 (blue), 5 wt% FEC in LP57 (brown) or 5 wt% DiFEC in LP57 (marine), and a graphite electrode
in LP57 (grey dotted line).

Figure 3 shows the Argon current (I36)-normalized mass traces of DMC and DEC, which allow to
evaluate the extent of the trans-esterification during the 2.5 charge/discharge cycles from the same
OEMS measurement depicted in Figure 2. As expected from the reaction shown in Scheme 3, the pure
LP57 electrolyte reveals an initial increase of the mass traces m/z = 62 and m/z = 63 in a ratio of about
1:1.3 both at the SiG and the graphite electrode. The deviation from a perfect ratio of 1:1 mainly results
from the intrinsic intensity of these two mass traces.*> Analogously to the ethylene traces shown in
Figure 2¢, the graphite electrode shows a steep increase of m/z =62 and 63 during the first two hours
which is followed by a plateau. In contrast, the SiG electrode reveals a stepwise increase of the DMC
and DEC mass traces during each lithiation, i.e., whenever new LiOR species are formed the rate of
conversion accelerates. As a corollary, the extent of the trans-esterification in LP57 on graphite is limited
by the passivation of the active material’s surface resulting from EC reduction, whereas on silicon the
insufficient passivation in LP57 leads to an ongoing release of highly reactive lithium alkoxide species

(LiOR), and thus, an increasing extent of the trans-esterified products. Although this poses a serious

issue concerning the properties of the optimized electrolyte composition,* Figure 3 also indicates that
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for silicon this phenomenon is most likely less relevant during early stages of cycling. Accordingly, in
presence of either FEC or DiFEC no mass traces of the symmetric carbonates (i.e., DMC, DEC) could
be observed, which indicates that the trans-esterification is entirely suppressed. A similar phenomenon
was also reported by Strehle et al.* who demonstrated that CO» acts as scavenger by reacting with the
highly reactive alkoxide-species to form non-reactive LiOCO;R. Since both FEC and DiFEC evolve
large quantities of CO» during the first reductive scan on silicon, any LiOR species that may be released
would be immediately deactivated. As a result, trans-esterification poses only a minor threat to
asymmetric linear carbonate-containing electrolytes on silicon electrodes, at least as long as an

SEI-forming and CO:-evolving electrolyte additive is present.
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Scheme 3. Schematic reaction of the lithium alkoxide (LiOR)-initiated trans-esterification of ethyl methyl carbonate (EMC) to
dimethyl carbonate (DMC) and diethyl carbonate (DEC) as reported by Strehle et al.*?

Cycling stability of SiG electrodes in presence of EC, FEC, and DiFEC.— The cycling stability
of SiG electrodes in presence of the fluorinated EC-derivatives was investigated by galvanostatic
charge/discharge cycling of SiG//LFP coin-cells with a capacitively oversized LFP cathode. Figure 4
shows (a) the coulombic efficiency and (b) the delithiation capacity for LP57 (blue), 5 wt% FEC in
LP57 (brown), and 5 wt% DiFEC in LP57 (marine). Table I summarizes the 1%, 5%, and 100" cycle
delithiation capacity, coulombic efficiency, and capacity retention. Accordingly, all SiG electrodes
provide a similar first cycle delithiation capacity of 1.7-1.8 mAh cm? without notable differences
between the individual electrolytes. In contrast, the first cycle coulombic efficiency clearly indicates a
dependency on the type of additive, whereby the DiFEC-containing electrolyte shows a considerably
lower value of 79.3 + 0.2% compared to FEC (84.7 + 0.3%) and LP57 (85.9 + 0.1%). This observation
agrees well with our gas evolution analysis, according to which more DiFEC is required to passivate the
silicon/electrolyte interface. During the following cycles, the DiFEC-containing electrolyte continues to
show a lower coulombic efficiency of ~97.7% compared to FEC (~98.2%), but increases steadily up to

>99.2%. This trend is only interrupted by a small depression starting after ~40 cycles. In contrast, the
15



coulombic efficiency of the FEC-containing electrolyte initially remains almost constant but starts to
decrease after ~25 cycles to form a minimum. Remarkably, after 100 cycles both additives (viz., FEC
and DiFEC) demonstrate the same coulombic efficiency of 99.2-99.3%. Based on a recent publication
from our group,’ the lower coulombic efficiency within the first 60 cycles can be ascribed to
morphological changes of the silicon nanoparticles which are caused by dealloying reactions upon
repeated (de-)lithiation. As these reactions approach a steady-state upon prolonged cycling, the

coulombic efficiency also increases and any differences between FEC and DiFEC become very small.
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Figure 4. (a) Coulombic efficiency and (b) delithiation capacity obtained from galvanostatic cycling of SiG//LFP coin-cells
with different electrolytes: LP57 (blue), 5 wt% FEC in LP57 (brown), and 5 wt% DiFEC in LP57 (marine). C-rate: 0.1 h*!
during two formation cycles and 0.33 h'! during consecutive cycles; cut-off potentials: 0.01 and 1.25 V vs. Li*/Li. The error
bars represent the standard deviation of at least two independent repeat measurements.

The delithiation capacity shown in Figure 4b shows that both FEC and DiFEC significantly
improve the cycling stability of the SiG electrodes compared to the LP57 base electrolyte. While the
FEC- and DiFEC-containing electrolytes reveal reasonable capacity retentions of 63 +0.1% and
70 £+ 0.5% after 100 cycles, SiG electrodes cycled in LP57 suffer a rapid capacity fade with less than
30% retention after 30 cycles. Interestingly, the cycling behavior of the FEC and DiFEC-containing
electrolytes differs only in a very narrow range within the first 100 cycles. The delithiation capacity

reveals two plateaus that are separated by a distinct decay starting after 25-40 cycles, which occurs

10-15 cycles earlier and to a slightly larger extent (~0.1 mAh cm) in presence of FEC. Between the
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100™ and 200™ cycle, however, both additives show again a very similar cycling behavior with only
minor ongoing capacity fading of 0.11% per cycle. Therefore, DIFEC demonstrates an improved
capacity retention of ~7%-points after 200 cycles, which mainly results from a reduced capacity decay
within the first 100 cycles. It is to note that this difference is not related to a depletion of active lithium
or electrolyte additive, because all cells were operated with a capacitively oversized LFP cathode and
an excess of electrolyte. Instead, the capacity drop can be ascribed to a loss of interparticle contact
pressure and subsequent electrical isolation of active material, leading to incomplete delithiation of the
silicon nanoparticles.'>* Remarkably, the addition of DiFEC instead of FEC seems to reduce the extent

of the particle isolation.

Table 1. Delithiation capacity, coulombic efficiency and capacity retention for SiG//LFP cells with different electrolytes after
selected cycles. The C-rate was 0.1 h'! in the 1% cycle and 0.33 h'! in the 5™ and 100" cycles, respectively. The + values
represent the standard deviation of at least two independent repeat measurements.

Delithiation capacity / mAh cm™ Coulombic efficiency / % Capacity retention / %
Electrolyte ™ 5t 100™ 1 5t 100" 5t-100™ 5t-200"
LP57 1.79+£0.04 1.66+0.02 - 85.9+0.1 92.9+0.1 - - -
+ 5 wt% FEC 1.724£0.06  1.66+0.05 1.09+0.04 847+0.3 98.2+0.1 99.3+0.1 63+0.1 58+0.5
+5wt% DIFEC  1.71+0.03  1.65+0.03 1.20+0.01 79.3+0.2 97.7+0.1 99.2+0.1 70+0.5 65+0.3

To further evaluate this observation, Figure 5 shows the potential (a) rise or (b) drop AVyp of the
SiG electrodes during the 10 min rest period after reaching either the lithiation (0.01 V vs. Li*/Li) or
delithiation (1.25 V vs. Li*/Li) cutoff potential. Switching from a constant current during (de-)lithiation
to open-circuit conditions allows the concentration gradients in the electrode to relax, which results in a
change of the electrode potential. The extent of the electrode’s potential rise or drop during these rest
periods can thus be used as a sensitive indicator for the resistance of the electrodes.'® In addition, the
open-circuit potential after delithiation is also indicative for the amount of immobilized lithium in the
electrode. At the end of lithiation shown in Figure 5a, only a minor increase in the potential rise can be
observed from ~70 to 80 mV during the investigated 200 cycles for either FEC or DiFEC, although the
latter indicates an offset of about 5 mV to higher values. This observation agrees with the
~6 Q cm? higher interfacial resistance of the DiFEC-containing electrolyte shown in Figure 1b, which
translates into an additional ohmic drop of ~4 mV at a current of ~0.6 mA c¢cm™. In contrast, at the end
of the delithiation shown in Figure Sb, a significant increase of the potential drop occurs after

25-40 cycles from ~300 mV to ~700 mV in the DiFEC-containing electrolyte and even exceeding
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750 mV in the FEC-containing electrolyte. Comparing the onset of this feature with the capacity decay
shown in Figure 4b reveals that the potential drop AVycp occurs almost simultaneously with the loss in
reversible capacity. Therefore, this analysis indicates that the amount of immobilized lithium in the
SiG electrode strongly increases after 25-40 cycles as a result of an increasing electrode resistance at
low degrees of lithiation, i.e. when the silicon particles are contracted. Vice versa, it remains widely
stable at high degrees of lithiation, i.e. when silicon particles are fully expanded, thus supporting our
explanation of an increased interparticle contact resistance due to a decreased contact pressure.'? As a
corollary, the superior capacity retention of DiFEC (in presence of an excess of active lithium) can be
related to an improved mechanical integrity between the silicon particles that partially compensates the
detrimental effect of the loss of interparticle contact pressure upon cycling. Taking into account our gas
analysis, we explain this difference by the fluorinated vinoxyl-radical which is formed upon the
reductive decomposition of DiFEC: (i) Defluorination of the radical was shown to increase the degree
of cross-linking of the resulting polymeric SEI which improves its elastomeric properties and thus
increases the mechanical integrity between the silicon nanoparticles.?° (ii) The presence of LiF in the
final decomposition products was reported to act as a glue by forming strong bindings between the
fluorine atom and the lithium atoms of multiple organic SEI compounds.*’ Although this effect occurs
both with FEC and DiFEC, the higher fluorine content of DiFEC likely promotes its impact on reducing
the loss of interparticle contact pressure. Nonetheless, further spectroscopic investigation is required to

understand the compositional differences of the SEI formed by FEC and DiFEC in more detail.
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Figure 5. Potential changes of the SiG electrodes in different electrolytes during a 10 min rest period after lithiation at 0.33 h-!
to 0.01 V vs. Li*/Li or delithiation at 0.33 h'! to 1.25 V vs. Li*/Li, evaluated from the same cycling measurements as shown in
Figure 4. The two formation cycles at a lower C-rate of 0.1 h™! are omitted.
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Quantification of FEC and DiFEC consumption on SiG electrodes.— To quantify the loss of FEC
and DiFEC upon cycling, ’F-NMR spectroscopy was performed of the electrolytes after 100 cycles.
Analogous to the ""F-NMR analysis of FEC in LP57, which was first reported by Jung et al.,'* the
characteristic doublet of doublets in the '"F-spectra of DiFEC allows to determine the residual amount
of DiFEC through a peak integral analysis with the PF¢ signal as an internal standard. Figure 6 shows
the '"H-decoupled "F-NMR spectra of these fresh electrolytes, consisting of LP57 (blue), 5 wt% FEC in
LP57 (brown), and 5 wt% DIiFEC in LP57 (marine). The signal of the PFs anion can be observed
at -74.5 ppm, while the -CHF- signal from the FEC occurs at -126.6 ppm. In the DiFEC-containing
electrolyte, the signal is notably shifted towards higher chemical shifts to -136.1 ppm, which results
from the electronegative effect of the second fluorine substituent. The chemical shift of the doublet of

doublets around -136.1 ppm also identifies the present DiFEC as the trans-isomer.*
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Figure 6. 'H-decoupled '"F-NMR spectra of different electrolyte solutions: LP57 (blue), 5 wt% FEC in LP57 (brown), and
5 wt% DIiFEC in LP57 (marine). The intensity ratios of the (Di)FEC and PF¢ peaks were calculated from the non-decoupled
spectra.

To evaluate the consumption of the electrolyte additives upon cycling, Figure 7a shows the total
charge+discharge capacity (in mAh) per pmol of either FEC (brown) or DiFEC (marine) after
100 cycles. In other words, this ratio compares how much capacity the SiG electrodes can exchange
until one umol of the additive is consumed. Within the range of one standard deviation, the capacity per
additive is very similar for FEC (11.3 + 0.1 mAh pmol'rgc) and DiFEC (10.8 + 0.2 mAh umol ' pirec).

Therefore, a commercial lithium-ion battery with a SiG anode and an electrolyte with the same molar

quantity of either FEC or DiFEC would deliver almost the same capacity until depletion of the additive.
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Interestingly, a comparison with the capacity per FEC of a similar 35 wt% silicon electrode from our
previous publication on SiG electrodes with different active material ratios and the same 5 wt% FEC in
LP57 electrolyte reveals a higher capacity of 14.5 + 0.8 mAh umol'rec.!? We ascribe this difference to
the absence of a constant voltage step in the present study. As a result, we expect the total capacity per
additive shown in Figure 7a to be increased further by the introduction of a constant voltage step which
allows to partially compensate the increased electrode impedance upon cycling and thus increase the

amount of reversible lithium in a certain potential range.
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Figure 7. (a) Total charge+discharge capacity per umolpirec of either FEC (brown) or DiFEC (marine). (b) Number of
electrons per reduced additive molecule, obtained from 'F-NMR analysis. The error bars represent the standard deviation of
at least two independent repeat measurements.

Finally, we were interested, whether DIFEC shows a similar linear relation between the total
irreversible capacity and the amount of consumed additive, as recently reported for FEC by our
group.'®!2 Considering the absence of C;Hs mass traces in the gas analysis shown in Figure 2¢, and thus
the suppression of the EC reduction in presence of either FEC or DiFEC, we expect that despite a small
fraction of immobilized lithium that remains in the SiG electrodes, the irreversible capacity loss in the
FEC- and DiFEC-containing electrolytes originates almost fully from the decomposition of the
respective additive. Based on this premise, the total irreversible capacity can be converted into the
number of transferred electrons by using Faraday’s law, which amounts to 3.9-4.0 for both additives
(Figure 7b). Thus, four electrons are required to completely reduce either one FEC or one DiFEC
molecule. Using Faraday’s law again, the same number of electrons can also be expressed by a constant

ratio of the amount of reduced additive and the irreversible capacity, viz., 9.4 £ 0.4 pmolpirec mAh™ .
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In absence of other side reactions, this ratio allows to estimate the consumption of either FEC or DiFEC
based on the irreversible capacity loss and thus predict the cycle life of a silicon-based lithium-ion

battery with a given molar quantity of (Di)FEC in the electrolyte.
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Figure 8. (a) Coulombic efficiency and (b) delithiation capacity obtained from galvanostatic cycling of SiG//LFP coin-cells
with LP57 and different DiFEC concentrations, including 0.5 wt% DIiFEC (brown), 1 wt% DiFEC (blue), and 5 wt% DIiFEC
(marine). C-rate: 0.1 h'! during two formation cycles and 0.33 h'! during consecutive cycles; cut-off potentials: 0.01 and
1.25 V vs. Li*/Li. The dashed vertical lines indicate the forecasted depletion of DiFEC based on the ratio derived from YF-NMR
measurements (see Table II). The error bars represent the standard deviation of at least two independent repeat measurements.

Influence of the DiFEC concentration on the cycling stability of SiG electrodes.— To verify that
the suppression of the EC reduction is just a function of the absolute molar quantity of DiFEC in the
electrolyte, Figure 8 shows the cycling stability of the SiG electrodes in electrolytes with different
DIiFEC concentrations. The SiG//LFP cells (with an excess of active lithium) reveal a rapid capacity loss
that occurs earlier with a decreasing DIiFEC concentration in the electrolyte and is caused by the
depletion of DiFEC.'? In accordance with the constant ratio of the amount of consumed DiFEC and the
irreversible capacity of 9.4 + 0.4 pmolpirec mAh™';, the failure of the cells would be expected after an
irreversible capacity of 1.05 mAh;: cm? (0.7 wt% DIiFEC) and 2.09 mAhi. cm? (1.5 wt% DiFEC),
respectively. This agrees well with experimentally obtained capacity losses (see Table IT). In contrast,
the amount of DiFEC in the 5 wt% electrolyte is large enough to sustain a total irreversible capacity loss

of more than 6 mAhi, cm (= 62.35 pmolpirec / 9.4 pmolpirec mAhiy), therefore no rapid capacity loss
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could be detected within the first 200 cycles. A similar behavior was recently reported for FEC by

1.10 1.24

Jung et al.'” and Petibon et al.**, who demonstrated that the suppression of the EC reduction only lasts
as long as there is FEC present in the electrolyte. Therefore, we can conclude that DiFEC is similarly
consumed upon cycling and its depletion leads to a strong polarization due to reductive decomposition
of EC, which is followed by a sudden cell failure. In addition, the constant ratio of the molar quantity of

(D1)FEC per irreversible capacity of 9.4 + 0.4 pmolpiyrec mAhi, can thus be used to forecast the loss of

both FEC and DiFEC from the cycling data.

Table 1. Forecasted and measured irreversible capacity drop Qf{rrop as a function of the DiFEC concentration in the electrolyte.

DIiFEC concentration in LP57 Forecasted Q5 Measured Q3;,,
wt% umolpiec cm? mAh;, cm? mAh;, cm? # of cycles
0.7 9.32 1.05 1.10 25
1.5 18.44 2.09 2.15 65
5.0 62.35 6.63 - -
Conclusions

In the present study, we investigated EC, FEC, and DiFEC as electrolyte constituents for
SiG electrodes. By on-line gas analysis and differential capacity analysis we demonstrated that DIFEC
has a very similar reductive behavior on SiG electrodes like the widely used FEC, which involves (i) a
preferential reduction at a more positive potential than EC, (ii) the release of CO,, and (iii) the
consumption of in total four electrons per (Di)FEC molecule. Our results from galvanostatic cycling of
SiG electrodes vs. capacitively oversized LiFePOys electrodes revealed a significantly improved capacity
retention both for FEC- and DiFEC-containing electrolyte compared to EC, which we ascribe to the

release of CO; and the formation of a cross-linked polymeric SEI from FEC and DiFEC.

Notwithstanding these similarities, we also showed that DiFEC indicates notable differences
compared to FEC, including (i) an inferior passivation of the initial SEI, leading to a higher irreversible
capacity within the first cycles, (ii) a ~2.3 times higher initial CO, evolution, and (iii) a ~3 times larger
interfacial resistance after the first lithiation. SiG electrodes cycled in a DiFEC-containing electrolyte
and an excess of active lithium even showed a 7%-points higher capacity retention than FEC after
100 cycles. We related this improvement to a reduced loss of interparticle contact pressure due to the

higher fluorine content in the DIEFC decomposition products. Yet, an in-depth analysis revealed that
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the total charge+discharge capacity exchanged by the SiG electrodes per consumed mole of (Di)FEC is
the same. As a corollary, the higher reversible capacity was obtained at the expense of a higher
irreversible capacity, which suggests that for silicon-based lithium-ion batteries with a limited lithium
inventory DiFEC does not offer an advantage with respect to the cycling stability. Finally, we could
demonstrate by means of '’F-NMR analysis that in the absence of other side reactions the ratio of
9.4 + 0.4 umolpyrec mAh™i: can be used to estimate the consumption of either FEC or DiFEC based on
the irreversible capacity loss and thus predict the cycle life of a silicon-based lithium-ion battery with a

given molar quantity of (Di)FEC in the electrolyte.
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4 Conclusions

The overarching goal of this PhD thesis was to develop a more comprehensive and
quantitative understanding of the degradation phenomena of SiG anodes for
lithium-ion batteries. Figure 4.1 summarizes the investigated degradation
phenomena, the developed analytical techniques, and the evaluated strategies for

SiG anodes that were subject to this thesis.
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Figure 4.1 Graphical summary of the investigated degradation phenomena, the developed analytical
techniques, and the evaluated strategies for pristine (left) and aged (right) SiG anodes that were subject to this
thesis. The numbers in the blue boxes refer to respective sections in this thesis.

In the first part of this thesis, we aimed to separate and quantify the contributions
from different degradation phenomena of SiG anodes and thus derive implications
for practical lithium-ion batteries. Hence, we developed a pseudo full-cell
configuration consisting of a capacitively oversized LiFePOs cathode and an
FEC-containing electrolyte (Section 3.1.1).102 Using different active material ratios
and post mortem 1°F-NMR spectroscopy of the electrolyte solution, we identified
two major degradation phenomena in blended SiG anodes, which we described as
silicon particle degradation and electrode degradation. In a collaboration with the

group of Vasiliki Tileli at the EPFL (Lausanne, Switzerland) we discovered that the
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4 Conclusions

first phenomenon is independent of the active material ratio and can be ascribed to
dealloying reactions of the silicon nanoparticles upon repeated (de-)lithiation
(Section 3.1.2).132 Although nanoparticles were reported to be less prone to strain-
induced fracturing,1?21 we could demonstrate that they are still susceptible to
dealloying reactions, leading to a significant morphological degradation and to
increased irreversible capacity losses upon cycling. This reinforced concerns about
the applicability of silicon nanoparticles in commercial lithium-ion batteries,
emphasizing the need for alternative approaches. In contrast, the second
degradation phenomenon, which we ascribed to the electrode coating, was found
to be mostly driven by a loss of interparticle contact pressure, resulting in a decay
of the reversible capacity. Interestingly, we could demonstrate that this mechanism
depends both on the amount of electrically conducting graphite and the upper
cutoff potential. For the latter, we proposed an explanation based on theoretical
considerations that the relative surface area changes between end-of-charge and
end-of-discharge are more important than the often-cited volumetric changes. As a
corollary, operating silicon particles at higher state-of-charge leads to reduced
relative surface area changes (despite the same volumetric changes), which
coincides with a significantly improved coulombic efficiency.132 Our findings thus
explained a common observation made by other research groups, namely that
silicon electrodes show an improved cycling stability when the upper (delithiation)
cutoff potential is limited.173178187 This has an important implication for battery
management systems controlling the operating voltage range of practical lithium-

ion batteries with silicon-based anodes.

In the second part of this thesis, in a collaboration with the Physics Department and
the Heinz Maier-Leibnitz Zentrum (MLZ), we applied for the first time neutron
depth profiling as a powerful technique to monitor lithium concentration gradients
across silicon and graphite-based anodes. After successfully conducting the first
experiments at the newly installed N4DP experiment at the PGAA facility at MLZ,
we applied this technique for the first time to quantify the SEI growth across
SiG anodes over prolonged cycling up to 140 charge/discharge cycles
(Section 3.2.1).151 We validated the NDP results by a thorough post mortem analysis
of the same electrodes, inter alia by means of high-resolution SEM images. Thus, we
could demonstrate that the SEI growth in SiG anodes occurs uniformly across the

thickness of the electrode coatings, which indicated the absence of a dominating
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transport-limiting process and at the same time a uniform capacity utilization of the
silicon particles (Section 3.2.2).167 This supported our previous findings concerning
the degradation phenomena in SiG anodes and highlighted the need (i) to improve
the passivation of the silicon/electrolyte interface, and (ii) to develop a hierarchical
electrode structure that maintains good electron and lithium ion transport not only

across the thickness of the electrode but also between the silicon particles.

In the final part of this thesis, we evaluated three strategies to overcome the
challenges associated with silicon-based anodes. In a collaboration with the
Volkswagen Varta Microbattery Forschungsgesellschaft mbH on SiG//NMC811
full-cells featuring a capacitively largely oversized SiG anode, we showed that the
comparatively high lithiation potential of ~0.2 V vs. Li*/Li of silicon results in an
upward shift of the upper cutoff potential of the NMC811 cathode (Section 3.3.1).22°
At potentials above 4.3 V vs. Li*/Lij, this shift led to the release of oxygen from the
NMC811 lattice followed by a rapid increase in the cell impedance. Nevertheless,
our results also indicated that the average lithiation potential can be lowered by
prelithiation of the SiG anode which mitigates the risk of oxygen release during
voltage slippage of the NMC811 cathode. Further, we showed that the excess of
cyclable lithium results in an improved capacity retention of the SiG//NMC811
cells, demonstrating a residual specific energy of ~340 Wh kg1 (normalized to the
mass of both electrodes) after 250 cycles at 45°C. This value matches state-of-the-
art graphite//NMC622 cells with an upper cell cutoff voltage of 4.4 Vcen after
250 cycles at 25°C.

In the second strategy, we evaluated lithium oxalate in combination with high-
voltage spinel cathodes as capacity enhancer in SiG//LNMO and graphite//LNMO
full-cells (Section 3.3.2).222 By on-line gas analysis, galvanostatic cycling, and
post mortem 19F-NMR spectroscopy we could demonstrate that lithium oxalate is
oxidized around 4.7 Vvs. Li*/Li to form quantitative amounts of CO2z. Full-cells
featuring LNMO cathodes with either 2.5 or 5 wt% lithium oxalate showed an
improved capacity retention, whereby the effect was even more pronounced with
SiG anodes. Further, we could demonstrate that COz acts as an effective additive for
the passivation of SiG anodes, which has a synergistic effect with the commonly
used FEC. Yet, our measurements also revealed that in spite of the improved
coulombic efficiency, both additives are continuously consumed during charge-

discharge cycling, leading to a rapid cell failure upon their depletion.222
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In our final study, we evaluated di-fluroethylene carbonate (DiFEC) as alternative
electrolyte additive for silicon-based electrodes to the commonly used FEC
(Section 3.3.3).236 In a comparison of EC, FEC, and DiFEC by means of an on-line gas
analysis and 1°F-NMR spectroscopy, we could show that both fluorinated EC-
derivatives follow a similar reduction mechanism which differs considerably from
the one of EC. While the reduction of EC results in the formation of ethylene, the
reduction of FEC and DiFEC consumes four electrons, yielding gaseous CO2 and a
vinoxyl radical. Yet, when cycled in presence of a capacitively oversized LiFePO4
cathode, our SiG anodes revealed a higher capacity retention with DiFEC compared
to FEC. We explained this phenomenon by a reduced loss of interparticle contact
pressure due to the higher fluorine content in the electrolyte decomposition
products. Nevertheless, considering the capacity exchanged by silicon per mole of
consumed additive, which is a measure for the passivation at the silicon/electrolyte
interface, we could finally demonstrate that there is no gain compared to FEC. As a
corollary, DiFEC shows favorable cycling stability in half-cells with an excess of
lithium but offers no advantage to improve the cycle life of practical lithium-ion full-

cells.

This PhD thesis has demonstrated that silicon is indeed a promising anode active
material for future high-energy lithium-ion batteries. However, the realization of its
theoretical advantage over graphite requires to rethink the use of lithium-alloys
and to develop a more comprehensive understanding of their (de-)lithiation
chemistry as well as the underlying aging mechanisms. Our investigations have
shown that despite of more than 30 years of research on alloy materials, there is
still room for insights and alternative solution concepts. Both are urgently needed
to address the two major challenges of silicon-based electrodes which still remain:
(i) the stabilization of the silicon/electrolyte interface and (ii) the design of alloy-
based electrodes that can cope with the morphological changes and maintain good
electron and lithium ion transport properties even upon prolonged cycling. Because
of the complex nature of alloy materials, this PhD thesis encourages future studies
to focus on experimental approaches that allow to derive implications for
application-relevant lithium-ion batteries. This will ensure to realistically evaluate
the gap between the theoretical and the practical performance of alloy-based
electrodes and thus support the development of a sustainable advantage compared

to state-of-the-art insertion materials like graphite.
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